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A New Program For 
Publications of the Metallurgical Society 


e In the accompanying editorial, William J. Harris, Jr., Chairman-Elect of the Institute of Metals 
Division, explains the new publication policy of The Metallurgical Society. The report of the 
Publications Committee is the result of a year-long study; one of the thorny problems was to 
solve the financial dilemma of attempting to publish more papers on scientific and engineering 
research than revenues from dues, subscriptions, and advertising will permit. 

© The solution—to publish these papers as a separate publication, TRANSACTIONS OF THE METAL- 
LURGICAL Society oF AIME, at a subscription price of $5.00 per year to members and $20.00 per 
year to nonmembers, was approved by the Board of Directors of The Metallurgical Society on 
November 6, and by the Board of Directors of AIME on November 20. You will note that Trans- 
actions are not included in this issue of JouRNAL OF METALS, but that more space 1s devoted to 
articles of a general nature. The first issue of the new Transactions Journal will appear in Feb- 
ruary, and thereafter on a bimonthly basis. Your subscription is invited. : 

® Participating in the decisions of the Publications Committee were J. S. Smart, Jr., Chairman; 
from IMD—W. J. Harris, Jr., J. H. Hollomon, G. A. Roberts; from ISD—John Chipman, Gerhard 
Derge, G. R. Fitterer; from EMD—S. J. Dickinson, H. H. Kellogg, and P. T. Stroup. 


by William J. Harris, Jr. 


Publications are the essence of 
the technical contribution of The 
Metallurgical Society. Creation of 
opportunities for authors and mem- 
bers to keep abreast of new devel- 
opments in all areas of interest to 
metallurgists is the long-range ob- 
jective of the publication policy of 
the Society. 

Recognizing the greater oppor- 
tunity for service offered by the re- 
organization of AIME, the President 
of The Metallurgical Society in- 
structed the Publications Committee 
to recommend a new publications 
policy consistent with current needs 
and capabilities. Intensive study of 
the problem ensued. There was early 
agreement that publications should 
present material in the fields of pro- 
fessional interests, metal science and 
metal engineering. Expansion of 
space for information dealing with 
the engineering aspects of the pro- 
duction, fabrication, and utilization 
of metals was a principal objective 
of the new policy. Proposals were 
offered by the divisions of the So- 
ciety and by members of the Com- 
mittee and of the Society for media 
that would satisfy these needs. 

Serious consideration was given 
to a proposal that there be three 
journals, one dealing with each of 
the three fields: professional inter- 
ests, science, and engineering. How- 
ever, in recognition of the desire of 
many members to have science and 
engineering technical papers com- 
bined, and in recognition of the need 
for a scheme that appeared consist- 
ent with our financial capabilities, a 
program of publication based on two 
journals was finally accepted. One 
of these journals will be the Jour- 
NAL OF METALS. Material presented 
in this journal will be controlled by 
a professional editor on the staff of 
the Institute. Subject matter will in- 
clude papers on professional and 
economic subjects, review and sum- 


mary articles in metal science and 
engineering, abstracts of technical 
papers to be presented at regular 
meetings of the Society, and discus- 
sions of the broad problems of con- 
cern to all members of the Society. 

The second journal will be called 
TRANSACTIONS OF THE METALLURGICAL 
Society oF AIME. In this journal 
will be presented technical papers 
on subjects in the fields of metal 
science and metal engineering. The 
technical papers presented for pub- 
lication will be reviewed by the 
technical review committees of the 
three divisions in The Metallurgical 
Society: EMD, ISD, and IMD. The 
general operations will be handled 
by an editor serving on a part-time 
basis. 

The program of publication and 
distribution adopted for the imme- 
diate future includes a change in 
the distribution pattern and in the 
charges for the publications. All 
members will receive with their 
membership the JOURNAL OF METALS, 
a monthly publication. On payment 
of an additional $5.00 per year, they 
will receive the TRANSACTIONS OF THE 
METALLURGICAL Society oF AIME on 
a bimonthly basis. Bound volumes 
will be available after the end of the 
year for $5.00. Accordingly, the pro- 
gram contemplated will give mem- 
bers two journals and several hun- 
dred more pages than they presently 
receive, for a cost approximately 
equivalent to the present cost of 
membership and the cost of perma- 
nent binding of the Transactions. 

Rates for nonmembers are being 
substantially increased. While a 
charge of $8.00 will be continued for 
a subscription to the JOURNAL OF 
METALS, a charge of an additional 
$20.00 will be made for a subscrip- 
tion to the TRANSACTIONS OF THE 
METALLURGICAL SocrrEty or AIME. 

While the new publication policy 
is being launched—the first issue of 


EDITORIAL 


TRANSACTIONS to appear in February, 
1958—the Metals Research Publica- 
tions Fund will be continued to ab- 
sorb such losses as may ensue, dur- 
ing the first year or two of opera- 
tion. Projections indicate that the 
new publications policy will probably 
result in a publications program 
that is financially self-sufficient. 

The Metallurgical Society is cog- 
nizant of its great responsibility to 
provide a service to all American 
metallurgists. In the past, emphasis 
has been on metal science, with 
some material presented on profes- 
sional matters, and only a limited 
amount on metals engineering, par- 
ticularly the fabrication and utiliza- 
tion of metals. The new publication 
policy was arrived at as the most 
effective means of providing in- 
creased services, especially in the 
field of metallurgical engineering, 
with journals that have great po- 
tential for operating with no deficit. 

The Metals Branch and its pre- 
decessors within AIME have under- 
gone, during the past ten years, a 
number of changes in publications 
program; none of these changes was 
based on as thorough and detailed a 
study as has resulted in the present 
program, but each of the changes 
has been made for the purpose of 
increasing services to members. The 
new policy recognizes the new sta- 
tus of the Society and has been 
adopted with recognition of as many 
points of view as were reflected by 
participants in the planning and ap- 
proval of the program. The Board 
of Directors of the Society sincerely 
hopes that the new policy will pro- 
vide greater service to members, 
and will eliminate the continuing 
deficit. Comments, suggestions, and 
criticisms are always welcome, and 
should be addressed to the Secretary 
of the Society, Robert W. Shearman, 
at the New York headquarters. 
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FOREWORD 


W ITH this first issue of TRANSACTIONS OF THE MET- 
ALLURGICAL SocieTy OF AIME, the new program for 
publications of The Metallurgical Society becomes a 
reality. It is our plan that this magazine provide a 
prompt and accurate medium for publication of re- 
ports of significant new research in both the scientific 
and engineering aspects of metallurgy. Between the 
covers will be found papers from all three divisions of 
The Society; since the science of metals is basic to all, it 
is hoped that ideas originating from one division will 
provide inspiration and answers to problems of mem- 
bers of the other divisions. To facilitate referencing of 
Transaction papers, the series of volume numbers will be 
maintained. Thus, this first issue is Volume 212, No. 1. 


John C. Kinnear, President 
The Metallurgical Society of AIME 


ree 


Objectives 
of 
The Metallurgical Society 


(Bylaws, Art. 1, Sec. 2) 


The object of the Society is to promote the advancement 
of metallurgical knowledge and the advancement of the 
metallurgical profession as a whole by: 


a. Providing a medium communication and cooperation 
among those interested in any phase of theoretical and ap- 
plied metallurgy, including those advancing, practicing, 
learning, or otherwise primarily concerned with the science, 
engineering, economy, or technology of the metals industry 
(both producers and consumers). The major metallurgical 
fields encompass particularly the understanding and know- 
ledge of metal behavior, the manufacturing practice for ex- 
tracting, refining, and fabricating metals, and the develop- 
ment and application of metals and their alloys. 


b. Providing an organization to represent the metallurgists 
and metallurgical engineers on matters pertaining to educa- 
tion, and to encourage and advance education in the broad 
field of metallurgical science and engineering. 


c. Dissemination of metallurgical knowledge by the holding 
of professional meetings, and by the preparation, presenta- 
tion, discussion, and publication of technical papers. 


d. Promoting high standards in the profession of metallurgi- 
cal engineering. 


| 
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Solid Solution Hardening 


Evidence is presented which confirms previous findings that models of solution 
strengthening depending solely on lattice parameter changes are incomplete. Direct 
evidence for the Suzuki interaction of chemical effects was obtained from alloys with 
constant lattice parameter, for which solution strengthening was nearly independent 


of temperature from 300° to 20°K. 


by W. R. Hibbard, Jr. 


OLUTION hardening principles have been re- 

viewed recently by Parker and Hazlett.’ In addi- 
tion, the interactions of dislocations and solute 
atoms were reviewed by Cottrell.’ It is not proposed 
to review this information again here, but to refer 
only to those details which are pertinent to the 
developments which have occurred since these 
papers were published. 


Literature Survey 

To set the stage, it has been known for some time 
that solid solutions are stronger than the pure 
parent metals, and that the strength increases with 
increasing amounts of alloying element. One of the 
most extensive earlier investigations was that of 
Lacy and Gensamer,’ who reported that the solid 
solution strengthening of iron is a power function 
of the composition, that the relative strengthening 
is a function of the solubility limit, and that the 
rate of strain hardening is a function of the amount 
of solution hardening. Thus, the slope of the plastic 
portion of the stress-strain curve increases with in- 
creasing yield strength. 

An approach to the development of principles re- 
sulted from work by Gulyeav,* who reported that 
the strengthening effect of solid solution alloys is 
periodic in character when plotted as a function of 
the atomic number of the solute. 

A more quantitative approach was to relate the 
amount of solution hardening to the lattice param- 
eter of a solid solution. This was done quite early 
by Norbury,’ and later by Brick, Martin, and 
Angier,’ Frye and Hume-Rothery,’ and French and 
Hibbard.® This relationship is only approximate in 

character. 

The next development was to relate the amount 
of solution hardening to lattice stress, as proposed 
by Frye and co-workers.’ They calculated what they 
called ionic overlap from the lattice parameter 
changes represented as a change in volume, using 
Bridgman’s hydrostatic compression equation. The 
resulting correlation was somewhat improved as 


W. R. HIBBARD, JR., Member AIME, is associated with Re- 
search Laboratory, General Electric Co., Schenectady. 
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compared to the simple correlation with lattice 
parameter. 

The next step was carried out by Dorn, Pietrow- 
sky, and Tietz,” who suggested an effect of valence 
differences in addition to the effect of lattice param- 
eter. Their proposed parameter shows flow stress as 
a single valued function of the concentration and a 
relationship involving these two atomic variables. 
In addition, they contributed new data on the tem- 
perature dependence of solution hardening which 
indicated that it was a strong function of temper- 
ature for aluminum alloys. 

Allen, Schofield, and Tate” carried the valency 
effect even further by reporting data indicating that 
with a given solvent element the stress-strain curve 
is a function of electron density, entirely neglecting 
the size factor, which varied by a factor of two. 
This evidence led to a quantum mechanical calcu- 
lation by Cottrell, Hunter, and Nabarro,” based on 
the formation of a dipole around an edge disloca- 
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Fig. 1—Logarithmic plot of solution strengthening as a 
function of lattice parameter change (after Linde and 
Edwardson).™ 
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Fig. 2—Stress-strain curves for constant lattice parameter 
alloys at 299°K. 


tion, which indicated that the electrical or valency 
interaction should be only about one third to one 
seventh as strong as the effect due to elastic lattice 
distortion, i.e, lattice parameter. Interestingly 
enough, this factor of seven agrees with the dispos- 
able parameters in the relationship proposed by 
Dorn and his co-workers.” 


Suzuki,” in his proposed chemical mechanism of 
solution hardening, indicated that the presence of 
an extended dislocation in a face-centered-cubic 
structure caused a hexagonal region with different 
solute solubility than the surrounding face-cen- 
tered-cubic material. The heterogeneous distribu- 
tion of the solute atoms would result in a hardening 
atmosphere similar to the Cottrell atmosphere in 
body-centered-cubic metals. Suzuki quoted the re- 
sults of Allen, Schofield, and Tate” as indicating 
that the relative free energy of the solute in the 
stacking fault region as compared to the surround- 
ing matrix is a function of the electron-atom ratio. 
Suzuki also pointed out that this chemical interac- 
tion should be considerably less than the lattice dis- 
tortion interaction. This interpretation of Allen, 
Schofield, and Tate’s data was not included by Cot- 
trell.” It is singularly interesting, however, to note 
that the most useful empirical basis for designing 
solid solution alloys at this particular time is by the 
use of electron concentration. 

The next step was the interesting experimental 
program of Linde and Edwardson,“ who determined 
stress-strain curves of single crystals in a large 
number of solid solution alloys and measured the 
change in the extrapolated critical resolved shear 
stress as a function of composition for eight differ- 
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Fig. 3—Yield strength (e— 0.005) of constant lattice param- 
eter alloys asa function of temperature. 


ent solute elements in copper. They interpreted 
these results as being a squared power function of 
the change in lattice parameter, in agreement with 
the theory proposed by Mott and Nabarro,” involv- 
ing the model of the dislocation line being plucked 
by solute atoms. 

These data, inserted in Mott and Nabarro’s for- 
mula, however, led to the calculation of an improper 
value for the shear modulus of copper, in error by a 
factor of 100. Actually, if a curve is fitted to Linde’s 
data by a least squares technique, Fig. 1, it is found 
that the exponent is actually one rather than two. 
With this correction the value calculated for the 
modulus is in error by a factor of ten. A value of 
4/3 for the exponent is consistent with Mott’s more 
recent version of this theory.” 

This approach of assuming only the size factor 
as being important ignores the electrical and chem- 
ical factors as well as the geometrical factor pro- 
posed by Fisher” based on short-range order. Such 
an approach is valid only if the other three effects 
are exceedingly small. In addition, this approach 
assumes that the dependence of the critical resolved 
shear stress and the lattice parameter on composi- 
tion is independent of composition, both of which 
are probably in error. In fact, if, from Linde’s data, 
the compositions of alloys having the same lattice 
parameter are calculated and then his strength- 
composition data are interpolated, it is found that 
these alloys do not have the same critical resolved 
shear stress. 

Experimental Results 

To test the lattice parameter model, a series of 

four copper alloys were processed into polycrystal- 


Table |. Experimental Results 


Lattice Electron- 
Allo Analysis Grain Size Parameter, Atom 
No. Element Wt Pct Atomic Pct Mm Treatment ao Ratio 
Cu 95.9 90.85 475°C—% hr, 
1D Al 41 9.15 0.006 argon +5004 
2B Cu 92.2 93.13 0.007 450°C—¥% hr, 3.638 1.21 
Ge 7.8 6.87 argon 0.0005 
3 Cu 91.7 92.32 0.006 475°C— hr, 3.636 1.15 
Ga 8.4 7.68 argon +0.001 
88.9 89.17 0.008 475°C—1, hr, 3.639 
n 10.83 x argon +0.001 
Cu Cu 99.999 0.012 250°C—1 hr, 3.615 1.00 . 


alr 


* From Carreker and Hibbard. 
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Fig. 4—Solution strengthening as a function of strain at 
room temperature. 


line tensile specimens having constant grain size 
and constant lattice parameters, as shown in Table 
I. These alloys have various electron-atom ratios 
and were carefully processed to avoid any preferred 
orientation. Stress-strain curves were determined 
as a function of temperature, a typical example be- 
ing shown in Fig. 2 at room temperature. The effect 
of temperature on yield strength («= 0.005) is 
shown in Fig. 3. There is little effect of temperature 
on the amount of solution hardening, in agreement 
with the prediction of the Suzuki mechanism. In 
contrast, Sherby, Anderson, and Dorn” found a 
large effect in aluminum alloys. The difference be- 
tween the copper and aluminum alloys may result 
from the difference in the degree to which the dis- 
location is extended. Estimates are: copper, 30 to 
50A; and aluminum, <10A. 

The difference between the stress for the alloys 
and for pure copper is plotted as a function of strain 
at room temperature in Fig. 4. Note that in all the 
alloys except the germanium alloy there is a region 
of easy flow. This easy glide region occurs in tests at 
all temperatures investigated, as would be predicted 


by Suzuki.“ In addition, the amount of solution - 


hardening is essentially independent of temperature 
from room temperature down to 20°K, as indicated 
in Fig. 5. At these temperatures, diffusion is inef- 
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Fig. 6—Yield strength of constant lattice parameter alloys 
as a function of valency difference between solvent and solute 
element. 
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Fig. 5—Solution strengthening of constant lattice parameter 
alloys as a function of temperature; Ao is the difference 
between. yield strength of copper and the alloy at tem- 
perature. 


fective and thermal vibrations are too small to 
break loose the Suzuki extended dislocations. At 
673°K, where diffusion becomes effectual, the 
amount of solution hardening decreases. These re- 
sults are considered as direct evidence for the Su- 
zuki mechanism. The small amount of temperature 
dependence is consistent with the small variation 
in the temperature dependence of the modulus with 
composition and the temperature dependence of the 
modulus of copper.” * 

These data clearly indicate that the theory of 
Mott and Nabarro” or any other relationship which 
depends solely on lattice parameter is not complete, 
since there is a significant difference in both the 
yield strengths and flow curves of these alloys which 
have the same lattice parameter. These data are 
plotted as a function of the valency difference of 
the elements involved in Fig. 6, as suggested from 
the electrical interaction energy calculation of 
Cottrell, Hunter, and Nabarro,” or the empirical 
parameter of Dorn et al.” The agreement is only 
qualitative. The yield strength as a function of 
electron density is shown in Fig. 7 as suggested by 
Suzuki® for the chemical effect. The data fall sur- 
prisingly well on a straight line. 

To test the electron density hypothesis further, a 
series of copper-base alloys with constant electron- 
atom ratio were made by similar procedures. The 
results of tensile tests at room temperature indicate 
that when the -electron-atom ratio is the same, Fig. 
8, the alloys may have the same yield strength, but 
not necessarily the same flow curve, Fig. 9. Electron 
density is a fairly insensitive parameter, as noted 
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Fig. 7—Yield strength of constant lattice parameter alloys 
as a function of electron-atom ratio at 299°K. 
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Fig. 8—Stress-strain curves of Cu-Al and Cu-Ga alloys with 
nearly the same electron-atom ratio at 299°K. 


in Fig. 8. Two of these alloys, having the same yield 
strength and solutes of the same valence, have 
nearly the same electron-atom ratio, although they 
are off-composition by 0.5 pct. Another problem, of 
course, results when a solute element is added which 
does not change the electron concentration, such as 
silver to copper. Here, however, there is a large 
effect of lattice parameter change. In addition, it 
is probable that there is still a Suzuki effect, de- 
pending on the relative propensity for the hexa- 
gonal structure of two atoms with the same valence. 
The accumulation of data for the yield strength as 
a function of electron density, however, falls into 
a remarkably smooth curve, as shown in Fig. 10, 
particularly for those alloys which have the same 
lattice parameter. 

Ainslie, in the General Electric Research Labora- 
tory,” has attempted to design copper-base solid 
solution alloys having precisely the same yield 
strength, and to look at these in retrospect. This 
proposal resulted from an analysis of Linde and 
Edwardson’s data“ in which alloys with a constant 
critical resolved shear stress were selected from 
their curves by interpolation. It was found that, 
unlike the proposal of Meyer,” the calculation of 
Mott and Nabarro,” and even Linde and Edward- 
son’s“ interpretation, alloys with the same critical 
resolved shear stress do not have the same lattice 
parameter. 

The alloys designed by Ainslie were again poly- 
crystalline in character and processed so as to have 
a small, constant grain size and no preferred orien- 
tation. The data presented are results of multiple 
tensile tests at room temperature, and four o limits 
of error are indicated on the charts. The results are 
shown as the difference in stress between pure 
copper and the alloys as a function of strain to 
magnify the stress coordinate. The three alloys hav- 
ing the same yield strength are shown in Fig. 11. 
It is interesting to note that these alloys have nearly 
the same electron density (Cu-Zn, 1.084; Cu-Al, 
1.078; and Cu-Si, 1.080) but not the same lattice 
parameter (Cu-Zn, 3.6332; Cu-Al, 3.6239; and Cu- 
Si, 3.6145A). It should also be noted that the flow 
curves are essentially parallel beyond a strain of 
about 0.10, but separated as a result of differences 
in the extent of yielding region. The yielding is 
probably associated with pulling the dislocations 
away from solute atmospheres. The strain at which 
this occurs appears to be a function only of the type 
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Fig. 9—Stress-strain curves of Cu-Zn and Cu-Si alloys with 
the same electron-atom ratio at 299°K. 


of solute element and not of the amount, as shown 
in Fig. 12 as compared to Fig. 11. The large effect 
of the type of solute element on the strain required 
to pull dislocations from their solute atmospheres 
fits the Suzuki-type interaction. The stress required 
for yielding is a function of both the amount and 
type of solute element, as expected. 


Summary 
1) Evidence is presented which confirms the pre- 
vious findings that models of solution strengthening 
depending solely on lattice parameter changes are 
incomplete. 


2) Direct evidence for the Suzuki interaction of 
chemical effect was obtained from alloys with con- 
stant lattice parameter, for which solution strength- 
ening was nearly independent of temperature from 
300° to 20°K. 


3) For alloys with constant lattice parameter, 
solution strengthening can be correlated empirically 
with electron-atom ratio. Suzuki® has interpreted 
this type of correlation as support for his ideas. 


4) Solid solution alloys with a constant yield 
strength show a region of easy flow which indicates 
that the strain at which dislocations break away 
from their solute atmospheres depends primarily on 
the type rather than the amount of solute element. 
This observation also fits the Suzuki model. 
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Fig. 10—Yield strength as a function of electron-atom ratio 
at 299°K, 
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Fig. 11—Solution strengthening curves for Cu-Si, Cu-Al, and 
Cu-Zn alloys with the same yield strength (from Ainslie)” 


At the Lake Placid Conference on Dislocations 
and Mechanical Properties in the summer of 1956, 
both H. Suzuki and R. W. Honeycombe reported a 
large temperature dependence of solid solution hard- 
ening in single crystals of copper alloys as measured 
by critical resolved shear stress. These results were 
interpreted as Cottrell type pinning of extended dis- 
locations. The difference between single crystal and 
polycrystalline behavior is believed associated with 
the size of the initial dislocation network (small in 
polycrystals), the amount of simple slip involved 
in the measurement (yield strength in polycrystals 
involved extensive multiple slip), and the effect of 
solute elements on this dislocation interaction. 
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Fig. 12—Solution strengthening curves for Cu-Al alloys with 
different yield strength (from Ainslie).*” 
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Technical Note 


Alpha Phase in Eutectoid Cu-Al Alloys 
by R. Haynes 


O* the basis of compositional changes of « phase 
observed in a eutectoid Cu-Al alloy’ it has been 
suggested that mechanisms for the decomposition 
of the 6 phase proposed by earlier workers** were 
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incorrect. These data’ are reinterpreted in conjunc- 
tion with lattice parameter data obtained on an 
alloy containing 12.2 pct Al, whose isothermal trans- 
formations have been reported elsewhere.’ 

The a Lattice Parameters of a 12.2 Pct Al-Cu Al- 
loy—Diffraction patterns of completely transformed 
specimens were obtained in a back reflection cam- 
era using copper Ka radiation. Lattice parameters of 
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Table |. Lattice Parameter Values for a Phase in Completely 
Transformed 12.2 Pct Al-Cu Alloy Specimens 


Isothermal Lattice 
Transformation Parameter 
Temperatures, °C Condition at 20°C, A 

560 Quenched and annealed 3.6570 

550 Quenched and annealed 3.6568 

534 Quenched and annealed 3.6568 

500 Quenched and annealed 3.6572 

500 Slowly cooled 3.6574 

450 Quenched and annealed 3.6575 

400 Quenched and annealed 3.6572 

400 Quenched and annealed 3.6575 

400 Slowly cooled 3.6581 


the a phase were calculated from the (420) Ka 
reflections for which 9 was about 70°, no correction 
being made for absorption errors. The relative ac- 
curacy of the parameters was estimated to be 
+0.0007A. 

Specimens quenched from the transformation tem- 
perature gave very diffuse diffraction patterns and 
it was necessary to place the specimens in furnaces 
at their transformation temperatures and furnace 
cool to obtain sharp diffraction patterns. For com- 
parison, a few specimens were transformed and 
cooled directly under the same conditions. 

Table I lists lattice parameter values for a, which 
was in equilibrium with y., for transformation tem- 
peratures between 560° and 400°C. Over this range 
of temperature no significant variation in the lat- 
tice parameter of the a phase and, hence, of its com- 
position, occurred. 

Aging—Lines representing the variation with 
transformation temperature of the composition of 
pro-eutectoid a (A) and the average composition of 
a after eutectoid formation, i.e., pro-eutectoid «a + 
eutectoid a (B) in specimens isothermally trans- 
formed in the temperature range between 500° and 
400°C and aged for eight years at room tempera- 
ture have been presented, see Fig. 3 of Ref. 1. Curve 
A was a straight line, aluminum content increasing 
from about 7 pct at 500° to 8.4 pct at 425°C, while 
curve B, lying at higher aluminum contents, ran 
from 7.6 pct Al at 500° to a maximum of 8.7 pct Al 
at 425°, and then decreased to 8.6 pct Al at 400°C. 
Also, it was demonstrated that with pro-eutectoid a 
formed at 450°C, a considerable decrease in alumi- 
num content, 1.2 pet, had occurred on aging.’ This 
indicated that curve A had moved to lower alumi- 
num contents during aging but, in general, curve 
B would not move to the same extent, perhaps not 
in the same sense, because in the first case a was 
tending to equilibrium with #’ and in the second 
case with y,. Thus, it seemed probable that curves A 
and B had changed their relative positions during 
aging and, when freshly formed, pro-eutectoid a 
was richer in aluminum than eutectoid a. Experi- 
mental evidence for this has been found® in the 
growth of eutectoid y. plates into pro-eutectoid a 
at 400°C, causing coring in the « and resulting in 
the disappearance of about half the pro-eutectoid 
a originally present. Thermodynamic considerations 
support this interpretation. 

Temperature—a Composition Curves—Pro-eutec- 
toid a became richer in aluminum with decrease in 
transformation temperature, but in the 12.2 pct Al 
alloy, the composition of eutectoid « remained con- 
stant. Also, the amount of pro-eutectoid a in com- 
pletely transformed specimens, containing 12.2 pct 
Al, was greatest near 450°C.5 Accepting the con- 
clusion that freshly formed pro-eutectoid a is richer 
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in aluminum then eutectoid «, an approximate 
curve of average a composition for completely 
transformed specimens (eutectoid a + pro-eutec- 
toid a) could be calculated, assuming no loss of 
aluminum by diffusion to y. in the eutectoid. Since 
X-ray diffraction patterns are a measure of the 
mean lattice parameter, this curve should corre- 
spond qualitatively to curve B, as was found. On the 
other hand, if the pro-eutectoid a was less rich in 
aluminum than eutectoid a, as suggested,’ the cur- 
vature would be reversed. 

Metastable Equilibrium Below the Eutectoid Tem- 
perature—If the a/(a +8) phase boundary in the 
Cu-Al system’ is extrapolated below the eutectoid 
temperature, at 450°C a in equilibrium with £B is 
richer in aluminum than a in equilibrium with y. by 
nearly 0.5 wt pet. However, the 6 to #; transforma- 
tion occurs above 450°C, and it has been predicted’ 
that « in equilibrium with #, will be a little less rich 
in aluminum than a in equilibrium with 8. A differ- 
ence of 0.4 wt pct Al was found,’ which is in excel- 
lent agreement with the value estimated from the 
equilibrium diagram. 

Solubility of Aluminum in a Phase at Low Tem- 
peratures—In the temperature range between 560° 
and 400°C, the aluminum content of @ in equilib- 
rium with y, remained constant, but the aging effect 
at room temperature suggested that it may decrease 
at lower temperatures. The identification of a new 
phase, believed to be formed peritectoidally below 
400°C,’ supported this suggestion. This trend in a 
composition is analogous to that in the Cu-Sn and 
other copper base systems. 

Changes in £’ During Isothermal Transformation 
—The d-spacing of §’, formed on quenching after 
transformation at 450°C, decreased with transfor- 
mation time, its minimum value being reached in 
about 45 sec, see Fig. 4 of Ref. 1. This change in the 
d-spacing of 8’ was claimed to indicate that alumi- 
num atoms diffused from £ or f, into a prior to B 
or f, transforming to £’. However, this cannot be the 
case, since a began to precipitate only at about 40 
sec, see Fig. 2 of Ref. 1 and Ref. 3, by which time 
the change in the d-spacing of $’ was almost com- 
pleted. Also, the initial precipitation of a, partic- 
ularly if it was aluminum poor, as was claimed,’ must 
have been accompanied by an increase in the f” 
d-spacing. In the 12.2 pct Al alloy precipitation of 
pro-eutectoid a occurred over a period of 1 hr at 
450°C* and during this period aluminum atoms must 
continually have diffused to #,, thus increasing its 
d-spacing. Hence, the change in d-spacing cannot 
be attributed to diffusion of aluminum atoms to 
aluminum-poor a. A possible reason is the 6 to B, 
transformation, which went to completion within 
30 to 60 sec at 450°C in the 12.2 pct Al alloy.’ 
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Graphite As A High Temperature Material 


___ The high temperature physical properties of graphite are reviewed and interpreted 
in the light of present day knowledge of the mechanisms affecting these properties. The 
thermal and mechanical behaviors only are discussed and, whenever possible, compari- 
sons are made with other refractory materials. Possible further studies are indicated, 


including some carbide work. 


by John E. Hove 


Ac long as the term high temperature implied 


only temperatures up to about 1000°C, the 
materials problems which arose could usually be 
handled by fairly conventional metal alloy types, 
such as the Co-Cr-Ni superalloys, for which there 
exists a great deal of technology. Perhaps this 
temperature can still be considered an upper limit 
for normal applications, but it is certainly true that 
the number of abnormal applications is increasing 
rapidly. The advent, in recent years, of ram-jet and 
rocket missiles and of high power nuclear reactor 
heat sources has raised a host of questions concern- 
ing the basic problem of what material to use in 
the temperature range up to 2000°C and higher. 
While there are, of course, many metals, in the 
second and third transition series, which melt at 
considerably higher temperatures than this, these 
metals are, at present, pretty well excluded from 
practical use by other considerations, such as re- 
crystallization, chemical activity, or excessive plas- 
tic deformation. The behavior of metals, from the 
standpoint of dislocation theory, is just beginning 
to be understood and thus there is some hope for the 
future development of very high temperature 
metals, but the immediate problems would most 
logically appear to have solutions involving the 
nonmetals, such as the refractory ceramics and 
graphite. For this reason, there is presently a great 
deal of engineering and experimental research be- 
ing performed on the latter materials, much of this 
research being exploratory in the sense of gather- 
ing new property data. 

The situation, so far as graphite is concerned, is 
somewhat more fortunate than with the other re- 
fractory solids in the sense that a great deal is 
already known about its basic properties. This stems 
both from the fact that the carbon-carbon bond has 
been of interest to chemists for a long time (and 
graphite can be considered as a very large aromatic 
molecule, if desired) and the fact that its properties, 
both as a function of temperature and of radiation 
damage, are of critical importance to nuclear reactor 
designers. It is still true, of course, that such funda- 
- mental questions as why graphite remains solid to 
such a high temperature and why it has such a high 
thermal conductivity cannot entirely be answered 
at the present time. It is, nonetheless, meaningful 
and instructive to consider such problems in the 
light of existing knowledge. This is what the present 
paper will attempt to do. 
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~ Before going on, it may be appropriate to classify 


graphite and justify its discussion before readers 
primarily interested in metals. Graphite is compara- 
tively unique among materials in that there is 
always a property or group of properties which pre- 
cludes calling it either a metal, a semiconductor, or 
a ceramic. It has the high electrical and thermal 
conductivities of a metal, but the artificial, poly- 
crystalline types show a negative thermal coefficient 
of electrical resistivity, generally characteristic of 
semiconductors. On the other hand, semiconduc- 
tors, by definition, show an ever increasing resis- 
tivity as the temperature is lowered, whereas 
graphite approaches a finite, and, indeed, a rather 
low resistivity in the region of 10°K and, further- 
more, a good single crystal of graphite has a posi- 
tive temperature coefficient, as for a metal.* On still 
another hand, its porosity and brittleness at lower 
temperatures would put graphite in the ceramic 
class although, unlike most ceramics, it is readily 
machinable and has a high resistance to thermal 
shock. All things considered, it is probably more 
nearly appropriate to call graphite a metal than 
anything else. 

Although certainly outstanding in some ways, 
graphite has its peculiarities and, especially if the 
reader is unfamiliar with the data, it is probably 
valuable to review some representative property 
variations at high temperature. This review is meant 
to be mainly illustrative and no attempt has been 
made to be exhaustive. i 


Review of High Temperature Properties 

At ordinary pressures, graphite does not melt, 
but sublimes directly into the gaseous phase at 
about 3700°C. Although the phase equilibrium dia- 
gram is still in some doubt, graphite will melt, at 
a slightly higher temperature, at pressures in excess 
of about 100 atm. The chief difficulty of using gra- 
phite in an oxidizing atmosphere is that the reaction 
rate becomes quite high at fairly low temperatures. 
If a threshold oxidation temperature’ is defined as 
the temperature at which graphite loses 1 pct of its 
weight in 24 hr, the value in air is 450°, the value 
in steam is 700°, and the value in carbon dioxide is 
900°C. Efforts are presently being made to raise 
this threshold temperature either by impregna- 
tion with a retardant of some type (sodium tung- 
state and phosphoric acid, for example) or by a 
suitable metal or oxide coating. It is probably fair 
to say that, to date, these attempts have not shown 
any outstanding success in all respects. 

Most commercial graphites are fabricated by im- 
pregnating a carbon flour (say of coke or lamp- 
black particles) with some type of hydrocarbon 
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pitch and heating to temperatures usually in excess 
of 2500°C. In actual practice, this pitch impregnation 
may be repeated a number of times and the first 
impregnated material is subjected to a relatively 
low temperature, just sufficient to drive volatile 
components out of the pitch.* Since single crystals 
of graphite are very highly anisotropic, the forming 
method by which the final specimens are obtained 
can introduce a fair amount of anisotropy. Thus, 
coke-type graphites, when molded or extruded, 
can have a strong directional dependence of some 
properties. On the other hand, lampblack-type 
graphites usually have little or no anisotropy be- 
cause of the isotropic way in which the original 
carbon particle graphitizes. The end product of these 
commercial processes is a material made up of 
graphite particles (each composed of many single 
crystallites arranged with some degree of random- 
ness) bonded together by nongraphitic carbon. The 
specific gravity of such graphites varies considerably, 
but is rarely higher than about 1.8, whereas a single 
crystal would have a theoretical value of 2.26. 
Mrozowski* has given arguments to indicate that it 
may be impossible to obtain densities higher than 
about 2.1 by the method mentioned above, and that 
realizing the full theoretical density may require 
either high pressure or some deposition technique 
as a part of the fabrication process. It should also 
be mentioned that these densities are an average 
value for a given specimen and for, say, an extruded 
rod, the local density may vary appreciably over 
the radial dimension. In discussing the high temp- 
erature properties, it is also of some importance to 
realize that if the measurement temperature is 
higher than the heat treatment temperature of the 
specimen, additional graphitization may occur, 
causing an apparent irreversible change in the 
property. Apparently a fabrication temperature of 
3000°C is sufficient to give practically complete 
graphitization and the application of higher temp- 
eratures does not cause significant change. 
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Fig. 1—Short time tensile strength of various grades of 
graphite. 
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There is one use for graphite which is important 
enough to be mentioned, but which is generally 
outside the scope of this paper and will not be dis- 
cussed in any detail. This involves its application as 
a high temperature lubricant. Although quite a 
bit of work has been done (and is being done) 
along this line, very little of this effort has been 
intended to increase the understanding of the lub- 
ricating mechanism, which is still in some doubt. 
Since a graphite crystal has a layer structure with 
rather weak bonding between layers, the general 
slipperiness of the material has usually been ex- 
plained as due to the ease of sliding of one plane 
over another on a microscopic scale. A serious doubt 
as to this mechanism was raised by Savage,’ who 
made rather extensive tests at room temperature of 
the effect of various atmospheres on graphite fric- 
tion wear. He found that the presence of water vapor 
(or, alternatively, of ammonia, acetone, benzene, or 


a few other substances) was essential to good lub- ° 


rication. In either a vacuum, dry hydrogen, nitrogen, 
or carbon monoxide, wear was very rapid. Further- 
more, the dust was approximately the same regard- 
less of the type of graphite and was very hydrogen 
absorptive. From these tests Savage concluded, 
first, that the action of friction was primarily to 
chop off those crystallites which were not aligned 
in the plane of the surface (thus producing parti- 
cles with highly reactive free bonds) and, second, 
that the water vapor forms a very thin, perhaps 
monomolecular, surface layer which is actually re- 
sponsible for the lubricating qualities. In this inter- 
pretation, graphite shows little friction wear only 
because it is capable of holding a monolayer of 
water. Furthermore, this layer, in some unknown 
but fortunate way, is electrically conducting, thus 
enabling graphite to be used for sliding electrical 
contacts. There has, in turn, been a possible doubt 
raised about Savage’s mechanism by some prelim- 
inary experiments by Carter.® In these tests it was 
observed that graphite showed a negligible friction 
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Fig. 2—Short time tensile strength of various high tempera- 
ture materials. 
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Fig. 3—Temperature variation of Young’s modulus for AUF 
graphite. 


wear in very dry helium at about 660°C, in ap- 
parent contradiction to what would be expected from 
Savage’s scheme. While further work is clearly 
indicated, this result suggests that the high temp- 
erature may allow enough intergrain plastic flow 
to permit the crystallites to rotate into the surface 
plane, presenting a smooth surface. It is possible 
that the effect of water vapor is to loosen the inter- 
particle binding and thus accomplish the same end. 
This is an interesting and important field of research 
which deserves more effort. 

The mechanical properties of graphite show some 
interesting behaviors at high temperatures. As might 
be expected, they depend to a large extent both on 
the type of carbon used initially and on the method 
of fabrication. Fig. 1 shows the now rather familiar 
variation of the short time breaking stress with 


temperature for a variety of graphites.’ The National 


Carbon Co. designation of the various grades_is 
used. The type AUF and the type AWG are nomi- 
nally the same graphite, a rather homogeneous fine 
grade, except that the AUF is extruded and the AWG 
is molded. As can be seen, this introduces a fair 
difference in the tensile strength. The SA-25 is a 
lampblack graphite which shows practically no pre- 
ferred orientation. Since both the AUF and AWG 
data are taken in the best direction, it is seen that 
the averaged strength of the isotropic SA-25 is less 
than either one of them. The remaining two grades of 
graphite are coarse grained types. It is to be noted 
that all the specimens show a considerable increase 
in the tensile strength with increasing temperature. 
The short time compression strength behavior is 
also shown in Fig. 1 and has the same type of varia- 
tion with temperature. Although, at low tempera- 
tures, graphite is not a particularly strong material, 
it is relatively strong at high temperatures. In Fig. 
2, several materials are compared with AUF gra- 
phite for the short time tensile strength. From 
these curves, it appears that above 1600°C the gra- 
phite shows considerable superiority, except for 
the tungsten single crystal, a case of perhaps only 
academic interest. If this graph were replotted on 
a strength to weight basis, graphite would, of course, 
show marked superiority in this temperature range 
because of its low density. Unfortunately, the writer 
was not able to locate enough data on the transition 
metal carbides to make a comparison in the high 
temperature range. A value of the tensile strength 


at 1200°C of between 9000 and 15,000 psi for ZrC. 
and TiC has been reported,® but apparently there 


are no reported values at higher temperatures. These 
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_ Fig. 4—Creep curve for AUF graphite. Stress is 4500 psi; 
temperature, 2500°C. 


materials, along with graphite, are of great interest 
because of their good resistance to thermal shock 
due, in turn, to a combination of their high thermal 
conductivity and strength and their low thermal 
expansion coefficient. 

The Young’s modulus for AUF graphite is shown 
in Fig. 3 as a function of temperature.’ It may be 
noted that there is relatively little effect of density 
but a large effect of orientation. As for the tensile 
strength, there is an appreciable increase of the 
modulus, at least up to 2000°C, as the temperature 
increases. The experimental values were obtained 
by photographically observing the lowest natural 
frequency of a cantilever beam, and it was found 
that support losses were so great as to negate 
attempts to get internal damping factors. As far as 
the writer is aware, there have been no published 
efforts to obtain internal friction relaxation data 
(although Currie et al. report room temperature 
damping factors as obtained from resonance peak 
widths’). 

Although normally considered a brittle material, 
graphite begins to show an appreciable creep rate 
above 2000°C. Actually, even at room temperature, 


“the stress-strain plot is not linear, the strain at 


rupture typically being about 40 pct greater than 
the calculated elastic strain.® Fig. 4 shows a creep 
curve obtained for AUF graphite at 2500°C and a 
4500 psi load. The tertiary stage, in this case, prob- 
ably has a contribution from loss of material due to 
sublimation as well as necking. Similar data have 
been obtained for temperatures from 2100° to 
2900°C and for a variety of stresses, enabling a 
family of creep rate vs stress curves to be drawn. 
Malmstrom et al. have applied elementary rate 
theory to these data and obtained an activation 
energy for the plastic flow process of 226 kcal per 
mole. However, the writer has reexamined these 
data in the light of a recent, rather careful deter- 
mination of the self-diffusion, which yielded about 
170 keal per mole. In obtaining a slope, Malm- 
strom, Keen, and Green weighted their highest 
temperature value (2900°C) rather heavily; since 
the creep rates at this temperature were determined 
for two stresses only, this point probably has an 
appreciable error. Considering this, a value of 170 
kcal for the creep process fits their results actually 
somewhat better than 226 kcal, and it is probably 
fair to say that a self-diffusion mechanism forms 
the basis for the creep process in graphite. Whether 
or not this is something analogous to grain boundary 
flow, as observed in metals, is another and still un- 
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Fig. 5—Specimens compressed slowly at temperatures of 
2600° and 2400°C (from left) as compared to untested 
specimen (right). 


answered question. Fig. 5 illustrates the creep pro- 
cess in graphite under a slowly applied compression 
load. 

Of all the thermal properties of potential high 
temperature materials, the thermal conductivity is 
certainly one of the most important. Depending on 
the use, it should be either very high or very low. 
Above room temperature, graphite has one of the 
highest thermal conductivities of any structural 
material. This is illustrated in Fig. 6, where a com- 
parison is made with several ceramics and a repre- 
sentative superalloy range. As can be seen, BeO is 
the only material comparable to graphite and both of 
these materials have values comparable to good met- 
als, such as copper, at room temperature. These high 
conductivities contribute to the good resistance to 
thermal shock of these two, although BeO is much 
poorer than graphite in that respect. Presumably 
this is because BeO has a higher bulk thermal ex- 
pansion (by about a factor of 2) and a higher modu- 
lus of elasticity (by about a factor of 50) than 
graphite.” As a matter of purely side interest, there 
is also shown, in Fig. 6, an enlarged high tempera- 
ture region for the data on alumina and magnesia. 
The solid lines are the published data of Kingery,” 
while the dashed lines represent unpublished data 
obtained recently by J. D. McClelland of ‘Atomics 
International. The reversal in the order of the two 
solids is probably not too serious a discrepancy 
since, even though the densities of the samples 
were about the same, there are several factors 
which could cause changes in the absolute magni- 
tude by these comparatively small amounts. The 
more interesting factor is that McClelland did not 
obtain the minima which characterized Kingery’s 
curves. 

Because of the large scale use of graphite as 
moderators in nuclear reactors, there has been con- 
siderable interest in the effect of neutron radiation 
damage on the thermal conductivity..*" While a 
thorough account of radiation damage is outside the 
present scope of this paper, it might be of interest 
to show a representative effect at low temperatures. 
There is no publishable data at high temperatures. 
Fig. 7 shows the thermal conductivity of a reactor 
grade graphite somewhat similar to AWG or AUF, 
but with larger grains. The total neutron flux re- 
ceived by each specimen is given in units of mega- 
‘watt-days, where 1 megawatt-day is roughly 2x10” 
fast neutrons per sq cm. At room temperature, the 
conductivity is reduced by a factor of almost 20 by 
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Fig. 6—Thermal conductivity of various materials. 


460 megawatt-days, which is not a particularly 
heavy neutron dose. As will be described later, 
graphite conducts heat by traveling vibration waves, 
and the effect of neutron bombardment is to intro- 
duce lattice defects which scatter these thermal 
waves and thus decrease the conductivity. Similar 
data do not appear to have been taken for BeO, 
but quartz crystals have been irradiated and a large 
decrease near the maximum of the thermal conduc- 
tivity again found.” 

The thermal expansion of graphite single crystals 
is extremely anisotropic. Fig. 8 shows the fractional 
changes in the unit cell dimensions as found by 
X-ray diffraction techniques.” Note that the a-axis 
data have been expanded by a factor of 10 to make 
the variation more readily apparent. The a-axis 
actually shrinks until about 400°C is reached, 
whereupon it begins to expand. No measurements 
have been made below room temperature. The most 
obvious explanation of this shrinkage is a form of 
Poisson’s ratio effect where the very high expansion 
in the c-direction causes the basal plane to contract, 
either through a shear strain component or by in- 
teraction at the boundaries. In some ways this is not 
a very satisfactory interpretation and the matter 
cannot yet be considered as completely settled. 

The connection between the crystal expansion 
and the expansion of a bulk graphite is not very 
direct. The lampblack graphites are almost isotropic 
and, at 800°C, the expansion is not too far from 
one third the c-axis expansion, a ratio which would 
be expected if crystallites capable of appreciable 
expansion in one direction only were arranged in 
a random fashion. The difficulty chiefly lies with 
the oriented graphites where, almost without ex- 
ception, the sum of the expansion coefficients in 
three mutually perpendicular directions is much less 
(by factors of 2 to 5) than the single crystal co- 
efficient.* There is, of course, the porosity factor; 
that is, in a bulk material there are internal voids 
into which the grains may expand. This certainly 
contributes to the relative smallness of the bulk 
expansion, but it has also been observed that there 
is a decrease of some 35 pct in the volume expansion 
coefficient when a sample, graphitized at 3000°, is 
compared with one graphitized at 2000°C. The 
change in density between two such samples is at 
most a few percent, not enough to account for the 
difference in expansion. (The density change is in 
the wrong direction anyhow.) Furthermore, there 
was no detectable change between the X-ray dif- 
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fraction thermal expansion coefficient of these two 
samples. It has been suggested (Mrozowski‘) that 
the single graphite crystallites are aligned in near- 
ly : closed rings, with edge binding between the 
adjacent crystals. These rings would then act as 
partial constraints, the material inside the ring 
expanding radially into a center void and not con- 
tributing to the bulk expansion. There are some 
attractive points to this picture, the main one being 
that it introduces a complex relationship between 
the thermal expansion and the fabrication process, 
a relation which is apparently needed. On the other 
hand, it is necessary for the crystallites to expand 
somewhere, and if such rings force them to expand 
inward, it would certainly appear that there should 


be a density decrease comparable to the volume _ 


expansion decrease, a conclusion which is at odds 
with the data. It is, of course, possible to postulate 
that the higher temperature heat treatments shrink 
the overall specimen, but redistribute the void 
spacing in such a way as to decrease the effective 
expansion, but this explanation appears to become 
somewhat vague and of a definite ad hoc nature. At 
the present time, the only definite conclusion is that 
the problem of interpreting the low bulk expansion 
of graphite is strongly dependent on knowing the 
precise structure of the specimen, a factor which is 
still not well understood, although considerable 
work is being done. 


Interpretation of Properties 


In interpreting the high temperature behavior 
of the mechanical properties of graphite, the poly- 
crystalline nature of the material is of paramount 
importance. A graphite crystal by itself would be 
almost useless in any application involving strain, 
since it has almost no resistance to shear stresses 
trying to make one plane slide over another. This 
situation arises because of the crystal structure; 
the carbon atoms form hexagonal layers which are 
very loosely stacked on one another. Each atom is 
held by three neighbors in the same layer by strong 
trigonal bonds; the remaining bonding electron is 
shared by the entire layer and is almost the sole 
contributor to the electrical and magnetic behavior. 
The result of this is that the interplane binding 
force is a weakly metallic one which allows the 
nearest neighbors in two adjacent planes to be about 
three times as far apart as the nearest neighbors in 
a plane. Each plane is therefore very resistant to 
direct tension or compression but two planes may 
be slid over each other easily. For this reason it 
is rather unlikely that dislocations play any major 
role in graphite, although there is some crystal 
growth evidence that screw dislocations normal to 
these basal planes do exist.* If anything, such 
dislocations would tend to increase the resistance to 
shear of a graphite crystal since they would tie 
several layers together. In a polycrystalline graphite, 
the various crystals are grouped in a more or less 
random fashion so that, in bulk tension or compres- 
sion, it is always necessary at least partially to com- 
press or stretch a high portion of the basal layers 
giving, thereby, a considerable strength to the 
structure. In a graphite with any degree of orienta- 
tion, this would, of course, explain qualitatively 
why the tensile strength is the greatest in the direc- 
tion parallel to most of the basal planes. 


Since small strains probably involve a great deal. 


of direct or indirect compression or expansion per- 
pendicular to these basal planes, this would also 
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explain the low Young’s modulus. In this connection, 
it might be reiterated that, even at room tempera- 
ture, graphite shows a very small elastic strain, 
the stress-strain curve becoming nonlinear at quite 
low stresses.” The increase of short time tensile 
strength with temperature is not particularly mys- 
terious; a similar behavior can be noted for some 
ceramics, as for MgO in Fig. 2. The most obvious 
explanation is that internal stresses, brought about 
by thermal contraction during some final stage of 
the fabrication process, are alleviated more and 
more at higher temperatures due to plastic flow. 
Such flow would also diminish the effect of micro- 
cracks which would otherwise develop into fracture 
surfaces. The increase of Young’s modulus with 
temperature is a little harder to explain. It is 
possible that, if this property is predominantly 
influenced by strain in the c-direction of the 
crystallites, as suggested above, then thermal ex- 
pansion effects will tend to lock the crystals 
together more firmly and hence make the material 
somewhat stiffer. It might be pointed out that one 
effect of neutron irradiation is also to increase the 
Young’s modulus, which could be due to the radia- 
tion-induced expansion of the crystals, which is 
quite large. In fact, the parallel between damage 
effects and thermal effects is reasonably close. Thus, 
using the data presented herein, the fractional ther- 
mal change in modulus is about six times the fraction- 
al thermal change in c-spacing between 0° and 
2000°C. Using some representative data for neutron 
irradiations of 100 megawatt-days,”” the fractional 
increase in modulus due to damage is about seven 
times the corresponding radiation change in c-spac- 
ing. Hence, when normalized to the same change in the 
X-ray c-spacing, both neutron damage and thermal 
effects give about the same change in Young’s mod- 
ulus, strongly indicating that expansion of the crys- 
tallite normal to the basal planes has a major effect 
on the elasticity of graphite. In the damage case, as 
in the thermal, the bulk expansion of graphite is 
much less than the c-spacing would indicate. 

Unlike metals, crystalline graphite conducts heat 
by thermally excited lattice waves rather than by 
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electron transport. A finite thermal conductivity 
thus arises because of processes within the material 
which scatter these waves or, in some other way, 
cause them to lose some of their energy. At very 
low temperatures, internal boundary surfaces are 
chiefly responsible for this scattering. At somewhat 
higher temperatures, as the predominant wave 
lengths get smaller, impurities and other internal 
defects become important; while at high tempera- 
tures, the direct interchange of energy between dif- 
ferent modes is the primary effect. This last can be 
thought of as inelastic collisions between waves and 
arises because the modes are no longer harmonic 
at high temperatures, becoming less so as the tem- 
perature increases. The large decrease in the con- 
ductivity above room temperature is caused by this. 
Generally speaking, the stiffer the bond between 
atoms, the less will be the amplitude of vibration 
and the interaction between modes. Since graphite 
conducts heat almost entirely along basal planes, 
in which the bonding is very stiff, the exchange of 
energy between modes is small until very high tem- 
peratures are reached. The small mass of the atoms 
helps in this respect also. Therefore, there is com- 
paratively little to impede the lattice waves and the 
conductivity remains high to quite elevated temper- 
atures. BeO is similar to graphite in some of these 
respects except that, because of the different crystal 
structure, there are more modes which can inter- 
act with each other, which may be the reason that 
the conductivity falls off faster. In the cases of 
alumina and magnesia, the heavier atoms involved 
are probably the chief reason for the lower con- 
ductivity. 

It may be worthwhile to expand this discussion of 
the thermal conductivity from the standpoint of the 
vibration characteristics of crystal lattices. Thus it 
is usually assumed that the conductivity falls off, at 
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high temperatures, either as an exponential or a 
linear function of the Debye temperature divided 
by the temperature.” The justification for this lies 
in theoretical calculations on a simple cubic lattice 
and, for simple structures, a reasonably accurate 
Debye temperature can thus be obtained. The dif- 
ficulty is, of course, that any crystal has three Debye 
temperatures; in nearly isotropic substances, one of 
these is for longitudinal waves and the other two 
are for transverse waves. For such isotropic ma- 
terials, these three values are not greatly different 
and an averaged value can be used. For solids which 
are far from isotropy, these three values can differ 
widely and then the problem is encountered that 
the modes which are of importance to thermal con- 
ductivity may not be those which are important for 
specific heat. This latter difficulty occurs in graphite, 
where the three Debye temperatures are approxi- 
mately 800°, 1600°, and 2500°K.” The two higher 
polarization modes are probably responsible for 
heat conduction, while the lowest makes up most 
of the specific heat. A reverse situation apparently 
arises in alumina, where there is a very low tem- 
perature Debye value of 200°, but the high tem- 
perature specific heat demands a value of 940°K, 
which would thus be an average of the two high 
Debye temperatures.” Magnesia has the single pub- 
lished value” of 945°K, which probably can be used 
as a single averaged temperature, since MgO is a 
particularly simple lattice. It is a good correlation 
that the high temperature thermal conductivities 
of alumina and magnesia are nearly the same,” in 
view of their similar Debye temperatures, and are 
considerably less than graphite or BeO (which has 
a Debye temperature of about 1200°K). It is still 
true, however, that considerable confusion exists 
about the mechanism of high temperature conduc- 
tivity, and the subject demands a great deal more 
study. 
Potential Studies 

A few concluding remarks might be made re- 
garding what can be done to change or improve 
graphite. As is now well known, both graphite and 
BN (which has almost identically the graphite lat- 
tice) have been transformed into the cubic phase by 
appropriate application of heat and pressure and, 
in the case of BN, a material has actually been 
created which does not exist naturally. Some of the 
previous unsuccessful attempts to change graphite 
to diamond have resulted in theoretically dense 
graphite. Since this is a material which may have 
many desirable properties, several groups are pre- 
sently engaged in a study of its fabrication and 
behavior although, as far as the writer knows, no 
measurements of the high temperature properties 
of such a sample have been made. From a theore- 
tical speculative standpoint, it is wondered why no 
strictly metallic, close-packed structure of carbon 
exists. The electronic configuration of carbon might 
well permit such a phase. It is a relatively simple 
matter to investigate theoretically, using a high speed 
computing machine, but nobody seems to have done 
so as yet. Such a phase, even if metastable, could 
possess some interesting properties although, like 
diamond, there is a strong possibility that it might 
transform to graphite at high temperatures because 
of the favorable entropy factor. The same specu- 
lative curiosity would apply to silicon and german- 
ium also. For the latter materials, which have a 
diamond structure, it is also wondered whether 
they might have a metastable graphite-like phase. 
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If so, this would be of more than passing interest 
since both silicon and germanium have heats of 
fusion which are abnormally high fractions of their 
cohesive energy. For example, if silicon had the 
normal entropy of fusion of about 2 cal per degree, 
it would have a melting temperature of nearly 
5000°C. Therefore, if ‘silicon could have a graphite 
structure with nearly the same heat of fusion, it 
might well become a very respectable refractory 
although, because of its heavier mass, it would 
probably not compete with graphite’s thermal 
conductivity. Actually, graphite appears to be a 
rather unique material which is difficult to surpass 
for many high temperature uses. 

Nothing has been said so far in the present paper 


about the reaction between carbon and the transi- _ 


tion metals to form the so-called hard metal car- 
bides, principally because the scope of this subject 
is so large as to require a separate paper. However, 
in the light of a recent interesting talk by Duwez™ 
on the need for research into the hard metals, the 
writer would like to add just a few comments, which 
would apply to the nitrides also. 

In some ways, the physics of the hard metals is 
simpler to study than that of the parent metals, 
mainly because of their simple crystal structures. 
The most stable of these compounds all form NaCl 
lattices, with the metal-metal distances just slightly 
greater than the parent metal crystals. Their elec- 
trical conductivities are about the same, often better, 
than the parent metals and they form superconduc- 
tors with some of the highest known transition tem- 
peratures. Because of the lack of any large differ- 
ence in the electronic conductivity between the 
compound and the parent metal, which is true over 
a wide range of materials, it is tempting to specu- 
late that there may be very little bonding in the 
usual sense between metal and nonmetal, and that 
the small nonmetal atoms primarily contribute a 
high vibrational entropy to the lattice. The usual 
arguments against this,” and for a strong metal 
nonmetal bond, are 1) the preference for the NaCl 
lattice regardless of the parent metal lattice, 2) the 
high melting point despite a slightly increased 
metal-metal distance, and 3) the brittle nature of the 
compounds. Possible answers to these arguments 
involve 1) the fact that in a NaCl lattice, the metal 
atoms form the closest geometrical packing and do 
not leave any linear holes in the structure to pro- 
vide easy diffusion paths for the small nonmetal 
atoms, 2) the fact that the melting temperature 
is strongly dependent on the lattice entropy as well 
as energy (it is amazing to the writer that this 
point does not seem to have been appreciated), and 
3) the fact that materials may well be brittle in the 
polycrystalline state but not as a good single 
crystal (as witness graphite, for example). 

If the metal nonmetal binding actually were 
small, then the materials become very interesting 


\ 


from a theoretical standpoint, since they offer the 
chance to study a number of different metals, all 
having the same structure. Measurements which 
would be of great interest in these materials include 
the electrical resistivity as a function of tempera- 
ture, the magnetic effects (particularly the Hall co- 
efficient), the electronic specific heat, the X-ray 
temperature diffuse scattering, and the heats of 
fusion and vaporization. Just as important as get- 
ting good measurements is the fact that good ma- 
terials must be available; single crystals would be 
preferable, but otherwise as pure and dense poly- 

crystals as possible. : 

In the above discussion, the writer certainly does 
not necessarily mean to imply that there is little or 
no bonding between the metal and the nonmetal 
atoms. However, it does seem apparent that at the 
present time there is little basis for any decision 
as to the binding and that the arguments which 
have been advanced in favor of a strong bond are 
not difficult to refute. 

It is certainly true that the solid state physicist 
has a long way to go to understand his trade. None- 
theless, it is still of great value for the physicist 
and metallurgist to abstract qualitative ideas from 
the theory and occasionally to try to apply them to 
some of the practical problems. Even if, as will pro- 
bably be the case; such ideas do not wholly solve 
any of the problems, this will represent a slight 
chipping away at nature and should, it is hoped, 
eventually benefit everybody. 
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IRCONIUM’S corrosion rate by reactor fuel solu- 
tions increases with increasing reactor power. 
It is believed that the protective oxide film is af- 
fected by radiation damage. Observations of the 
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Table I. Effects of Neutron Irradiation on ZrO. 


Table Il. Stabilization of ZrO» 


ZrO. Form* Exposure, 1x10” Exposure, 2x102° nut 


Phase disappeared 


Monoclinic Intensities of peak 
heights diminished 
Cubic None 0.28 pct expansion, do 


*The sample was a partially stabilized (with CaO) zirconium 
oxide containing both monoclinic and cubic phases. : 

+ The nvt is the integrated reactor flux, i.e., the flux, nv, multi- 
plied by time of exposure, ft. 


effects of neutron damage to zirconium oxides led to 
the conclusion that cubic ZrO, is more stable to 
such damage than monoclinic ZrO,. Jt was noted 
in particular that with increasing damage the mono- 
clinic X-ray lines diminished, then disappeared, 
while the cubic lines remained.** It is well known 


* The sample tested was stabilized ZrOs, a mixture of monoclinic 
oxide and cubic oxide which was solid solution of a few pet CaO 
in ZrOe, see Table I. The description cubic ZrOz is set off in italics 
because this phase is not pure ZrO. Stabilization is the term applied 
to ZrO2 which has been partially or completely reacted to form a 
cubic solid solution. By this means the self destructive thermal 
transformation noted above is eliminated. 


that on heating monoclinic ZrO, a transformation, 
monoclinic to tetragonal, occurs at about 1050°C. 
The accompanying volume change causes pieces of 
ZrO, to crack or crumble. The tetragonal ZrO, is a 
distorted face-centered-cubic type lattice with 
a, = 5.07A and c, = 5.16A. The cubic solid solution 
type ZrO, is a face-centered-cubic lattice with 
a>~5.08A. 

These facts and observations led to the supposi- 
tion that the oxide film on zirconium, normally 
monoclinic ZrO., might be transformed on neutron 
irradiation to cubic ZrO, with a self-destruction 
similar to that described above. A radiation damage 
induced cracking of the protective oxide film would 
increase the corrosion rate of the metal. If, then, it 
were possible to develop an alloy which forms the 
cubic oxide on its surface, the radiation damage 
effect on corrosion would be much less severe. 

It has been commercial ceramic practice to stabi- 
lize ZrO, by adding CaO or MgO to form some of 
the solid solution cubic phase in the body.? By 
proper control it is possible to obtain a material 
which is not destroyed or weakened on heating 
through the monoclinic-tetragonal transformation 
temperature. In this work it was concluded that a 
zirconium alloy might form the cubic oxide on its 
surface if the element added to zirconium was one 
whose oxide caused the cubic ZrO, to form when 
reacted with monoclinic ZrO,. It was believed neces- 
sary for the element added to form a solid solution 
with zirconium where the atoms are sufficiently 
close to one another so that on oxidation at low 
temperatures no great amount of diffusion or solid 
state reaction would be required. A search of the 
literature revealed very few elements which might 
meet both conditions.”* 

Experiments were carried out to find those oxides 
which would cause the formation of cubic ZrQ,. 
Small additions of other oxides with ZrO, were re- 
acted at 1500°C and the amounts of cubic phase 
formed, if any, were determined by X-ray diffrac- 
tion. Many were repetitions of studies previously 
reported. Because tin is used in Zircalloy, its effect 
was noted on the formation of the cubic phase by 
other elements. The results are shown in Table II. 
Observation of these results led to the selection of 
several alloying elements. It may be noted that some 
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Cubic Phase, Pct, 
After 1500°C Reaction 


Additive Oxide Wt Pct Additive 

BaO 3 

BeO 3 

CaO 3 

3 

CeOz 3 0 

Cr2O03 3 0 

Fe2O3 3 

MgO 3 = 

NiO 3 

PbO 3 

SnOs 3 

3 4 

V205 3 

Y2Os 3 

ZnO 3 

CaO 5 90 

Cb20; 

CeOz 

MgO 5 35 

Y2Os 5 70 

CeOz 2 10 

Ch205 2 

SnO2 2 

2} 5 

Y203 2 

Cbh205 0 

SnO2 

85 
203 

Cb205 15 

V205 

Cb205 90 

SnO2 

Cb20s5 15 95 


Table III. Oxidized Zirconium Alloys 


Cubic Oxide, 
Pct, Formed on 


Additive Metal Wt Pct Additive Metal at 300° to 700°C 


Ce 3 5 

Cb 2 10 

Cb 5 50 

Cb 7.5 50 

Cb 15 80 

Sn 2 0 

¥ 5 20 (Y2O3 also 
observed) 


of the more useful elements in the oxide studies, 
such as calcium and magnesium, were not consid- 
ered because they could not be alloyed with zirco- 
nium. Alloys of cerium, columbium, tin, and yttrium 
were made and oxidized in air at various tempera- 
tures up to 700°C. The results in Table III show that 
cubic ZrO, was formed in amounts up to 80 pct in 
thick oxide films. 

Columbium appears to be the most promising 
alloy for development. Its alloys meet the require- 
ments of the study and appear to be suitable for 
metallurgical forming and processing. It is believed 
that these principles may be applied in other metal- 
oxide systems where radiation or other environ- 
mental effects may be more damaging to one 
allotropic protective oxide film than to another. 
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Solubility of Nickel and Chromium in Molten Lead 


__A portion of the liquidus curve has been determined for the binary alloy systems 
Ni-Pb and Cr-Pb. The solubility of nickel is 0.53 atomic pct at 372° and 18.63 atomic 
pct at 1200°C. Chromium shows low solubility, 0.634 atomic pct at 1210°C. Molybde- 
num and tungsten were also studied and found insoluble in lead, less than 0.005 atomic 


pct at 1200°C. 


by T. Alden, D. A. Stevenson, and J. Wulff 


] NCREASED use of liquid metals of low melting 
point for heat transfer, coating, joining, and 
other purposes has renewed interest in the solubility 
of structural metals in these liquids. A study of 
Hansen* and current literature indicates that few 
liquidus curves at the low melting end of the binary 


diagrams have been accurately delineated. This 


statement applies particularly to the binaries of 
lead. The present paper is limited to nickel, chro- 
mium, tungsten, and molybdenum in lead. 

In early studies’* of the lead end of the Pb-Ni 
system, a monotectic at 1340°C was established. 
Tammann and Oelsen* determined the solid solu- 
bility of nickel in lead at 20°C to be 0.023 wt pct. 
Recently Pelzel’ determined the liquidus curve from 
the eutectic temperature of 327° up to 727°C using 
a segregation method. In the present paper this part 


of the curve has been checked and extended to 


1244°C. 
The Pb-Cr system was first studied by Hindrichs.° 
He pointed out the existence of a monotectic at 


1470°C and indicated a tentative liquidus. Recent — 


corrosion studies of Fe-Cr alloys in lead suggest 
that chromium is more soluble than iron in lead.”* 
The solubility of tungsten in lead according to 
Inouye’ is about 30 wt pct at 1200°C. Appreciable 
solubility of molybdenum in lead might therefore 
be expected. 


T. ALDEN, D. A. STEVENSON, and J. WULFF, Member AIME, 
are Graduate Student, Assistant Professor of Metallurgy, and Pro- 
fessor of Metallurgy, respectively, Massachusetts Institute of Tech- 
nology, Cambridge, Mass. 

TP 4593E. Manuscript, Jan. 2, 1956. 


Fig. 1—Solubility of 
nickel and chromium 
in lead plotted as wt 
pct vs temperature. 
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Experimental 


Various experimental techniques have been em- 
ployed in the determination of solubility in liquid 
metals. For low solubility, thermal analysis is un- 
satisfactory. A segregation method was used by 
Pelzel’ in his study of the Pb-Ni system. In this 
procedure separation of liquid and solid is possible 
due to difference in density. In the technique of 
Kleppa” a single piece of material is maintained in 
contact with the liquid metal in evacuated Vycor 
vials. After equilibration, solid and liquid are 
separated by tilting. Keck and Broder™ measured 
the weight of a piece of the solid solute before and 
after immersion in a pure solvent bath; the weight 
loss was a measure of the solubility. 

All of the above procedures are time-consuming 
since they permit only one determination per run. 
Numerous samples for analysis may be taken from 
the melt in the method described by Gurinsky and 
co-workers.” The rate of extraction of samples is 
limited only by the time required for equilibration. 
In the present work, a modification of this method 
was employed. 

A 150-g charge of analytical reagent grade lead 
and the added metal* were contained in an Alun- 


*The chromium pieces analyzed: 0.026 pct O, 0.002 pct H, and 
0.011 pet N. The nickel shot analyzed: 0.005 pct Pb, 0.003 pct Co, 
and 0.004 pct Fe. The commercial tungsten and molybdenum sheet, 
wire, and rod analyzed 99.97 pct. Lead used was Mallinckrodt Ana- 
lytical Reagent. Maximum limits of impurities, 0.0000 pct As; 0.10 
pet foreign non-volatile matter; 0.001 pct Ag; and 0.001 pct other 
foreign metals. 


dum crucible. It rested on finely divided silica at the 
closed end of a 45 mm Vycor tube, 500 mm long. 
The top of the tube was provided with an inlet and 
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outlet for purified hydrogen and passage for a ther- 
mocouple and Vycor sampling tube. The crucible 
end of the Vycor tube was held in the uniform tem- 
perature zone of a globar furnace. 

The temperature of the furnace was maintained 
using another thermocouple inserted through the 
side and connected to a Wheelco Capacitrol B-con- 
troller. Temperature fluctuations were less than 
+1°C up to 1000° and +3°C above 1000°C. Before 
each sample was taken, the temperature of the melt 
was determined using a Chromel-Alumel thermo- 
couple and a potentiometer sensitive to +£0.03 mv. 

Specimens of approximately 5 g were drawn from 
the melt at intervals using a 6 mm diam Vycor tube 
closed at one end with a small pipette bulb. Tube 
and bulb were flushed and filled with argon before 
sampling. During the operation, hydrogen flow over 
the melt was increased. Direct withdrawal of the 
second component in the sampling tube was avoided 
by using pieces considerably larger than the sam- 
pling tube orifice. 

In all work of this kind attainment of equilibrium 
is vital. In order to determine the rate of approach 
to equilibrium, samples were taken after 2, 8, and 
24 hr at constant temperature. In all cases the solu- 
bility did not change after 2 hr. In similar work at 
Brookhaven” equilibrium was attained in less than 
1 hr. In the case of the Pb-Ni system, samples 
were taken on warming as well as on cooling to the 
equilibrium temperatures. As indicated in Fig. 1, 
the solubilities obtained by the two methods fall 
randomly below and above the curve. It may be as- 
sumed, therefore, that equilibrium was attained in 
both cases. 

Chromium, tungsten, and molybdenum are ele- 
ments which form stable oxides or adsorbed oxygen 
films. It is therefore necessary to protect them at 
high temperatures with pure hydrogen. To insure 
removal of any oxide film, these metals were first 
heated in hydrogen at 1200°C. Lead was then added 
at 400°C while maintaining the hydrogen atmos- 
phere. 

Danger of entrapment of precipitate on the cool- 
ing cycle was minimized by sampling only from the 
center of the crucible. It was found by sectioning 
and polishing the ingot remaining in the crucible 
that the solid precipitated mainly on the crucible 
walls. 

The data obtained for the solubility of nickel and 
chromium in lead are plotted in Fig. 1 as wt pct vs 
temperature in °C. The data are also listed in Table 
I. No solubility data for tungsten or molybdenum 
in lead are listed because less than 0.005 wt pct was 
found to be soluble in lead at 1200°C in spite of re- 
peated efforts using sheet, rod, and wire. Similarly, 
at 1206°C, less than 0.005 wt pct Mo was found to be 
soluble in lead. The latter agrees with the qualita- 
tive report that molybdenum shows a low rate of 
mass transfer in lead. 


Discussion and Conclusion 


As shown in Fig. 1, a smooth curve fits the solu- 
bility data adequately. The scatter may be due to 
one or more of the following factors: 1) analyses for 
low concentration of solute are less exact, 2) minor 
segregation in the 5-g ingot can influence the anal- 
ysis of a 1-g portion, and 3) pickup of solid precipi- 
tate is possible on the cooling cycle. Significant er- 
rors in temperature readings appear unlikely. The 
data are in agreement with those of Pelzel for nickel 
in lead up to 500°C. Between 500° and 700°C the 
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solubilities reported are somewhat lower than Pel- 
zel’s. In this regard it is well to note that the solu- 
bility of copper in lead as reported by Kleppa” is 
also lower than that reported by Pelzel. The in- 


dicated solubility of tungsten in lead is very much © 


lower than that reported by Inouye.* 
When the data obtained are plotted as in Fig. 2, 

it is evident that a straight line can be drawn only 

for low concentrations of nickel. The observed de- 


' viation for higher concentrations indicates the de- 


parture of the solutions from ideality; in particular, 
deviation from Henry’s law for the solute. From the 
straight line portion of the curve, the differential 
heat of solution and the excess partial molal entropy 
as shown by Kleppa may be calculated as 


R RT 


= 


where X is the mole fraction of solute, AS, the en- 
tropy of fusion, AS’ the excess partial molal entropy, 
and AH the sum of the heat of fusion and the differ- 
ential heat of solution. The straight line for the Pb- 
Ni system is then represented by 


InXx. = —3180 — 0.345. [2] 


Equating the numerical values with the expressions 
in the first equation gives a value of 6320 cal per 
mol for AH. Assuming the heat of fusion constant at 
4210 cal per mol the differential heat of solution is 
found to be 2110 cal per mol. Using a value of 2.44 
cal per mol-degrees for the entropy of fusion the 
value of —3.13 cal per mol-degrees is obtained for 
AS’. 

In a similar manner the data for the Pb-Cr sys- 
tem may be represented by 


1 
InXo, = —16,000 + 5.70. [3] 


For this system AH is 32,000 cal per mol, giving a 
value of 27,800 cal per mol for the differential heat 
of solution; the excess entropy is 9.51 cal per mol- 
degrees. 

Summary 


The solubilities of four structural metals in liquid 
lead were determined using a specially adapted 


Table |. Solubility of Nickel and Chromium in Lead 


Solubility of Nickel in Lead Solubility ef Chromium in Lead 


Temper- Atomic Temper- Atomic 
ature,°C Wt Pct Ni Pct Ni ature,°C WtPct Cr Pct Cr 

372 0.15 0.53 908 0.019 0.040 
392 0.19 0.67 964 0.020 0.080 
444 0.24 0.84 992 0.020 0.080 
447 0.24 0.84 1002 0.030 0.119 
476 0.28 0.98 1014 0.040 0.159 
572 0.50 1.74 1048 0.050 0.199 
574 0.46 1.61 1060 0.045 0.179 
663 0.72 2.50 1098 0.060 0.239. 
668 0.73 2.53 1104 0.060 0.239 
678 0.79 2.93 1210 0.160 0.634 
753 0.93 3.21 
872 1.72 5.82 
932 2.16 7.23 
934 2.14 
976 2.54 8.43 

1042 3.18 10.39 

1078 3.53 11.44 

1150 5.19 16.20 

1156 5.18 16.17 

1200 6.09 18.63 

1244 8.03 23.56 
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sampling technique whereby it was possible to ob- 
tain numerous points on a curve from a single fur- 
nace run. Composition of the liquid samples ob- 
tained was determined by chemical analysis. All 
work was done with the care necessary to attain 
equilibrium and prevent contamination of the melt. 
The solubility of nickel in lead was found to be 
8.03 pct at 1244° and 0.15 pct at 372°C. Information 
obtained from these data lead to the calculation of 
the differential heat of solution as 2110 cal per mol. 


The solubility of chromium in lead was found to be 
0.01 pet at 908° and 0.16 pct at 1210°C. Both tung- 
sten and molybdenum show very low solubility in 
lead (less than 0.005 wt pct at 1200°C). 
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Delta Phase Field of the U-Zr E Guilibigtrs Diagram 


On the basis of metallographic and cooling-rate studies of 15 U-Zr alloys, a new 
version of the 5 phase region of the U-Zr phase diagram is proposed. 


by JE: Duffey and C. A. Bruch 


I* several published diagrams of U-Zr alloy sys- 
tem,” there is good agreement that at elevated 
temperatures complete solid solubility exists be- 


tween y uranium and £8 zirconium. Similarly, there 


is reasonably good agreement concerning the urani- 
um-rich and zirconium-rich ends of the diagram. 


However, there is no agreement concerning the 


nature of the diagram at intermediate compositions 
and at temperatures below about 650°C. The early 
work of Saller et al.* shows an intermediate phase, 
8. In a later diagram by Saller and Rough’ shown 
in Fig. 1, the 8 phase field is drawn with dotted 
lines, indicating doubt that this phase exists. The 
diagram of Summers-Smith’ does not show the 6 
phase. 

More recently Holden and Seymour* have shown 
that in the composition range 40 to 60 wt pct Zr, 
the high-temperature y phase, which is body-cen- 
tered-cubic, transforms to an ordered structure, 6. 
They found that the order-disorder transformation 
occurs between 595° and 610°C, and presented a 
diagram based on the study of four different alloy 
compositions. Most recently Saller et al. presented 
a new diagram which differs with respect to the 
composition limits of the § field from the others 
proposed by these authors. 

The purpose of the present investigation was to 
determine the boundaries of the 6 phase field. 


J. F. DUFFEY and C. A. BRUCH, Member AIME, are with the | 
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Experimental Procedures and Results 
Alloys—Buttons, weighing 80 g of 15 different al- 
loy compositions were prepared by arc melting Mal- 


‘linckrodt uranium and iodide-process zirconium in 


a water-cooled crucible. A controlled atmosphere of 
argon and helium was maintained in the furnace. 
Prior to making each button, a sacrificial button of 
zirconium was melted to increase the purity of the 
furnace atmosphere. Each alloy was then melted 
six times to improve its homogeneity. Subsequently 
the alloy buttons were jacketed in copper and hot 
rolled to slabs at 775°C. From these slabs, speci- 
mens were machined for chemical, thermal, and 
metallographic analyses. Table I gives both the 
estimated chemical composition of the alloys, and 
the values which were obtained by analysis. The 
oxygen contents varied from 0.013 to 0.032 pct, 
nitrogen from 0.0014 to 0.014 pct, and carbon from 
0.0013 to 0.011 pct. The purity of the alloys ranged 
from 99.947 to 99.975 pct. 

Thermal Analysis—The specimens for thermal 
analysis were blocks 1% x % x % in. The bead of 
a calibrated thermocouple was placed between two 
of these blocks and molybdenum wire was wrapped 
around the assembly. Each assembly was sealed in 
a quartz capsule having an argon atmosphere. The 
capsule was placed inside a refractory crucible 
which was heated in a furnace. Using a method 
described by Smith,° the emf of a differential 
thermocouple, with junctions inside and outside of 
the refractory crucible, was used to activate the 
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Fig. 1—Equilibrium phase diagram of the U-Zr alloy system.’ 


Fig. 2—Right: Cooling curve for a U-50.1 wt pct Zr alloy 
(alloy 8). Cooling rate was 0.3°C per min. 


furnace controller. By varying the temperature 
differential across the refractory wall, the heating 
and cooling rates could be varied. 

Heating and cooling curves from room tempera- 
ture to 800°C were obtained for nine of the alloys, 
using rates varying from 0.3° to 1.5°C per min. In 
each of the alloys only one thermal arrest was de- 
tected, and this was very pronounced, as is illus- 
trated by the cooling curve for alloy 8 shown in 
Fig. 2. The measured transformation temperatures 
decreased as the cooling rates were increased. From 
a graph of transformation temperature vs cooling 
rate, it was determined that for cooling rates equal 
to or less than 0.5°C per min the error in the equi- 
librium transformation temperature would not be 
greater than —1.5°C. The final results for the nine 
alloys based on cooling curves at 0.5°C per min or 
less are shown in Table I. 

Metallography—The emphasis in the metallo- 
graphic studies was placed on the determination of 
the composition limits of the 6 phase field. Samples 
were given the following heat treatments in evac- 
uated quartz capsules and then quenched in water: 
10 days at both 500° and 550°, 16 days at 550°, and 
three days at both 595° and 607°C. At 500° and 
550°C alloys number 4 and lower and alloys 
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number 9 and higher contained two phases. Alloys 
5 to 8, inclusive, contained only one phase. Typical 
microstructures of two of the alloys in two-phase 
regions are shown in Fig. 3. Alloys 6 to 10, inclu- 
sive, were studied at 595°C; only 6, 7, and 8 were 
single phase. At 607°C alloys 1 and 2 contained 
two phases and alloy 3 was single phase. 

Other samples were heated to temperatures from 
625° to 695°C in an unsuccessful attempt to locate 
the composition limits of the y phase field. 

Hardness—Using a Vicker’s hardness tester, meas- 
urements were made of the hardness of metallo- 
graphic specimens heated at 550°C for both 10 and 
16 days. A graph of hardness as a function of com- 
position, Fig. 4, shows inflections at approximately 
44 and 51 wt pet Zr. 


Discussion 


The 6 phase field of the U-Zr equilibrium system, 
based on the present experimental results, is shown 
in Fig. 5. The composition limits of the y phase field 
in this region were not determined, as indicated by 
the broken lines. As shown, there is a peritectoid at 
617°C and 39 wt pct Zr, and a eutectoid at 606°C 
and 55 wt pet Zr. The maximum solubility of zir- 
conium in the 6 phase is 51 wt pct and appears to 


Fig. 3—Typical microstructures 
of alloys held for 16 days at 
550°C and water quenched. a) 
LEFT: Alloy 2, 38.5 wt pct Zr. 
b) RIGHT: Alloy 10, 53.1 wt 
pet Zr. X500. Reduced approx- 
imately 20 pct for reproduction. 
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Fig. 4—Hardness of U-Zr alloys annealed at 550°C and 
water quenched. Triangle means annealed 10 days; circle, 
annealed 16 days. 


Fig. 5—Right: The 5 phase region of the U-Zr equilibrium 
phase diagram. 


be independent of temperature. In contrast, the 
maximum solubility of uranium in the § phase is 
61 wt pct at the peritectoid. The solubility then 
decreases to 57.4 wt pct U at approximately 560°C. 
The latter composition corresponds to UZr.. The 
effect of oxygen, as shown by Saller et al.,° is to 
reduce the composition limits of the 6 phase region, 
with the greatest effect on the zirconium-rich bound- 
ary. In the alloys used in the present work, the 
maximum oxygen concentration was 0.3 atomic pct. 
According to the results of Saller et al.,° this low 
concentration should have only a small effect. 

Saller et al.° show the 8 phase composition limits 
at 500°C to be at higher zirconium contents, 47 and 
55 wt pet. The lower limit is richer in zirconium 
than UZr.. Recently Boyko’ has determined the 
structure of the 8 phase and reports that the ideal 
composition is UZr,. This means that the lower limit 
should be no greater than 43 wt pct Zr. 

The peritectoid and eutectoid transformations ob- 
served in other investigations are lower than those 
of the present work. It is entirely possible that this 
is a direct result of higher cooling rates used in the 


former. 
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Table 1. Chemical Composition of Alloys and Results of Thermal Analyses 


Chemical Analysis, Wt Pct 


Transformation Temperature, °C 


Estimated 
Composition, 
Alloy No. wt Pet Zr Zr U Oo N Cc Upper Lower 
61.5 0.018 0.011 0.0021 == 
3 40 40.3 — 0.021 0.0054 0.0064 616.0 612.9 
4 42 42.0 — 0.016 0.0027 0.0058 = = 
5 44 43.5 — 0.013 0.0014 0.0054 617.5 610.0 
6 46 45.6 — 0.017 0.0036 0.0050 616.0 607.3 
7 48 48.4 51.8 0.022 0.0081 0.011 612.8 605.8 
8 50 50.1 49.8 0.021 0.0036 0.0062 611.3 605.1 
9 52 51.2 — 0.032 0.0072 0.0054 611.1 605.0 
10 54 53.1 0.022 609.4 604.4 
0.023 = = 
12 38 282 nae 0.023 0.0059 0.0092 607.3 605.1 
13 60 60.7 — 0.031 0.0140 0.0076 607.5 605.0 
14 64 35.7 0.028 0.0086 0.0013 
15 70 30.1 0.028 0.0080 0.0064 
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Zirconium and Titanium Inhibit Corrosion and 


Mass Transfer of Steels by Liquid Heavy Metals 


Zirconium and titanium inhibit solution mass transfer of steels by liquid bismuth, 
mercury, and lead. It is shown that in bismuth and mercury, these adsorb on the te 
of the steels and subsequently react with nitrogen and possibly carbon from the steels 
to form inert, adherent surface layers of ZrN, TiN, or TiN + TIC. Data are presented 
which describe the condition under which these deposits form. These inhibitors decrease 
the solution rate of iron into bismuth, and require a higher supersaturation for precipita- 


tion of iron from bismuth. 


by O. F. Kammerer, J. R. Weeks, J. Sadofsky, W. E. Miller, and D. H. Gurinsky 


SE of the low-melting heavy metals (bismuth, 

lead, mercury, and their alloys) as coolants 
has been limited because solution mass transfer of 
steels occurs in these liquids; i. e., iron dissolves in 
the hot sections of the heat transfer circuit and 
deposits in the colder sections. The rate of solution 
of iron and the temperature coefficient of solubility 
are sufficiently great to cause complete or partial 
stoppage by the deposition in the coldest section of 
a closed circuit in finite time, even though the 
actual solubilities are extremely low. In the devel- 
opment of the mercury vapor turbine by the Gen- 
eral Electric Co., Nerad and his associates’ discover- 
ed that the addition of as little as 1 ppm Ti or Zr 
to magnesium-deoxidized mercury reduced the 
mass transfer of ferrous alloys by mercury to a 
negligible amount. Reid’ reported that titanium was 
detected chemically on the surface of steels con- 
tacted with this mercury alloy in amounts varying 
from 2.0 to 2.6 mg per sq in., the greatest amount be- 
ing found in the hottest portion of the circuit. Reid 
stated that the titanium forms the intermetallic 
compound Fe,Ti by reaction with iron on the surface 
of the steels. This compound was presumed to be 
highly insoluble in mercury. More recently, El- 
gert and Egan® have reported a greater than 100- 
fold reduction in the rate of mass transfer of a 5 
pet Cr steel by liquid bismuth upon the addition of 
titanium (in excess of 50 ppm) and magnesium 
(350 ppm) in the liquid metal, during experiments 
performed in thermal convection loops* over the 


* A thermal convection loop consists of a closed pipe circuit in 
which one side is heated and the other side cooled. 
temperature differential 700° to 615°C. Also, Shep- 
ard and his associates‘ have reported that the addi- 
tion of titanium to liquid bismuth and Pb-Bi eutec- 
tic produced a marked decrease in the rates of 
solution of both iron and chromium from type 410 
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steel capsules under static conditions. This inhibiting 
effect increased with repeated reuse of the capsules. 

Tests performed in this laboratory under careful- 
ly controlled conditions have shown that the addi- 
tion of zirconium and magnesium, or titanium and 
magnesium, to liquid bismuth or lead greatly reduc- 
es the rate of mass transfer of chromium alloy 
steels and carbon steels in thermal convection loops 
with a maximum temperature of 550°C.°° The pres- 
ent paper will review the data obtained to date at 
this laboratory on the behavior of iron and steels in 
contact with liquid bismuth alloys containing titan- 
ium or zirconium, and will attempt to explain the 
role of the above additives in reducing solution mass 
transfer. 


Reaction between the Zirconium or Titanium Dissolved 
In Liquid Bismuth and an Iron or Steel Surface 

Reaction between Zirconium Dissolved in Bismuth 
and the Surface of Pure Iron—A small pure iron 
crucible (analyzed by the supplier to contain 0.8 
ppm N was contacted with bismuth containing 
approximately 0.1 pct Mg and varying amounts of 
a radioactive zirconium tracer. The crucible was 
then inverted at the temperature of contact. The 
thin residual layer of adherent bismuth was dis- 
solved in cold, concentrated nitric acid. The crucible 
surface and the solidified bismuth were then ana- 
lyzed for radioactive zirconium. An analysis of the 
activity loss on the crucible surface and the weight 
loss of the crucible during the nitric acid treatment 
showed that the acid treatment removed the zir- 
conium that had originally been dissolved in the 
adherent bismuth, but not any zirconium that may 
have reacted with the crucible surface. The cru- 
cible was then pickled in warm aqua regia to remove 
all surface activity, hydrogen-fired at 600°C, and 
recontacted with a new liquid alloy. 

The results of the experiments contacted 1 hr at 
450°C show, Fig. 1, a Langmuir-type adsorption 
with an adsorption free energy of approximately 17 
keal per g atom Zr.’ This deposit was estimated to 
contain 1 atom of zirconium for each 7 to 8 iron 
atoms on the crucible surface, assuming a surface 
roughness factor of the pickled crucibles to be five. 
Increasing the temperature to 520°C caused consi- 
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Fig. 1—Deposition of zirconium on iron from liquid bismuth 


at 450°C. = 


Fig. 2—Right: Deposition of zirconium on iron from liquid 
bismuth. 


derably thicker surface deposits to form, Fig. 2. 
The amount of deposit becomes a rather complex 
function of concentration of zirconium in the liquid 
metal and of contact time. The maximum amount 
of deposition corresponds to a layer of zirconium 
approximately 30 atoms thick. The structure of 
this deposit is not known. 

X-ray Examination of Iron and Steel Surfaces 
After Contacting with Zr-Bi or Ti-Bi Solutions— 
A series of steel specimens and pure iron were con- 
tacted with bismuth containing zirconium or titan- 
ium (with or without magnesium) at tempera- 
tures ranging from 550° to 750°C, for periods from 
100 to 1000 hr. The specimens were withdrawn 
from the bismuth at temperature. After cooling, the 
adherent bismuth (all samples were thoroughly 
wetted by the bismuth when removed from the 
melt) was removed by dissolution in a mercury 
bath at 170°C. The cleaned surfaces were examined 
by X-ray reflection techniques, utilizing a North 
American Phillips high-angle spectrometer. The 
results are summarized in Table I. (No corrosive 
attack was observed on the steel specimens.) 
In the tests at 750°C, ZrN* was found in identifi- 


* For identification purposes, the X-ray data of Duwez and Odell19 
were used through the entire research. 


able quantities on the surface of all steel samples, 
except for one specimen of drill rod. In the tests at 
550°C, the reflections from the ZrN surface de- 
posits were very weak even after 1000 hr contact 
of alloy chromium steels with the reacting Bi-Zr 
liquid. ZrN was readily found on low-carbon steel 
samples under these same conditions, however. Pure 
(low-nitrogen) iron samples were severely corro- 
ded by 0.1 pct Zr-Bi solutions at 750°C, and no sur- 
face deposits could be found. No attack was ob- 
served on this quality of iron after contact with a 
saturated solution of zirconium in bismuth for 100 
hr at either 650° or 750°C. However, no surface 
deposits were found by X-ray reflection. 

Similarly, TiN was found on the surface of steels 
contacted with Ti-Bi solutions at 750°C, Table I. 
To examine the possibility that these deposits might 
also form from Ti-Hg systems, a polished 1020 
steel sample was contacted for 120 hr with liquid 
mercury saturated with titanium at 750°C in a 
stainless steel bomb. X-ray examination of the 
specimen surface after contact gave two distinct 
patterns, corresponding to TiC and TiN. A continu- 
ous, adherent layer was observed on a cross section 
of the polished surface, as seen in Fig. 3. However, 


Transactions of The Metal- 
lurgical Society of AIME 


re) 
re) 
fe) 
T 


3500;— 


CONTACT HISTORY 


+=24 HRS AT 520°C 
o= 3 HRS AT 520°C 


ACTIVITY ON GRUGIBLE SURFACE (COUNTS PER MINUTE) 
je) 
T 


j e = | HR AT 450°C 
Li 
/ 
A 
* 
+ 
QO 20 40 60 80 100 140 180 200 220 240 
ppm Zr IN Bi 


the surface, when examined directly, revealed the 
presence of a cubic phase embedded in a fine-grained 
matrix, as seen in Fig.4. It has not been possi- 
ble to distinguish which part of the layer is TiC and 
which is TiN. The larger surface crystals were quite 
brittle, and were therefore partially broken off dur- 
ing the preparation of the cross section. However, 
the remains of one or two of them are visible in 
Fig. 3. ae 

Pure (low-nitrogen) iron samples were not at- 
tacked by bismuth saturated with titanium in 100 
hr at either 650° or 750°C. A thick surface deposit 
was formed which appeared to be hexagonal, and 
yielded an X-ray diffraction pattern that has not 
yet been identified. The lines do not, however, cor- 
respond with TiN, TiC, or any of the known Ti-Fe 
intermetallic compounds. A portion of this deposit 
was mechanically removed, and analyzed from each 
of two different contact experiments to contain 
iron, titanium, and bismuth in the ratio FeTi,Bi,. 


Solubility of Zirconium Surface Deposits on Con- 
tact with Liquid Bismuth—The above experiments 
suggest that there are two distinct surface reactions 
between pure iron and steels and the zirconium in 
the bismuth solutions; one depending upon the 
affinity of zirconium for iron and the other upon 
the affinity of zirconium for the nitrogen present in 
most commercial steels. The behavior of the most 
stable Zr-Fe intermetallic compound (Fe.Zr) and 
of ZrN and ZrC when contacted with liquid bis- 
muth was therefore investigated. 

A button of Fe.Zr intermetallic compound* that 


* Obtained from the Battelle Memorial Institute, Columbus, Ohio. 


yielded only the X-ray diffraction pattern of Fe.Zr 
was wedged into the bottom of a pure iron crucible. 
Hydrogen-purified liquid bismuth was filtered into 
the crucible. Filtered liquid samples were taken 
after 24 hr equilibration at each of a number of 
temperatures between 650° and 400°C. For experi- 
mental details, see refs. 5 through 7. Zirconium and 
iron were both present in all the liquid samples; 
zirconium to its normal solubility, and iron some- 
what in excess of its normal solubility. Metallo- 
graphic and X-ray examinations upon cooling after 
completion of the experiment showed that the but- 
ton of Fe.Zr had completely disintegrated. A mass 
of finely-divided iron and of Fe.Zr particles was 
found in the residue. These results suggest that the 
intermetallic compound Fe.Zr is unstable or soluble 
in liquid bismuth. 
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Fig. 3—Cross sections of surface deposit on 1020 steel contac 


X500. Reduced approximately 16 pct for reproduction. 


A sample of ZrC and ZrN* was activated in the 


* Obtained from American Electro Metal Corp., Yonkers, LN. 4 
The sample used actually was a ZrN-ZrC solid solution with an 
X-ray unit cell dimension intermediate between those for ZrC or 
ZrN, and analyzed to contain 22 pct ZrN and 78 pct ZrC. 


Brookhaven National Laboratory pile to a Zr” 
activity of approximately 10° cpm per mg. One- 
half g of this material was held at the bottom of a 
graphite crucible and 350 g of hydrogen-purified 
bismuth were vacum-filtered into the crucible. 
Filtered samples of the liquid metal were taken 
after equilibration under a number of conditions, 
which are summarized in Table II. No radioactive 
zirconium was found in the liquid phase.* ZrC-ZrN 


* The slight activity noted is definitely attributable to the uranium 
in the sample, and its variations to segregation in the solidified 
bismuth sample. Under the same geometry, 60 ppm Zr in the bis- 
muth would have yielded something greater than 1000 cpm, as 
determined on a dummy sample. 


mixtures thus appear to be completely insoluble 
(inert) in liquid bismuth and Pb-Bi alloys. 


Kinetic Effects of Additions to Bismuth 


Solution Rates—The rate of solution of iron from 
pure iron and from steels into liquid bismuth con- 
taining zirconium and/or magnesium has been 
measured. Experimentally, a crucible of the ma- 
terial to be investigated was equilibrated with 300 to 
500 g of purified bismuth containing the desired 
additives for 24 to 72 hr at 425°C. The liquid 
metal was then sampled and the temperature raised 
to 615°C. A series of liquid metal samples were taken 
as the crucible and liquid were equilibrating. The re- 
sults obtained when pure (low-nitrogen) iron crucible 
is dissolving in pure bismuth, bismuth plus magne- 
sium, and bismuth plus magnesium plus zirconium are 
shown in Fig. 5. The temperature cycle in terms of 
the solubility of iron in bismuth is shown for refer- 
ence. In pure bismuth, iron dissolves nearly as ra- 
pidly as the temperature is raised. The presence of 
magnesium decreases this solution rate consider- 
ably, probably by removal of last traces of oxygen 
from the system. Zirconium and magnesium show 
little additional effect over that of magnesium alone; 
by increasing the solubility of iron in bismuth,’ 
zirconium increases the effective solution potential 
of iron into bismuth, and therefore the apparent 
solution rate. These experiments suggest that the 
deposition of zirconium on the surface of pure iron 
does little to reduce (inhibit) the solution rate of 
iron into bismuth. ; 

The results of similar experiments (over a slight- 
ly different temperature cycle) performed in sever- 
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ted with mercury saturated with titanium for 120 hr at 750°C. 


al steel crucibles are shown in Fig. 6. Here again, 
in pure bismuth, iron dissolved from a 5 pet Cr steel 
nearly as rapidly as the temperature was raised. 
The rate of solution of iron from a 12 pct Cr steel 
was somewhat slower. The addition of magnesium 
further retarded the solution rate. However, the 
further addition of zirconium to the liquid bismuth 
considerably decreased the solution rate; from the 
type 1020 steel crucible no detectable amount of 
iron dissolved into bismuth containing zirconium in 
48 hr at 630°C. In the presence of inhibitors iron 
dissolved at essentially the same rate from both a 
pet.Cr 12 pet Cr-steel- 

Precipitation Rates—The effect of inhibitors on 
the precipitation process has also been determined. 
After the crucible and the liquid metal had equili- 
brated at the maximum temperature in the experi- 
ments previously described, the temperature was 
lowered to 425°C and the liquid metal again sam- 
pled periodically as the system equilibrated. The 
results obtained in the pure iron crucible are shown 
in Fig. 7. Here also the temperature cycle is plotted 
in terms of the solubility of iron in bismuth for ref- 
erence. From pure bismuth, iron precipitated near- 
ly as rapidly as the temperature was lowered. Zir- 
conium and magnesium additives in the bismuth 
caused a slight initial delay in precipitation, follow- 
ed by rapid precipitation of most of the excess iron; 
however, precipitation of the last few ppm above 
saturation was very slow in these solutions. The 
addition of magnesium alone to the bismuth retard- 
ed precipitation, but to a considerably lesser extent 
than the addition of zirconium with the magnesium. 

When the same data are plotted as the degree of 
supersaturation in the liquid metal (ppm in solu- 
tion/equilibrium solubility) as a function of time, as 
in Fig. 8, the significance of the data is more appar- 
ent. Additions of zirconium and magnesium are 
seen to stabilize the liquid metal at a supersatura- 
tion of approximately 2.0 for more than 7 hr at 
425°C. Other data have shown this supersaturation 
to remain constant after 48 hr at 445°C. Magnesium 
alone, while retarding precipitation, does not appear 
to stabilize these supersaturated solutions. 

Precipitation data obtained in the 5 pct Cr steel 
crucible are shown in Fig. 9. In duplicate runs it 
was observed that zirconium and magnesium addi- 
tions stabilized the supersaturation of the solution 
at nearly 3.0 for more than 24 hr. Precipitation data 
obtained in a 12 pct Cr steel crucible, in which large 
amounts of chromium were present in the liquid 
metal, also showed a supersaturation of chromium 
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mercury saturated with titanium for 120 hr at 750°C. X500. 
Reduced approximately 40 pct for reproduction. 


in the bismuth of approximately 2.5 for more than 
24 hr. 
Discussion of Results 

The decrease in corrosion and mass transfer ob- 
served when steels are contacted statically or dy- 
namically in liquid bismuth and mercury to which 
zirconium or titanium has been added can be ex- 
plained by the results presented. Zirconium or ti- 
tanium initially deposits on the surface of iron or 
steels, either to satisfy the surface unsaturated 
bonds or to form some intermetallic compound 
with the surface. These initial surface deposits do 
not account for the decrease in corrosion noted in 
steels, as demonstrated by the experiments on the 
behavior of Fe.Zr in bismuth. It is therefore postu- 
lated that after the initial layer forms, nitrogen, 
which is always present in steels, diffuses to the 
surface, where it reacts with this zirconium or ti- 
tanium deposit. The rate at which the nitride de- 
posit forms is dependent upon the rate of diffusion 
of nitrogen through the steel to the reaction in- 
terface. Alloying agents in the steel that form stable 
nitrides, i.e., zirconium, titanium, aluminum, nio- 
bium, vanadium, silicon, chromium, molybdenum 
(in approximate order of decreasing stability), 
would be expected to decrease the activity of free 
nitrogen in the steels, and therefore decrease the 
concentration gradient for diffusion of nitrogen to 
the interface. Thus, the nitride deposit would be 


expected to form more slowly on the surface of 
chromium alloy steels than on plain carbon steels.* 


* Darken™ has calculated, on this premise, the thickness of ZrN 
deposit that would _be expected to form on a 2% pct Cr steel in 
3000 hr at 550°C; his results predicted closely the 3 deposit found 
experimentally, Table I. 


This has been demonstrated by the greater initial 
solution rate of iron into bismuth containing zir- 
conium from chromium steels than from a mild 
steel, and by the observed greater ease of formation 
of the deposits on the mild steel than on the chro- 
mium steel surfaces. The drill rod on which no de- 
posit was found contained 0.4 pct Al which, because 
of the high free energy of formation of AIN, would 
effectively tie up its nitrogen. However, reaction 
with the inhibitors will result in a nitrogen concen- 


__-tration gradient in all steels (except those contain- 


ing titanium or zirconium,) since these inhibitors 
form nitrides more stable than those of any of the 
alloying agents ordinarily present. The possibility 
cannot be excluded that carbon present in the 
steels reacts similarly to form surface deposits of 
ZrC or TiC, since zirconium and titanium also form 
two of the most stable carbides known. The exist- 
ence of titanium carbide was demonstrated in the 
titanium-mercury-steel experiment. This final sur- 
face layer of ZrN or TiN or TiN + TiC is very in- 
soluble in bismuth (and probably in mercury) and 
thus acts as a barrier through which the iron or 
chromium must diffuse to dissolve in the liquid 
phase. Since the melting points of the nitrides are 
very high, it would be expected that the diffusion 
rates of iron or chromium in them would be very 
low and, therefore, the rate of solution of the steel 
should be markedly reduced. 

Although ZrN or TiN have been shown to exist 
on the surface of steels, it is a matter of speculation 
as to whether such a film would be adherent, con- 
tinuous, and impervious to the liquid phase. There 
is sufficiently close crystallographic match between 
common low index planes of TiN, ZrN, and iron to 
suggest that deposits of these nitrides could be 
bonded firmly to the steel surface. Aluminum and 
uranium also form both stable nitrides and inter- 

“metallic compounds with iron. Aluminum has been 
found to have some inhibiting effect when added to 
mercury.’ Uranium has not been found to inhibit 
mass transfer in bismuth as effectively as titanium 
and zirconium, although UN deposits have been 
identified on the surface of mild steel contacted with 


Table |. Surface Analysis of Iron and Steels Contacted with Liquid Bismuth Containing Zirconium and Titanium 


Inhibitors 
Surface Analysis 
a Contact Contact 
Sample Additives Time, Hr Temperature, °C X-Ray Metallographic 
Pure iron 0.3 pet Zr 115 760 No deposit found. ware puree bright but severely 
attacked. 
i Zz 66 610 No deposit found. Surface bright. No attack. 
i i eposit not identified. urface bri 3 i 
Pure iron Saturated Ti 150 750 p No attack, 
i i Deposit not identified. Surface bright. Thick crystalline 
Pure iron Saturated Ti 142 800 p atiack. 
E 1020 steel 0.3 pet Zr G 118 750 ZrN Surface bronzed. No attack. | 
SAE 1020 steel 0.015 pet Zr, 0.05 pct Mg 7200 500 ZrN ee eeee: Surface deposit 4y 
i 50 TiN Surface copper-colored. No at- 
SAE 1020 steel 0.3 pet Ti 96 7 “Tack, : eee. 
y 1 0.3 Pct Zr 120 750 ZrN Surface bronzed. No attack. 
2¥, pct Cr steel 0.025 pet Zr, 0.1 pct Mg pet antics 
(1.1 pet C steel) 0.3 pet Zr, 0.05 pct Mg 96 760 No deposit found. Surface tarnished. No attack. 
SAE 1020 steel Ti saturated solution in Hg 120 750 TiN + TiC Sooipageedige Si Be pper, 
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TIME IN HOURS 
Fig. 5—Effect of additives on the rate of saturation of liquid 
bismuth with iron as the temperature is raised from 425° to 
615°C. Pure iron crucible. The ratio of surface area to volume 
of bismuth is 0.55 cm™. 


a 0.1 pet U-Bi alloy for 100 hr at 650°C. No satis- 
factory explanation for this can be offered at the 
present time. However, it is possible that the com- 
plex wurtzite structure of AIN, and the relatively 
large unit cell of UN (a = 4.88) compared to ZrN 
(a = 4.57) and TiN (a = 4.23) may cause deposits 
of these nitrides to be less well bonded to the steel 
surface, and therefore less protective. 

The explanation presented above is probably suf- 
ficient to explain the noted decrease in corrosion of 
steels in static tests conducted in the liquid bismuth, 
mercury, and lead, to which zirconium and titanium 
have been added. However, in a solution mass 
transfer corrosion test conducted in the presence of 
a temperature gradient (dynamic or thermal convec- 
tion loop test) the ZrN or TiN film may play another 
important role. The stabilization of the supersatu- 
rated solutions in the precipitation experiments 
suggests that the zirconium, by reacting with the 
surface of the steel crucible and also with the sur- 
face of the iron particles once nucleated, essentially 
eliminates precipitation by a crystal growth mech- 
anism, for which only a slight supersaturation is 
required. These same surface deposits would also 
be expected to influence the ability of the container 
surface to promote (or catalyze) nucleation of iron 
crystals from the melt. The extent of this influence, 
as determined experimentally by the supersatura- 
tion required to cause precipitation at a finite rate, 
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a 1+0.04%Zr 
| | | | | | | 


TIME IN HOURS 
Fig. 6—Effect of additives on the rate of saturation of liquid 
bismuth with iron as the temperature is raised from 415° to 
600°C. Steel crucibles as indicated. The ratio of surface area 
to volume of bismuth is 0.55 cm7. 


Fig. 7—Right: Effect of additives on the rate of precipitation 
of iron from liquid bismuth contained in pure iron crucible 
as the temperature is lowered from 615° to 425°C. 
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Log of Experiment to Measure Reaction Between Radioactive ZrC 
and Liquid Bismuth Solutions 


Equilib- 


ration Activity 
Time, Temper- in10G 
Step Added Hr ature, °C Sample 
1 350 g Bi, 128 a 24 550 None 
radioactive Zr' 
2 500 ppm Mg to 
U to above 
96 550 19 cpm 
5 1000 ppm more U 48 550 90 cpm 
added to above 
6 61 g Pb added to above 24 550 66 cpm. 
7 500 ppm Zr to above 72 550 70 cpm 
8 Raised temperature to 24 725 50 cpm 
125°C 
9 Raised temperature to 24 825 40 cpm 
EC 
10 Se 48 825 40 cpm 


is a function of the crystal structures of the surface 
deposit and the nucleating substance.” 

Newkirk and Turnbull® have derived equations 
relating the measured supersaturation and the 
atomic disregistry between a low index plane of 
the nucleation promotor (or catalyst) and a plane of 
the nucleating crystal. From these equations it is 
possible to calculate the modulus of elasticity of the 
nucleating substance from experimentally measured 
supersaturations. An attempt was made to do so 
from the precipitation data, assuming a deposit of 
Fe.Zr on the pure (low-nitrogen) iron crucible and 
of ZrN on the steel crucible. The measured super- 
saturations were considered to be 2.0 and 2.9, re- 
spectively, Figs. 8 and 9. A modulus of 1.68 x 10” 
dynes per sq cm was obtained, which compares with 
a value of 1.7 x 10” estimated for pure iron at 400°C 
from the data given by Smithells,* assuming the 
temperature coefficient of the modulus of pure iron 
to be similar to that of annealed Armco iron. The 
agreement is probably fortuitously close, but sug- 
gests that the effectiveness of an inhibiting layer on 
the precipitation process can be estimated from a 
comparison of its crystal structure with that of the 
precipitating substance. As an example, the dis- 
registry for iron precipitating on the TiN deposits 
predicts a stable supersaturation of 2.03. One ex- 
periment yielded values of 1.8 to 2.3; these limits, 
due to experimental scatter, bracket the calculated 
value. However, possible effects of titanium on the 
solubility of iron in bismuth have not yet been de- 
termined. 

The apparently stable supersaturated solution ob- 
served during cooling of the liquid metal containing 
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Fig. 8—Effect of additives on the rate of precipitation of iron 
from liquid bismuth contained in pure iron crucible as the 
temperature is lowered from 615° to 425°C, showing meas- 
ured supersaturations as a function of time. 


inhibitors suggests that mass transfer may be all but 
eliminated in a circulating system in which the sol- 
ubility ratio due to the temperature gradient does 
not exceed the measured supersaturation. This is 
probably the case in the mercury boiler, in which 
the solubility ratio was approximately 1.5,? com- 
pared with the 1.8 to 2.3 measured supersaturation. 
Also, bismuth thermal convection loops containing 
zirconium and magnesium additives with a 50°C 
gradient (solubility ratio = 2.3) are still operating 
normally at this laboratory after more than 25,000 
hr. This is a greater than a ten to one increase in 
life over similar loops without inhibitors. Increasing 
the temperature gradient to 100° (solubility ratio = 
5.3) and 150°C (solubility ratio = 10) in loops con- 
taining zirconium and magnesium has caused mass 
transfer at a rate which appears gradually to de- 
crease with time. During the first 1600 hr, the aver- 
age rate correlated well with that calculated from 
solution rate curves of the type shown in Fig. 6 
when the static solution rate equations of Epstein” * 
were applied.* The deposited material was not as 
well bonded to the container wall as that obtained in 
loops not containing zirconium. 

The proposed interpretation of the precipitation 
data implies that the iron which precipitates from 
the bismuth during the initial cooling of the melt in 
the steel crucible also becomes covered with at least 
a surface monolayer of zirconium nitride; other- 
wise, the surface of this iron would further cata- 
lyze precipitation. Initially, this may be the case. 
In Fig. 9, the supersaturation dropped in each ex- 
periment during the first few hours, and then rose 
to 2.9 where it remained for over 24 hr. This change 
in supersaturation was not noted in the nitrogen- 
free iron crucible, Fig. 8. This suggests that the 
initial iron precipitate forms against the container 
wall, that this reacts rapidly with the dissolved zir- 
conium to form at least a surface monolayer of Zr- 
Fe intermetallic compound, and that nitrogen dif- 
fusing through this deposit from the steel, or along 
its surface from the point of contact with the steel 

at which the crystal was originally nucleated, sub- 
sequently reacts with the surface intermetallic com- 
pound to form ZrN, thereby releasing some iron to 
the liquid. 
Conclusions 

1) Zirconium and titanium inhibit mass transfer 

of steels by liquid bismuth, mercury, and probably 
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Fig. 9—Effect of additives on the rate of precipitation of 
iron from liquid bismuth contained in a 5 pct Cr steel cru- 
cible as the temperature is lowered from 600° to 425°C, 
showing measured supersaturations as a function of time. 


lead by reacting with the surface of these steels to 
form adherent deposits of ZrN, TiN, or TiN + TIC. 
2) These deposits are inert to liquid bismuth and 
Pb-Bi, and probably to mercury and lead. 
3) The rate of formation of these deposits is 
probably controlled _by the activity of the nitrogen 


in the steels. 


4) The rate of mass transfer in inhibited systems 
with a large solubility gradient is controlled by the 
rate of solution of the steel into bismuth in the 
hottest portion of the circuit. 

5) The rate of mass transfer in inhibited systems 
with a low solubility gradient is at least partially 
controlled by the ability of the inhibiting layer to 
promote or catalyze nucleation of the precipitating 
iron or chromium in the coldest portion of the cir- 
cuit. 
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Corrosion Mechanism of Uranium-Base 


Alloys in High Temperature Water 


Uranium-base alloys exposed to high temperature water fail either by uniform 
oxidation or by sudden cracking and disintegration of the metal. The disintegration 
results from the oxidation of a second phase which is precipitated during the corrosion 
process. The precipitate has been identified as a metastable hydride of uranium. 


by M. W. Burkart and B. Lustman 


RANIUM-BASE alloys consisting of the body- 

centered-cubic y phase are susceptible to two 
different modes of corrosion failure when exposed to 
high temperature water. In the first process, a smooth 
oxide film is formed on the metal surface which 
continually flakes off during exposure and results 
in a uniform weight loss of the specimen. The oxide 
is present as a thin, adherent layer whose thickness 
remains approximately constant. As the metal oxi- 
dizes during corrosion, a nonadherent layer is built 
up on this film and continually sloughs off. Coin- 
cident with the uniform corrosion just mentioned, 
another process occurs which eventually leads to 
failure of the metal by cracking and general disin- 
tegration. The failure takes place during a rela- 
tively short time compared to the total exposure. 
To distinguish this type of failure from the uniform 
corrosion, the cracking or disintegration of the 
metal will be referred to as discontinuous failure. 
For the y phase uranium alloys it is discontinuous 
failure rather than uniform corrosion that limits the 
useful corrosion life of the alloy. This paper will be 
concerned primarily with the mechanism of discon- 
tinuous failure. 

Physical Changes During Corrosion—The alloys 
used in this investigation were y phase uranium 
alloys containing 7 to 12 wt pct Mo or Cb. The 
preparation of the alloys, the method of corrosion 
testing, and the actual corrosion results are pre- 
sented in another paper.’ The y quenching treatment 
consists of annealing the alloy for 24 hr at 900°C 
in a sealed Vycor glass tube filled with helium and 
then water quenching to room temperature without 
breaking the tube. 

The corrosion behavior typical of a y phase ura- 
nium alloy is shown in Fig. 1. This specimen was 
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a U-12 wt pct Mo alloy tested in pressurized, de- 
gassed water at 650°F. The corrosion rate was prac- 
tically constant at 0.28 mg per sq cm per hr or in- 
creased slightly until about 15 to 20 days of ex- 
posure, when the onset of discontinuous failure oc- 
curred in this particular sample, and the specimen 
soon began to crack and disintegrate. The simul- 
taneous increase in the observed corrosion rate is a 
result of the increased area of exposure due to 
cracking of the specimen. The microstructure of a 
specimen that failed by cracking is shown in Fig. 2. 
The presence of a plate-like precipitate can readily 
be seen. Metallographic examination of corrosion 
specimens reveals that the onset of discontinuous 
failure is always preceded by the formation of a 
plate-like second phase in the y uranium matrix. 

Hydrogen analyses of specimens periodically 
withdrawn from corrosion test reveal that the hy- 
drogen content of the alloy increases on exposure 
to the high temperature water, as shown in Fig. 3. 
The hydrogen is available as a corrosion product 
resulting from the formation of UO, by the reac- 
tion of the alloy with water. Specimens analyzed 
just prior to discontinuous failure contained as 
much as 1200 ppm H, whereas the plate-like phase 
appears to precipitate out at a hydrogen concentra- 
tion of between 10 and 25 ppm. The observed in- 
crease in hydrogen content prior to and during the 
formation of the plate-like precipitate suggests that 
this constituent may be a hydride of uranium. Addi- 
tional evidence linking the identity of this phase to 
a hydride is that it can be removed by vacuum an- 
nealing at temperatures of 100°C and above. De- 
composition products of the y phase would certainly 
not dissolve at such temperatures, nor could other 
likely products of corrosion, such as oxides, be dis- 
sipated at any of the test temperatures. 

The precipitation and growth of the second phase 
during corrosion is accompanied by an increase in 
hardness of the specimen. The hardness increase re- 
sults from the dispersion of the harder precipitated 
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phase and from the strain hardening of the matrix 
due to the lower density of the precipitate. 

The hydrogen-rich phase appears to precipitate 
first along the grain boundaries of the alloy. The y 
quenched alloys corrosion tested for various lengths 
of time exhibit a grain boundary etching effect that 
extends into the alloy much beyond the precipita- 
tion of the plate-like phase. The depth of penetra- 
tion of this etching effect increases with increasing 
exposure. Whereas it is almost impossible to reveal 
the grain boundaries of as-quenched y phase speci- 
mens by normal etching techniques, they are readily 
observed after short corrosion exposures. The pre- 
cipitated plates appear to form at the grain bound- 
ary and grow edgewise into the grain, eventually 
traversing it. Within the grain the plates form on 
the {100} planes of the y uranium matrix. The plates 
may also originate within a grain or on a plate al- 
ready formed. This behavior is probably a function 
of the concentration and rate of diffusion of hydro- 
gen and of the state of stress within the grain. In 


this manner a continuous path of hydrogen-rich 


material is formed throughout the metal. In those 
cases where growth of the plates has been inhibited 
by heat treatment or alloying, an appreciable in- 
crease in life has been observed before the onset of 
discontinuous failure. 

The corrosion susceptibility of the hydrogen-rich 
phase is somewhat greater than that of the y matrix, 
and the corrosive attack occurs preferentially along 
the continuous paths of precipitate. The attack is 
then both transgranular and intergranular. In addi- 
tion to providing a_ corrosion-susceptible path 
through the metal, the growth of the hydrogen-rich 
phase accelerates the corrosion process. Because of 
the lower density of the precipitate, the surround- 
ing matrix is highly stressed and subject to the for- 
mation and propagation of cracks at the ends of the 
precipitated plates. Thus the metal is both em- 
brittled and rendered susceptible to stress corrosion. 
Subsequent corrosion of the hydrogen-rich phase 
results in the formation of UO, of even lower den- 
sity. Apparently the formation of the hydrogen-rich 
phase is not sufficient in itself to cause cracking 
of the metal since continuous networks of the pre- 
cipitated phase have been observed both in cathod- 
ically hydrided and in corroded specimens that 
were not cracked. However, oxidation of the hy- 
drogen-rich phase through corrosion undoubtedly 
results in crack propagation. There also exists the 
possibility of stress-accelerated decomposition of 
the y phase at the edges of the growing plates or 
cracks, resulting in the formation of more readily 
corrodible phases. The corrosion of the hydrogen- 
rich phase has the appearance of oxide fingers 
growing into the metal along the paths of precipi- 
tate, as shown in Fig. 2. The growth of these fingers 
results in cracking and failure of the metal. 

Identification of the Corrosion-Induced Precipi- 
tate—The correlation of precipitation with hydro- 
gen content suggests that the precipitate may be 
duplicated outside of the corrosion process by the 
introduction of hydrogen into uranium metal. Thus 
far it has been found that this phase can be pro- 
duced in y phase alloys in at least three different 
ways: 1) by corrosion testing in high-temperature 
pressurized water, 2) by making the specimen the 
cathode of an electrolytic cell, and 3) by ionic bom- 
bardment. It is equally significant that it cannot be 
produced by heating in molecular hydrogen, at least 
at pressures up to 1 atm. 
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In the cathodic hydriding method, the alloy was 
made the cathode in an electrolytic cell with an 
electrolyte of a 0.1 N phosphate solution of Na,HPO, 
buffered to a pH of 7.0. Platinum was used as the 
anode and to make electrical contact with the alloy. 
A current density of 15 ma per sq cm was found to 
be satisfactory. In order to induce precipitation by 
ionic bombardment, a sample was subjected to a hy- 
drogen glow discharge for 1% hr at a current den- 
sity of 7 ma per sq cm and a potential difference of 
2800 volts. Under these conditions the precipitated 
plate-like phase was produced to a depth of ap- 
proximately 0.01 in. 

In both of these methods of introducing hydrogen, 
the microstructure and distribution of the plate-like 
phase are similar to those produced during corro- 
sion, and the resulting phase is assumed to be the 
same hydrogen-rich phase. The hydrogen required 
to form the precipitate in the corrosion process is 
presumably made available by the following re- 
action: 

2H.O + U-> UO, + 4H. 


Note that the hydride phase is found in y phase al- 
loys only under conditions such that atomic or 
ionized hydrogen is released at the metal surface. 
The observed increase in hydrogen content prior 
to and during the formation of the plate-like pre- 
cipitate suggests that this constituent may be a hy- 
dride of uranium. Uranium hydride exists in two 
allotropic forms: a UHs, a recently discovered low 
temperature form;’ and 8 UH;.* The crystal struc- 
ture of a UH, is simple cubic with a = 4.160A and 
2 mol per unit cell. The 8 UH; is also simple cubic 
with a = 6.620A and 8 mol per unit cell. The ex- 
perimental evidence concerning the nature of the 
precipitated phase conflicts in many respects with 
the concept that the precipitate is UH, the only 
stable U-H compound that has as yet been estab- 
lished. There is, however, considerable evidence 
for the presence of UH, in a corroded specimen. 
The examination of hydrided polycrystalline sam- 
ples of U-12 wt pct Mo by X-ray diffraction meth- 
ods has given inconclusive evidence for the pres- 
ence of either a or 8 UH;. The best patterns ob- 
tained show only four weak and very broad peaks 


’ at the predicted locations for 8 UH; in spite of the 


fact that the precipitated phase constituted at least 
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exposure to 650°F water. X100. Reduced approximately 30 
pct for reproduction. 


20 pct of the bulk specimen volume. The same re- 
sults have been obtained whether the specimens 
were hydrided cathodically or by corrosion testing. 
Annealing of hydrided samples for 24 hr at 300°C in 
a helium atmosphere sharpened the diffraction 
lines to the point where six or seven peaks were 
observed in the correct position for UH;. However, 
as described later, this is believed to be a surface 
effect only. 

An electron diffraction pattern obtained from a 
corroded specimen showed the first 14 lines of B 
UH;. The pattern consisted of sharp, uniformly 
darkened rings which indicated a particle size larger 
than 1000A. 

The y phase U-Mo alloys containing the hydro- 
gen-rich, plate-like phase are also observed to be 
ferromagnetic at low temperatures, regardless of 
whether the second phase has been produced by 
corrosion testing, cathodic hydriding, or hydrogen 
glow discharge. The Curie temperature of the fer- 
romagnetic constituent was found to range from 
175° to 155°K depending upon the molybdenum 
content. At a Curie temperature of 175°K, UH; is 
also ferromagnetic;* above this temperature, it is 
paramagnetic. 

Furthermore, the formation of UH, is favored 


from a thermodynamic standpoint. Aside from the © 


fact that no other stable H-U compounds are known, 
thermodynamic evidence supports the conclusion 
that UH; should form as a result of the reaction of y 
U-Mo (or Cb) alloys with hydrogen. 

For the reaction 


aU + 3/2 H.> UH,, 
the free energy change’ is 
AF = —30,100 + 2.3T log T + 35.85T. [1] 
For the yU> aU transformation 


AF = —2,485 — 10.6T + 2.1T log T 
+ 4x — 8 10‘T=. 


Thus, for the reaction 


yU 3/2 UB, 
AF = —32,585 + 25.25T + 4.4T log T 
+4 xX 10°T?—8 x 10'T>. [2] 


At a temperature of 650°F, the change in free en- 
ergy AF = —8132 cal per mol. Assuming ideal solu- 
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tion and that the molybdenum is inert to hydrogen, 
the free energy for the reaction of hydrogen with a 
U-12 wt pct Mo alloy to form UH, is AF = —8406 
cal per mol at 650°F. 

Despite the foregoing evidence, it has been con- 
cluded that the precipitated phase is not UH; but 
rather a metastable transition phase between % 
uranium and UH;. The basis of this conclusion is 
described as follows. 

Electron diffraction gives information from only 
a thin layer of the sample surface, perhaps 50A at 
most. The depth of penetration of CuK radiation 
is slightly less than 1 mil in U-Mo alloys; thus the 
surface reflection X-ray technique employed also 
gives information from only a thin surface layer. 
The relative ease of penetration by neutrons, how- 
ever, provides an ideal method for obtaining in- 
formation about volume effects in uranium alloys. 

Because the coherent scattering cross section of 
deuterium is greater than that of hydrogen, U-12 
wt pct Mo samples to be examined by neutron dif- 
fraction were cathodically hydrided in heavy water 
to form a deuterium-rich phase. Comparison sam- 
ples were also prepared in ordinary water, forming 
the hydrogen-rich phase. Lineal analysis of the spe- 
cimen microstructures indicated that 5 to 8 pct of 
the specimen volume consisted of platelets. The 
specimens were examined with the neutron diffract- 
ometer of the Brookhaven National Laboratory by 
L. M. Corliss. The hydrided specimen gave no in- 
dication of the presence of UH;. The deuterided 
specimen showed a very slight increase in intensity 
in the neighborhood of the strongest UD, peak. If 
the particle size is assumed to be large enough, the 
amount of UD, present would have to be less than 1 
pet to give a peak of this intensity. The neutron 
diffraction results indicate that the UH; phase found 
by electron and X-ray diffraction is confined to the 
surface of the specimen. 

Precision lattice parameter measurements taken 
during the course of cathodic hydriding indicate that 
the lattice parameter of the y phase alloys increases 
approximately 0.5 pct with increasing exposure. 
After the first appearance of the precipitated phase 
the lattice parameter appears to remain at a con- 
stant value. The solubility limit of hydrogen in the 
alloy, determined by the first appearance of the 
plate-like precipitate and the discontinuity in the 
lattice parameter as a function of hydrogen con- 
tent, is between 11 and 25 ppm H. 

The density of a U-10 wt pct Mo alloy cathod- 
ically hydrided four days at 100°C was observed to 
decrease from 17.23 to 17.17 g per cu cm. From a 
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lineal analysis to determine the amount of the pre- 
cipitated phase present and the hydrogen analysis 
of the specimen, it was possible to estimate the 
composition of the plate-like phase as UH... with a 
density of 15 g per cu cm. These numbers repre- 
sent only a rough estimate because of the inability 
to obtain a uniform distribution of the hydrogen- 
rich phase throughout the specimen. Furthermore, a 
very small error in the specimen density results in 
a large error in the calculated composition. It is 
justifiable, however, to asume that the composition 
is not 


Careful measurements were made on a large 
grained, hydrided specimen using an X-ray spec- 
trometer. When the orientation of the specimen 
was such as to provide reflection from only one 
grain, it was possible to resolve the (110) y dif- 
fraction peak into two separate peaks correspond- 
ing to y structures of slightly different lattice para- 
meters. Back-reflection Laue patterns from a single 
grain show, after hydriding, the presence of addi- 
tional spots slightly displaced from those present 
before hydriding, which indicates a second phase of 
the same structure and a slightly altered orienta- 
tion. This evidence suggests that the hydrogen-rich 
phase may consist of y uranium with an increased 
cell size due to dissolved hydrogen and may, of 
course, constitute a distinct, separate phase. 

The dissociation pressure of the precipitated sec- 
ond phase was determined in order to compare it 
with the published values for UH. In this experi- 
ment a U-12 wt pct Mo specimen was annealed at 


900°C for 24 hr, water quenched to retain the y 


phase, then electropolished and exposed to degassed 
water at 343°C. After the corrosion treatment the 
specimen was again electropolished, then sealed in 
a constant volume system in which the dissociation 
pressure was determined as a function of tempera- 
ture. Equilibrium conditions were usually attained 
within 24 hr, even at temperatures as low as 150°C. 
The equilibrium pressures were reproducible either 
upon heating or cooling to the desired temperature. 
Thus molecular hydrogen could be introduced into 
the metal through the medium of the plate-like 
second phase although, as will be shown, it cannot 
be introduced into samples that do not contain this 
phase. 

The values obtained for the equilibrium pressures 
of the specimens with different initial concentra- 
tions of hydrogen are shown in Fig. 4. From this 
figure it can be seen that the dissociation pressure 
and the heat of dissociation for the hydrogen-rich 
phase are different from those of UH, in equilibrium 
with either a uranium or y uranium. The slope of 
the curve for UH, in equilibrium with y uranium 
would differ from that for a uranium by approxi- 
mately 10 pct. The heat of dissociation of the hy- 
drogen-rich phase in y uranium, as obtained from 
the slope of the line, is 5.65 kcal per mol H., whereas 
the value for UH, in equilibrium with a uranium is 
20.5 keal per mol H,. By differentiating the value of 
AF/T in Eq. 2 with respect to temperature, the heat 
of formation of UH; from y uranium was found to be 
23.4 kcal per mol H.. Thus, not only is the pressure 
above the hydrided samples higher than that over 
equilibrium UH, but its heat of formation is much 
less. Both of these facts confirm the theory that the 
phase is not UH; and that it is a nonequilibrium 


phase. Were this phase some yet unidentified stable © 


hydride of composition UHi.. as already estimated, 
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its vapor pressure at corresponding temperatures 
would be less than that of UHs. ~ 

The y phase alloys do not react with molecular 
hydrogen beyond the extent of absorbing 13 ppm 
H at 343°C and 1 atm pressure, a value which corre- 
sponds to the extrapolated solubility limit in the 
U-H equilibrium diagram. In order to determine 
the extent of reaction, the specimens were placed 
in a calibrated manometric system and then an- 
nealed in hydrogen at a pressure of 1 atm. No re- 
action could be detected in a U-12 wt pct Mo y 
quenched specimen after five months at 300°C. The 
y quenched U-9 and 12 wt pct Mo specimens that 
had been partially decomposed to form varying 
amounts of the a and e phases were also annealed 
in 1 atm H at 300° and 250°C. In each case the ex- 
tent of hydrogen pickup was proportional to the 
amount of the a present in the specimen. From 
these experiments it was concluded that molecular 
hydrogen will not react with a y phase uranium 
alloy or the « phase in the U-Mo system, whereas 
it will combine with uranium metal in the a@ or 
a + States. 

Once the precipitate has been formed, either by 
corrosion or by cathodic hydriding, it may be re- 
moved by vacuum annealing at temperatures as low 
as 100°C. Subsequent exposure to a molecular hy- 
drogen atmosphere results in the formation of the 
hydrogen-rich phase as plates of approximately the 
same size and in the same locations as prior to 
vacuum annealing. No new plates were observed. 
Thus, the formation of the plates must produce some 
configuration of imperfection or internal strain in 
the metal which is retained even after all the hy- 
drogen has been removed. This concept is also con- 
firmed by metallographic examination, which re- 
veals the former location of the plates as ghosts re- 
sulting from an increased rate of attack during 
electropolishing. Subsequent annealing of the speci- 
men to remove the imperfections or ghosts renders 
the metal incapable of reforming the plates upon 
exposure to molecular hydrogen. 

Additional evidence that the formation of the 
plates affects the state of stress of the surrounding 
matrix is shown in Fig. 5, which is a micrograph 
across the section of a U-10 wt pct Mo strip cathod- 
ically hydrided while under stress in a constant mo- 
ment bending jig. The right side of the illustration is 
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Fig. 5a—The y quenched U-10 wt pct Mo alloy, cathodi- 
cally hydrided 18 hr while stressed in bending. The com- 
pression side is on the left; the tensile side, on the right. 
Note that plates form perpendicular to the direction of ten- 
sile stress. X50. Reduced approximately 10 pct for reproduc- 
tion. 


the specimen side which had been under tension 
and, of course, the left side was under compres- 
sion. The plates first form in the region under ten- 
sion and align themselves perpendicular to the di- 
rection of the tensile force. After longer hydriding 
times, the plates appear on the compression side 
and are parallel to the compression direction. The 
stress orienting effect is understandable if the den- 
sity of the hydrogen-rich phase is less than that of 
the y uranium, as experimental results have already 
indicated. 
Discussion 

It is now possible, from the data already pre- 
sented, to propose a mechanism for the corrosion 
of uranium-base alloys. Considerably more evidence 
exists for the proposed mechanism which will be 
presented in a subsequent paper devoted to the ef- 
fect of different variables upon the corrosion resist- 
ance of uranium-base alloys.® 

Consider first the corrosion of a uranium in water. 
When the uranium surface is exposed to water at 
650°F, it oxidizes and liberates hydrogen according 
to the reaction previously discussed. A certain frac- 
tion of the hydrogen dissolves in the base metal (it 
has been observed that between 15 and 20 pct of 
the hydrogen liberated at the specimen surface dur- 
ing corrosion enters the metal). From Fig. 4 it may 
be seen that UH; decomposes at a pressure of 88 mm 
at 650°F. By assuming Sieverts’ law for the solu- 
bility of hydrogen in a uranium and referring to 
Fig. 8.1 of ref. 7 it may be calculated that, when 
the hydrogen content of the surface of the specimen 
reaches 0.34 ppm, UH, will form at the surface. Sub- 
sequent corrosion will then occur by oxidation of 
UH; by the water, further liberation of hydrogen, 
formation of additional UH,, etc. It is characteristic 
of oxide films formed indirectly by the oxidation 
of previously formed films that they are not protec- 
tive; the rusting of iron in a moist atmosphere is 
an example of this behavior. It would be expected 
therefore that the corrosion rate of a uranium would 
be very high in water, appreciably faster than its 


30—FEBRUARY 1958 


Fig. 5b—The yy quenched U-10 wt pct Mo alloy, cathodi- 
cally hydrided 54 hr while stressed in bending. The compres- 
sion side is on the left; the tensile side, on the right. Note 
that plates have now formed on the compression side parallel 
to the direction of compression stress. X50. Reduced approxi- 
mately 15 pct for reproduction. 


rate of oxidation by air or oxygen, and similar to its 
rate of attack by hydrogen. It has indeed been ex- 
perimentally confirmed that the attack of a uranium 
by water is much more rapid than that by air and 
similar to the rate of attack by hydrogen.® 

In the case of the alloys that form no hydride, 
such as the « U,Si and the e U-Mo phase, it would 
be expected that the rate of corrosion would be 
similar to that of a uranium in air (modified some- 
what by the difference in crystal structure, the 
tendency for this reaction to be controlled by the 
internal oxidation of the uranium, and the diffusion 
of uranium through a silicide film, as described in 


' ref. 9). This expectation has also been experimen- 


tally confirmed.® 

Consider next the corrosion of a y phase U-Mo or 
U-Cb alloy. From the free energy of formation of 
UH, from y uranium it can be calculated that the 
hydrogen content of y uranium in equilibrium with 
UH, should be 4.1 ppm at 650°F. Thus, as corrosion 
proceeds, it would be expected that a surface layer 
of UH, would be formed when the hydrogen con- 
centration of the surface reaches 4.1 ppm. Experi- 
mentally, however, this behavior is not observed. 
It is suggested instead that the hydrogen concentra- 
tion at the surface increases beyond its equilibrium 
value of 4.1 ppm to that value represented by the 
dissociation pressure of the hydrogen-rich phase at 
650°F. According to Fig. 4, this value is 2000 mm; 
and from Fig. 8.1 of ref. 7, this corresponds to a hy- 
drogen concentration of 19.7 ppm. At this point the 
hydrogen-rich phase is precipitated as a metastable 
transition structure between y uranium and UH. 
In other words, the free energy barrier between the 
two states is such that the transformation from y 
uranium to UH, cannot take place directly. 

This assumption is not unreasonable when the 
structures of the phases involved are considered. 
The positions of the uranium atoms in the y and 
UH; phases are not too dissimilar; furthermore, some 
matching across the (100) planes of the two phases 
is possible. Because of the large lattice strains in- 
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volved in matching a phase of 10.9 g per cu cm den- 
sity with that of 17 g per cu cm density, it is not 
believed that a coherent UH; precipitate will be 
formed. What is observed, however, is the coher- 
ent precipitation of a phase having a density of 
approximately 15 g per cu cm on the (100) 
planes of the y uranium phase. In the case of « 
uranium it is suggested that the differences in cry- 
stal structure and density between the metal and 
UH, are such that the latter forms with no matrix 
coherency. The extremely fine crystallite size of the 
hydride and lack of adherence between external 
hydride and metal during the reaction of a uranium 
and hydrogen attest to this noncoherency. This ar- 
gument is, of course, speculative, but it does point 
out the effect of lattice strain. 

The effect of lattice strain would also account for 
the formation of the hydrogen-rich phase uniformly 
throughout the specimen. Normally, it is expected 
that in the diffusion of hydrogen into a single phase 
matrix, a surface coating of the hydride (stable or 
metastable) would form and this layer would then 
grow into the matrix. If a two-phase metal plus hy- 
dride structure should form at the surface, it should 
not progress into the metal, since from the phase 
rule in a two-component condensed system, the 
compositions of the two phases in a two-phase zone 
cannot change at constant temperature. It is sugges- 
ted, therefore, that the metastable U-H system does 
not behave thermodynamically like a normal con- 
densed system and that, in addition to the usual de- 
grees of freedom of composition and temperature, 
another degree of freedom, namely stress, is active. 
Thus, there is an activity gradient, and diffusion can 
occur between two-phase regions of different gross 
composition as a consequence of lattice stress. 

The effect of stress and the evidence of a stressed 
condition accompanying the formation of the hy- 
dride have already been discussed. The marked 
hardening during corrosion and the presence of 
ghosts of the original platelets after removal of hy- 
drogen may be interpreted as evidence for the exis- 
tence of lattice strain. It is significant that samples 
heated long enough to remove all metallographic 
evidence of the platelets can no longer absorb mole- 
cular hydrogen. Thus, it is believed that the strain 
energy required to maintain coherency increases the 
free energy barrier between the y phase uranium 
and UH, sufficiently to prevent direct transforma- 
tion at the temperatures and pressures studied. 
However, the metastable transition phase is appar- 
ently favored. 

The detection of UH, by electron and X-ray dif- 
fraction is ascribed to the presence of UH, at the 
free surface of the hydrided samples where lattice 


strain cannot operate to maintain the metastable ~ 
hydride. Presumably, also, the U-H distances and 
electron level distribution of the metastable phase 
are close enough to those of UH; so that this phase 
also possesses ferromagnetic properties similar to 

The corrosion of y phase alloys may be summar- 
ized as follows. As hydrogen is released by the cor- 
rosion process and dissolves in the bare metal, 
concentrations of up to 19.7 ppm are built up. When 
the hydrogen concentration at the surface exceeds 
this value, the metastable hydride precipitates; dif- 
fusion of hydrogen then occurs between this highly 
stressed two-phase zone to regions of lower stress, ~ 
precipitating hydride when their composition also 
exceeds 19.7 ppm. As described previously, the 
hardening of the matrix and the accelerated cor- 
rosion of the hydrogen-rich phase eventually lead 
to cracking and discontinuous failure. Note that, in 
the corrosion of these alloys, the oxide forms di- 
rectly on the metal and not by oxidation of a hy- 
dride. Therefore, this oxide is more protective than 
that found on « uranium during water corrosion and 
its corrosion behavior parallels more closely the 
oxidation of a uranium by air than its attack by 
hydrogen. 

To prevent discontinuous failure, absorption of 
hydrogen by the metal must be avoided. This can 
be achieved® to some degree by contact with hydro- 
gen gettering agents, the use of hydrogen depolar- 
izers, and by heat treatment to promote precipita- 
tion of the hydride in an innocuous form. 
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RESENT work was done in connection with a 
program for obtaining a low energy gap semi- 
conductor suitable for photodetection. The inter- 
metallic compound InSb, which is now being in- 
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vestigated by this laboratory, is similar to gray tin 
in its lattice structure and lattice parameter (face- 
centered-cubic zincblende type for InSb with lattice 
parameter of 6.476A, and diamond structure for gray 
tin with lattice parameter of 6.46A). Furthermore, 
InSb is isoelectronic with tin; the number of elec- 
trons per atom is the same in both cases. 

In view of the similarities mentioned, the vertical 
section InSb-Sn was investigated in order to ascer- 
tain the possibilities of obtaining solid solutions of 
tin in InSb and other single phase alloys. 

The binary systems In-Sb, In-Sn, and Sn-Sb have 
already been studied.** The features of the quasi- 
binary system InSb-Sn which have been determined 
as a result of the present investigation are shown in 
Fig. 1. The liquidus points were obtained by the 
usual heating-cooling curves. The InSb was pre- 
pared separately by the fusion of indium and anti- 
mony, each assaying better than 99.9 pct. With 100 g 
InSb in a graphite crucible with a graphite stirrer 
in a helium atmosphere, Baker’s 99.9 pct tin shot 
was added in carefully weighed amounts for each 
heating curve. The reverse procedure was used start- 
ing from the tin end. No noticeable volatilization 
was observed, and the results were considered satis- 
factory when the two phase boundary curves met at 
the center. Heating rates of 1° per min were used. 

The points below the liquidus were obtained by 
differential heating with cadmium as a standard. In 
this case, individually made 5 g samples were sealed 
under helium in quartz tubes with re-entrant capil- 
laries for the thermocouples. Here the heating rates 
were 1/3° per min or less. 

The following features of the diagram should be 
noted: 


1) There is a peritectic halt at 235°C, 3° above 
the melting point of tin. 


2) At the tin-rich end, there is a single phase 
region in the solid state extending to about 8 pct 
InSb, see Fig. 2. 


3) The solubility of tin in InSb is appreciably 
less than 0.5 pct, as shown by Fig. 3. (The white por- 


Fig. 1—The vertical 
= section InSb-Sn. 

InSb + |Liquid 

300 
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\ 
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Fig. 2—92 pct Sn-8 pct InSb, quenched from 210°C after 14 
days. Primary tin-rich phase plus second solid phase. Etch- 
ant: dilute Vilella’s reagent. X250. Reduced approximately 
60 pct for reproduction. 


Fig. 3—0.5 pct Sn-99.5 pct InSb, quenched from 235°C after 
40 days. Primary InSb plus liquid. Unetched. X250. Reduced 
approximately 60 pct for reproduction. 


tions in this figure are mainly liquid; at a lower tem- 
perature they solidify to a second solid phase.) 


4) Differential heating curves produced the 
points below the liquidus down to 215°C, which are 
difficult to interpret without additional investigation. 
The small temperature differences involved make 
heat treatment difficult because of temperature con- 
trol requirements, and there would be problems 
even with a high temperature X-ray camera. Fur- 
thermore, reaction between alloy constituents seems 
to be extremely slow at temperatures just below the 
peritectic; examination of specimens quenched from 
225°C after three days showed that liquid was still 
present. 
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Micrographic Investigation of 
Precipitation in Pb-Sn Alloys 


Precipitation of tin from Pb-Sn alloys (lead-rich) occurs by the nucleation and 
growth of hemispherical cells which consist of tin lamellae interspersed in the depleted 
solid solution. Nucleation and growth of these cells and the tin interlamellar spacing 
at various compositions and temperatures have been investigated. The interlamellar spac- 
ing increases approximately as the reciprocal of the logarithm of the supersaturation 
ratio. For constant initial tin concentration the concentration of cell nuclei increases 
with decreasing temperature to a limiting temperature-independent value. The kinetic 
results support the view that the cell growth rate is governed by the diffusion of tin 
along the cell boundary. In the main, the results confirm the authors’ earlier deductions, 
drawn from resistometric and calorimetric data, about the precipitation mechanism. 


by D. Turnbull and H. N. Treaftis— 


T has been shown’”’ that tin (8) precipitates from 
lead-rich (a) PbSn solutions by the nucleation 
and growth of cells (cellular or discontinuous pre- 
cipitation). These cells consist of tin lamellae, with 
a spacing l, interspersed in a depleted a solution. 
Reorientation of « also accompanies cell growth. 
The kinetics of cellular precipitation of tin from 
lead have been measured by resistometric’*® and 
calorimetric*’ techniques. The time-transformation 
isotherms (t equals time; x, volume fraction of 
specimen transformed) of the initial rapid precipi- 
tation, which drains about 60 pct of the tin from 
solution, have been described by a kinetic law hav- 
ing the form : 
xz = 1 — exp (—bt?’) [1] 
where n usually has the value 3.0. It was shown® 
that this law and the other kinetic facts can be ex- 
plained satisfactorily if it is assumed that the cells 
grow at a constant rate and that all the cells nu- 
cleate in a time negligible in comparison with the 
period of cell growth before impingement. Thus, for 
hemispherical cells 


b = (2/3) NG* [2] 


where G is the rate of cell growth in cm per sec, and 
N is the number of cell nuclei per unit volume. 
The rapid rate of cell growth at low temperatures 
can be accounted for®’ if it is assumed that the dis- 
solved tin drains to the lamellae edges by diffusion 


D. TURNBULL, Associate Member AIME, and H. N. TREAFTIS 


are associated with the Research Laboratory, General Electric Co., 


Schenectady. 
TP 4577E. Manuscript, Noy. 13, 1956. 


Transactions of The Metal- 
lurgical Society of AIME 


along the sweeping cell boundary rather than by 
diffusion through the a crystal (volume diffusion). 
For cell growth governed by cell boundary diffusion 
it was shown, approximately 


AG 


Ga =2( [3] 


where \ equals the thickness of the cell boundary; 
D;, the coefficient of diffusion of tin atoms within 
the boundary; and X, and X, are the atom fractions 
of tin in the supersaturated and saturated solutions, 
respectively. Zener® had already shown that, where 

70 90°C 
147 


fo) | | | | | 4 
8 10 1.2 1.4 16 18 2.0 ane 2.4 
(mm AT 2000 x) 


Fig. 1—Example showing determination of true spacing. 
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Fig. 2—Lamellar structure of Pb-Sn alloys at 60°C. a) LEFT: Xo = 0.112. b) RIGHT: oX = 0.147. X2000. Reduced approxi- 


mately 20 pct for reproduction. 


cell growth is governed by volume diffusion, G 
should vary as 1/l. 

It was inferred from the resistometric data that in 
the case of Pb-Sn 


Xo 
Tin ( 
x 


) | = K/T logs [4] 


which is the functional relation derived by Zener 
on the assumption that the degree of lamellation in 
cell growth is that which maximizes G. 

It was also deduced that, at a given initial com- 
position of a, the number of cell nuclei N increases 
to a value N’, as T decreases to T’, and then remains 
constant for T<T’. It was _ established*’? micro- 
graphically that the cells nucleate preferentially 
but not exclusively at grain boundaries. That cell 
nuclei in PbSn always originate from structural 
singularities of some kind was shown by the calori- 
metric experiments of. DeSorbo and Turnbull,’ in 
which a negligibly small amount of precipitation 
was found in a collection of single crystal a spheres 
after long periods of time. 

This investigation was undertaken to determine 
if the inferences about the variation of the inter- 
lamellar spacing and number of cell nuclei with 
temperature, time, and composition, drawn from the 
resistance and calorimetric measurements, are veri- 
fied by micrographic measurements. 


Experimental 


Preparation of Alloys—The alloys were made 
from American Smelting and Refining Co. lead, and 
Vulcan Detinning Co. tin, both metals being 99.999 
pet pure. About 100 g of material was cast in a 
Pyrex tube under vacuum. After the casting was 
rolled to a thickness of 0.75 mm, samples, each 6 
cm long and 1 cm wide, were cut from it. The com- 
position of each sample was determined to +0.1 wt 
pet after all the measurements had been completed. 

Homogenization—The specimens used for inter- 
lamellar spacing measurements were homogenized 
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in vacuum at 230°C, for at least 1 hr. Those used 
for cell nuclei counting were given the same heating 
in an air atmosphere, which produced little visible 
oxidation. 

Procedure—For aging at temperatures between 
0°C and room temperature, an ice or water bath was 
used. A mineral oil bath controlled to +0.2°C was 
used for measurements at higher temperatures. 
Within 15 sec after aging was completed, the sam- 
ples were electropolished using a Disa electro- 
polisher which polished a spot 4 mm in diam. About 
0.2 mm thickness was removed during the polishing 
process. Etching also took place at this time, and no 
chemical etch was needed except on a few occasions. 
The interlamellar spacing was determined from 
photographs of known magnification of the polished 
and etched surfaces. At times it was found more 
convenient to substitute a ground glass plate for the 
film and to make the measurements on the image of 
the cells formed on the glass plate. The magnifica- 
tion used varied between X500 and X2000. The cell 
counting was accomplished by scanning the polished 
surface completely at X150. 

Determination of True Spacing—The interlamel- 
lar spacing within a given cell often varied by as 
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T 


Fig. 3—Dependence 
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sition. 
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much as a factor of 2 to 3, the higher the tempera- 
ture the greater the variation. Therefore, an average 
apparent spacing 1,, defined as the cell width di- 
vided by the number of lamellae within the cell, 
was determined for each cell. Since the lamellae, in 
general, will not be perpendicular to the surface, 
the average true spacing 1 should be less than l1,. It 
was assumed that the true spacing corresponds to 
the intercept on the l, axis of the best linear relation 
between n, and l,; n, being the total number of cells, 
for a given temperature and composition, having a 
spacing less than l,. Fig. 1 shows a typical depend- 
ence of n, on l,. More than 50 cells were measured 
for each set of conditions. The mean deviation of l 
determined from different sets of data, for the same 
temperature and composition, was +10 pct. Table I 


lists the values of the true spacings which were ob-— 


tained. Fig. 2 shows the lamellar structure formed 
in some alloys at 60°C. 

Determination of Number of Cells per Cu cm— 
Since the cells nucleate preferentially at grain 
boundaries, the comparison of cell nuclei number for 
different conditions can be significant only if the 
specific grain boundary area Agz, after homogeniza- 
tion, is constant for different specimens. Ags is given 
by” 

2m 
Ags 


L 


where m is the number of grain boundaries inter- 
sected by a random line of total length L. The re- 
sults listed in Table II show that Ag, after homo- 
genization varies little with composition or with 
successive homogenization treatments. The average 
deviation of these results from the mean (42.1 sq 
em per cu cm) is +8 pct and the maximum devia- 
tion is 15 pct. 
The volume fraction x of the sample transformed 
is 
[5] 


where n is the average number of cells cut by unit 


length of a random line on the surface and q is the 
average length of this line cut by one cell. In the 
Pb-Sn system the cells are roughly hemispherical, 
so that the volume v of one cell is* 


* The authors are indebted to J. W. Cahn and R. L. Fullman for 
valuable advice in connection with the analysis of the micro- 
graphic data. 


v = (2/3) rr =qA, [6] 


A, being the average projected area of the cell and r 
the radius of the hemisphere. According to the 
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Fig. 5—Dependence of interlamellar spacing on supersatura- 


_—tion ratio, s. 


Cauchy relation A, is one fourth the total surface 
area of the body and, for hemispherical cells 


A, = (3/4) [7] 
Combining Eqs. 6 and 7 
r= (9/8) q [8] 


is obtained. From Eqs. 5, 6, and 8 the number N of 
cells per unit volume obtained is 


N = x/v = 256 n/243 oq? [9] 


with n and q determined by a lineal analysis in 
which a large number of traverses across the speci- 
men surface were made. 

Table III lists the values of N, so found, for vari- 
ous conditions. The experimental uncertainty in N 
is estimated at £25 pct. 


Results and Discussion 


The Interlamellar Spacing, I—The variation of 
true spacing, 1, with composition at the various 
temperatures is shown in Fig. 3. Cross plots of l 
against temperature, for the different compositions, 
are given in Fig. 4. For a given composition, the 
spacings vary linearly with 1/T log s, see Fig. 5, as 
predicted by the Zener Eq. 3. The proportionality 
constant, K, between l and 1/T log S decreases by 


Fig. 6—Lamellar structure in cell containnig 6.8 pct Sn 
whose growth was started at 100°C and continued at 27°C. 
X2000. Reduced approximately 45 pct for reproduction. 
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Fig. 8—Dependence of number of cells per unit volume on 
temperature at Xo = 0.112. 


Table I. Variation of Interlamellar Spacing with 
Temperature and Composition 


Temperature, °C Spacing, Cm + 10 Pct 


3.9x105 
27 4.3x105 
60 6.5x10 
80 9.9x10-5 
90 12.5x104 
xo = 0.124 
3.8x105 
60 5.5x10-5 
80 8.5x105 
100 15.0x10-5 
xo = 0.147 
60 4.3x105 
80 4.6x10 
90 5.6x10-5 
100 7.5x105 
120 24.0x10-5 
xo = 0.170 
60 3.5x10-5 
80 4.0x105 
90 4.5x10-5 
100 5.1x105 
120 9.5x10-5 


a factor of 1.4 as the initial atom fraction of tin in- 
creases from 0.124 to 0.147. 

The experimental value of K determined from Eq. 
4 is about 100 times larger than the theoretical 
value of K given by 


4cv 
k 


where o is the a-8 interfacial energy, v the volume of 
a tin atom and k Boltzmann’s constant. The theo- 
retical value of K, Eq. 10, was estimated® for Zener’s 
theory*® on the assumption that the lamella thickness 
is of the same order of magnitude as the true spac- 
ing. However, Cahn” has pointed out that his as- 
sumption is not nearly valid in the case of Pb-Sn, 
and by a more precise calculation he shows that the 
disparity between the Zener theory and experience 
is approximately a factor of 10 to 15. 

The comparisons between the resistometric and 
micrographic data, described later, were made using 


K= 


[10] 
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Fig. 9—Dependence of cell growth rate on initial tin con- 
centration at 300°K. 
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the values of true spacing smoothed by means of 
Eq: 3. 

“In order to interpret the results of the earlier ex- 
periments, in which precipitation was begun at one 
temperature, T,, and continued at another, T,, it was 
assumed that the characteristic spacing at the sec- 
ond temperature was established with a negligible 
time delay. That this is the case when T,> Ty, is 
shown by the micrograph, Fig. 6, of a specimen in 
which the cell growth was begun at 373° and con- 
tinued at 300°K. 

Number of Nuclei, N—At 300°K, N, the number 
of cell nuclei per unit volume, increases by a factor 
of a little more than 2 as the initial solid solution 
concentration, X,, increases from 0.11 to 0.16, see 
Fig. 7. The variation of N with temperature, for 
X, = 0.112, is shown in Fig. 8. As the temperature 
decreases, N increases and then becomes constant at 
low temperatures T < T’. This variation of N with 
T is in good qualitative accord with that deduced by 
Turnbull® from the resistometric results. 

Borelius et al.* found, and the writers’ confirmed, 
that the temperature coefficient of the logarithmic 
rate of precipitation becomes independent of X, at 
low temperatures. Borelius took this result to prove 
that the thermodynamic barrier to nucleation in the 
Pb-Sn system disappears below a certain tempera- 
ture, T’, characteristic of the composition. He iden- 
tified T’ with the temperature (spinodal) at which 
the second derivative of the solution free energy 
with respect to composition vanishes. However, the 
constancy of N with T at T<T’ seems to show 
rather that* below T’ the thermodynamic barrier to 
nucleation becomes insurmountable; ie., all the 
nuclei at T < T’ have come into existence (athermal 
nucleation) during the cooling to T’; or that all of 
the nucleation sites, whose number is limited, have 
become activated: 
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Table Il. Specific Grain Boundary Area of Samples After 
Repeated Homogenization Treatments at 300°K 


m 
Specimen Atomic Fraction Homogenization nee Cu Gm 

1 0.112 1 

1 0.112 2 

al 0.112 3 45.6 

1 0.112 4 46.4 

a 0.112 5 48.1 

1 0.112 6 41.3 

1 0.112 7 40.1 

2 0.136 1 38.7 

3 0.146 1 35.5 

4 0.155 al 40.6 

5 0.160 1 39.5 


Cell Growth Rate, G—The rate of cell growth, G, 
is simply the cell radius, given by Eq. 8, divided by 
the time. Fig. 9 shows the dependence of G on the 
initial solute concentration at 300°K. The experi- 
mental uncertainty is about +25 pct. According to 
Eq. 3, G at constant temperature should vary in- 
versely as [? provided D; is constant and X,> X.. 
For the compositions used the latter condition is 
fulfilled at 300°K, and the dashed curve in Fig. 9 
shows the function u = a/l’, where a is defined so 
that u=G at X,= 0.112 and 1 is calculated from 
Eq. 4 using the K values obtained from the experi- 
mental data. 

It is evident that w (which should equal G if Eq. 3 
is valid and D; is constant) increases less rapidly 
with initial solute concentration than does the ex- 
perimental rate of cell growth G. Thus, at X,= 
0.16; G is ten times larger than its value at X,= 
0.112, while the corresponding ratio for wu is about 
4.4. This disparity might imply that the boundary 
diffusion coefficient D; increases by a factor of 2.3 
as X, increases from 0.112 to 0.16. D; should depend 
both on the concentration of solute within the mov- 
ing boundary, which increases with X,, and upon 
the crystallographic parameters of the boundary. It 
is possible that these crystallographic parameters 
(e.g., the orientation relation between the cells and 
matrix) change with X,. 

The logarithmic rate of cell growth at X, = 0.112 
is plotted against temperature in Fig. 10. Also shown 
in the figure is the log G-temperature relation (solid 
curve) calculated from Eq. 3, with }= 5 X 10° cm. 


X. = (7 X 10*) exp (—2800/T) 
see ref. 2, and 
D, = 0.05 exp (—8000/RT) sq cmsec™. [11] 


The constants (D,= 0.05 and Q, = 8000) for the 
D, = f(T) relation were selected to give the best 
overall agreement between the experimental and 
calculated precipitation rates at the lower tempera- 
tures, see later section, and exact correspondence 
between the calculated and experimental G at 
273°K and X, = 0.112. These values of the constants 
‘are in fair agreement with those (D,~ 0.1 and Q; 
~ 10,000) estimated earlier from the resistometric 
data and a few micrographic results. 

The experimental values of G are in fair agree- 
ment with those calculated excepting at the highest 
temperature (90°C), where the calculated G is 
about three times the experimental value. The rea- 
son for this disagreement is not clear. 

Comparison between Micrographic and Resisto- 
metric Results—In earlier investigations’’ it was 
shown that the precipitation rate in Pb-Sn alloys is 
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Fig. 11—Comparison between calculated (dashed curves) 
and resistometric (solid curyes*) logarithmic precipitation 
rates. 


strongly dependent upon microstructure. Therefore, 
the precipitation rates in differently processed spec- 
imens may not be equal even though the tempera- 
ture, composition, and degree of reaction are con- 
stant. Nevertheless, the variation of precipitation 
rate with temperature and composition is similar 
for all kinds of processing, so it is interesting to 
compare the resistometric and micrographic results 
even though the specimens for the two investiga- 
tions were prepared differently. 


Table III. Dependence of Cell Number on Temperature 
and Composition 


Atomic Fraction Temperature, °K (Ny Cells per Cu Cm) x 10-5 


0.112 273 2.97 
0.112 300 3.09 
0.112 353 1.34 
0.112 363 0.30 
0.136 300 3.22 
0.146 300 5.60 
0.155 300 8.34 
0.160 300 6.20 


Table IV. Comparison Between Micrographically and Resistometri- 
cally Measured Precipitation Rates at 20 Pct Completion 


of Reaction 
(20.2 see-1) x 104 
This Turnbull and 
Investigation Treaftis2 
Temper- (Rolled Strip), (Cast Wire), 
ature, °K Xo Micrographic* Resistometric 
273 0.112 alas 1.18 
300 0.112 3.3 2.97 
353 0.112 12 0.66 
363 0.112 0.26 0.20 
300 0.136 14.5 9.8 
300 0.146 29.0 12:5 
300 0.155 26.0 21.6 
300 0.160 55.0 29.0 


* The experimental uncertainty in the micrographic rates is about 
+30 pet. 
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Fig. 12—Comparison between calculated (dashed curves) 

and resistometric (solid curvyes*) logarithmic precipitation 

rates. 


From Eqs. 1 and 2 it is deduced that the precipi- 
tation rate Los at 20 pct completion of the reaction is 
Xoo = 1.14N"%G [12] 

where it is assumed that.n = 3 and the cells are 


hemispherical. The values of Lo.2 calculated from 
the N and G values determined in this investigation 


are given in Table IV along with the x, values, for 
cast wires, measured by the resistometric technique.” 

It is significant that the trends with composition 
and temperature in the two sets of results are very 
similar. The corresponding rates in the two sets are 
also in fair agreement, differing by a factor of 2.3 at 
most. The deviations are similar in magnitude to 
those already found for differently processed spec- 
imens by resistometric® and calorimetric’ techniques. 

Precipitation Rates Calculated from the Theory 
of Cell Growth—The relation, Eq. 3, between inter- 
lamellar spacing | and cell growth rate G was 
tested further by comparing the precipitation rates 
calculated from Eqs. 3 and 12 with the correspond- 
ing resistometric rates. In these calculations Q; was 
again assumed to be 8 kcal per g atom and D, was 
adjusted to give exact agreement between the cal- 
culated and resistometric rates at 273°K. N was 
evaluated on the assumption that N/Nw, where Noo 
is the number of cell nuclei at 300°K, is a single- 
valued function of the supersaturation ratio (X,/X.) 
for a given processing. 

In Fig. 11 the calculated logarithmic rates (dashed 


curves) at 20 pct reaction, log x,., are compared 
with the corresponding resistometric rates (solid 
curves) of Turnbull and Treaftis.” Excepting for the 
rather large deviation at high temperatures for the 
case of the smallest concentration the calculated and 
experimental results are in fair agreement. 
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It was shown earlier’® that 1/71, where 11/2 is the 
half-life period of the precipitation reaction, 1s ap- 
proximately proportional to N’?G. The relative 
logarithmic values of 1/7). calculated from Eqs. 3 
and 12 (dashed curves) are compared with Borelius 
et al.’s' resistometric results (solid curves) in Fig. 
12. Excepting for the lowest initial concentration at 
the higher temperatures the calculated and resisto- 
metric rates are in rather good agreement. 

Actually, the high-concentration low temperature 
resistometric results are best fitted by a 10 kcal, 
rather than 8 kcal, activation energy for cell bound- 
ary diffusion, as was inferred earlier.* However, for 
the whole range of temperature and initial tin con- 
centration, the calculated and resistometric results 
are in somewhat better agreement if Q; is taken to 
be 8 kcal. 


Further Remarks on Precipitation Mechanism—In 


the main, the results of this investigation confirm 
the authors’ earlier deductions,”** drawn from re- 
sistometric and calorimetric data, about the precipi- 
tation mechanism. Thus, as already mentioned, the 
rates of precipitation calculated from the cell num- 
bers and growth rates are in good agreement with 
those calculated from the resistometric and calori- 
metric data. This result contradicts the proposal of 
Borelius and Larsson” that the early resistivity 
change is due to the formation of very small co- 
herent tin clusters and that cell nucleation and 
growth is a secondary and later reaction. 


The deduction’ that, for a given initial concen- 
tration of tin, the concentration of cell nuclei in- 
creases with decreasing temperature to a limiting 
temperature independent value is confirmed experi- 
mentally. Also, the observed dependence of inter- 
lamellar spacing on supersaturation ratio is in fair 
agreement with predictions based on resistometric 
results. 


The present results also confirm that the rate 
of cell growth is about 10” times faster than it would 
be if governed by volume diffusion. The diffusion 
data of Seith and Laird” were used in these calcu- 
lations. However, the rates are described, with cell 
boundary diffusion coefficients of reasonable magni- 
tude,” Eq. 11, on the assumption that they are con- 
trolled by diffusion of tin atoms in the cell boundary. 


Borelius and Larsson” still favor the volume dif- 
fusion mechanism because, in their opinion, 1) the 
activation energy for volume diffusion (26 kcal per 
g atom) reported by Seith and Laird may be grossly 
in error, and 2) the volume diffusion coefficient of 
tin in lead may increase strongly with concentration 
so that it is much greater in the precipitation (X 
= 0.04) than in the diffusion experiments (X ~ 
0.02). However, the present authors believe that 
these objections are not valid for the following rea- 
sons: 


1) It has been found’ that the rate of resolution 
of tin in lead is satisfactorily described, for rela- 
tively concentrated (X,= 0.147) solutions, by the 
Seith and Laird coefficients with an activation en- 
ergy of 29 +3 kcal per g atom. 


2) Seith and Laird’s D, value (2.0 sq cm sec*) 
is, to within an order of magnitude, what is expected 
for the diffusion of solute atoms in metal crystals. 
Therefore, their activation energy should not be 
greatly in error. 


3) The present results indicate that the dif- 
fusion coefficient in cell growth is not strongly con- 
centration dependent. 


2,6,7 
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The variation of cell growth rate with interlamel- 
lar‘ spacing should permit an additional test of the 
growth mechanism for, according to the simple 
theory, G should vary with 1/1 in the case of control 
by volume diffusion and 1/l? for a cell boundary 
diffusion controlled process. Actually, the values of 
G and the precipitation rates, at constant X,, see 
above, are fairly consistent with the G « 1/I? rela- 
tion, Eq. 3, excepting for the lowest value of X, at 
the higher temperatures. The deviations from the 
predictions of Eq. 3 are in the direction opposite to 
that expected for G « 1/l. 

The mechanism of the slow reaction, which occurs 
after the initial growth of the cells, is not yet clear. 
Turnbull proposed’ that this process might be due to 
volume diffusion of tin to the lamellae after the 
cellular reaction is complete. However, the present 
investigation shows that complete edgewise im- 
pingement of the cells, originating at the grain 
boundaries, will occur before the grain interiors are 
transformed. Therefore, it may be that the first 
part of the slow reaction corresponds to the further 
migration of the cell boundaries after edgewise im- 
pingement. With the activation energy for cell 


boundary diffusion, this process would proceed at a 
much slower rate than predicted by Eq. 3. This in- 
terpretation is consistent with Borelius and Lars- 
son’s finding (confirmed here) that the value (~10 
keal per g atom) of the apparent activation energy 
for the slow reaction is about that deduced for cell 
boundary diffusion. 
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Technical Note 


Comments on Inverse Pole Figure Methods 


by M. H. Mueller, W. P. Chernock, and Paul A. Beck 


ARRIS* introduced the term inverse pole figure 

for the diagrams previously used by Barrett’ to 
represent the volume fraction p(a,8) of material in 
various orientations with respect to the fiber axis in 
a specimen with fiber texture. The direction of the 
fiber axis with respect to the crystal lattice is spec- 
ified by the two independent angle variables a and 
8.* In such a diagram p gives the fiber axis density 


*In Harris’ treatment three angles, a, B, and y, are used, al- 
though these are obviously not independent of each other. 


distribution over the various crystallographic di- 
rections. The p(a,8) may be given in a two-dimen- 
sional diagram by means of contour lines (p=con- 
stant) in a stereographic projection. The inverse 
pole figure incorporates in a single contour line 
diagram all the information given conventionally 
in pole charts for various (hkl) reflections and, 
therefore, it represents a considerable degree of 
condensation. Also, it gives this information directly 
in terms of the volume fraction of the specimen in 
various orientations, and it obviates the necessity of 
referring back and forth between the various pole 
charts in an attempt to interpret them in terms of 
orientations. Inverse pole figures undoubtedly rep- 
resent the most adequate method for describing a 
texture in a quantitative manner and, at least in the 
ease of fiber textures, this method is certainly a 
practicable one. 

Harris described’ a simple procedure for deter- 
“mining at least the rough outlines of a quantitative 
inverse pole figure. This method depends on the 
measurement of the intensity of X-ray reflections 
from various (hkl) planes lying parallel to the same 
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specimen surface. In the case of a rod, reflections 
from a plane specimen surface perpendicular to the 
rod axis (fiber texture axis) are to be used. Harris 
has shown that the measured intensities I,,,, reflected 
by crystal planes (hkl), aligned perpendicularly to 
the fiber axis of a specimen with unknown fiber 
texture, and the corresponding intensity I°,,., from 
a random specimen are related to the p(a,8) value 
for the unknown texture by the following equation 


Pret 


where C and C° are parameters depending on the 
crystal imperfections (extinction), surface prepara- 
tion (e.g., thickness of oxide layer), the absorption 
coefficient in the specimen, effective line breadth, 
and instrumental factors. The values of the vari- 
ables a and £, defining the crystal orientation, de- 
pend only on the indices hkl of the reflecting plane 
perpendicular to the fiber axis. Since p, as de- 
scribed by Harris’, is normalized in such a way that 
upon integration over the total orientation range its 
mean value is 1, the parameter C/C° may be cal- 
culated approximately by the summation of Eq. 1 
over all available X-ray reflections hkl, correspond- 
ing to a set of discrete orientations (rather than by 
integration over the complete range of orientations 
represented by the continuous variables a and £). 
From the summation of Eq. 1 


€ 
[1] 


n n 
is obtained where, as stated above 
= p(a,8) 
n 
Therefore 
1 
[2] 
Ce n Pau 
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where n is the number of reflections (hkl) used in 
the summation. Each individual p value may then 
be calculated from Eq. 1 by substituting Eq. 2, as 
follows. 


[3] 


iL 
p(a,B) =F / 


n 


The expression given by Harris‘ in place of Eq. 3, 
namely 


is, of course, erroneous, since it assumes that 


which is, in general, certainly wrong. The following 
may serve as an illustration. The p values for sev- 
eral inverse pole figures for uranium were calcu- 
lated from the same intensity values (36 different 
(hkl) reflections for each inverse pole figure) from 
both Eq. 3 and from the Harris equation, in order to 
compare the results. For each inverse pole figure 
the mean p value, as calculated from Eq. 3, was 1.000 
+0.002, whereas values in the range of 0.94 to 1.64 
were obtained when the Harris equation was used 
for the calculation. 

Since Harris’ method depends on the measure- 
ment of diffracted intensities by a large number 
of (hkl) planes in order to achieve a thorough cov- 
erage of orientations, it is useful primarily in the 
case of crystalline material with large and complex 
unit cells, such as a-uranium, which give rise to 
many X-ray diffraction lines. Even in this case the 
orientation coverage is of necessity discontinuous, 
and usually spotty. 

In a recent paper, Jetter, McHargue, and Wil- 
liams® described briefly a more complicated method, 
of wider applicability, for the derivation of inverse 
pole figures from pole charts for specimens with 
fiber texture. Pole charts are obtained by the quan- 
titative measurement of X-ray intensity diffracted 
by a certain crystal plane I,,, at various angles ¢ 
with the fiber axis. The inverse pole figure is ob- 
tained from the pole charts In. (¢) by trial and 
error, leading to successively better approximations. 
Jetter, McHargue, and Williams noted that con- 
siderable further improvement could be achieved 
beyond their present trial and error procedure if a 
direct calculation, involving computing machines, 
could be devised to give the fiber axis density p(a,8) 
directly by inversion from the experimentally de- 
termined and normalized pole charts. It may also be 
expected that, with the use of such direct computing 
techniques, the overdetermination of p(a,8) result- 
ing from the availability of independent I. (¢) 
curves for several different (hkl) planes may be 
resolved in terms of a least squares solution of best 
fit. 

Mitchell and Rowland‘ and Jetter, McHargue, and 
Williams*® suggested the extension of the inverse 
pole figure method to textures not possessing fiber 
symmetry, e.g., rolled sheet textures.* They recom- 

* Jetter, McHargue, and Williams? also described a method for 
obtaining pole charts for sheet textures, as if they were fiber tex- 
tures. In effect, they produced quasi fiber textures by rotating a 
specimen possessing sheet texture around certain axes, while the 
intensity measurements for the various pole charts were made. 
However, they submitted no evidence to prove that sheet textures 
can be, in general, adequately described by smearing them out into 
a finite number of arbitrary quasi fiber textures. The data obtained 
by this method for rolled cartridge brass sheet were not in good 


agreement with the pole figures determined by conventional quan- 
titative techniques.? 
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mended for this purpose the use of separate inverse 
pole figures for the rolling direction, for the trans- 
verse direction, and for the normal direction of roll- 
ing. This suggestion is worth considering in some 
detail since, if it resulted in a true rendering of the 
texture, it would be of much importance. 

However, such a set of inverse pole figures cannot 
describe the orientation distribution for a sheet tex- 
ture in the unique way a single inverse pole figure 
can for a fiber texture. Since the orientation distri- 
bution for the rolling direction, transverse direction, 
and normal direction is given separately but, for 
instance, each orientation of the rolling direction is 
consistent with an infinite number of orientations of 
the normal direction, in reality the volume fraction 
of material of various crystal orientations in relation 
to the coordinate system connected with rolling is 
not determined. In order to describe this orienta- 
tion distribution uniquely, it is necessary to give the 
volume fraction for each fully defined orientation,* 


* The orientation of an orthogonal axis system with respect to the 
crystal axes is uniquely determined by specifying the orientation 
of two axes. 


e.g., for each compatible pair of rolling direction and 
normal direction. One direction, e.g., the rolling di- 
rection, may be specified by means of two para- 
meters; an additional independent parameter is then 
required to specify a second direction perpendicular 
to the first, e.g., the normal direction. In analogy 
with the two-dimensional stereographic projection, 
giving the possible orientations of a fiber axis, a 
graph of three dimensions is therefore required to 
represent the possible orientations of a pair of direc- 
tions perpendicular to each other, e.g., of the rolling 
direction and the normal direction. If the volume 
fraction of material in various orientations is again 
given by a series of contours (for each contour the 
volume fraction is constant), the latter must be 
contour surfaces in a three dimensional inverse pole 
figure. The contour surfaces depict in three dimen- 
sions the four-dimensional plot of the distribution 
of volume fraction of material over the possible 
orientations in much the same way as an ordinary 
pole figure depicts in two dimensions, by means 
of contour lines, a three-dimensional plot of pole 
density vs orientation. It is clear that a three- 
dimensional inverse pole figure cannot be ade- 
quately replaced by two (or even three) separated 
two-dimensional inverse pole figures. In fact, the 
use of separate inverse pole figures, e.g., for the 
rolling direction and for the normal direction, ap- 
pears to offer no significant advantage over a com- 
bination of two ordinary pole figures, e.g., (111) and 
(200) for a face-centered-cubic metal, in spite of 
the considerable amount of computation necessary 
for their construction. The computational labor in- 
volved in determining a three-dimensional inverse 
pole figure of the kind mentioned above would un- 
doubtedly be still greater but, if accomplished, it 
would result in a complete description of the orien- 
tation distribution in any texture not possessing 
fiber symmetry. 
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Effect of Hydrogen on the Fatigue Properties of 
Titanium and Ti-8 Pct Mn Alloy 


Hydrogen additions of 390 ppm to A-55 titanium and 368 ppm to Ti-8 pct Mn have 
no deleterious effect on the unnotched and notched rotating-beam fatigue properties 
of these materials. These amounts of hydrogen, however, are sufficient to cause severe 


notch-impact embrittlement in A-55 titanium 


and pronounced loss of tensile ductility in 


Ti-8 pct Mn. The lack of embrittling effect in fatigue in the latter alloy is consistent 
with the postulated strain-aging mechanism of hydrogen embrittlement in a-8 alloys. 
There is a significant increase in the unnotched endurance limit of A-55 titanium with 
the addition of hydrogen. This increase may be explained as the result of internal heat- 
ing effects which would dissolve the hydride and cause solid-solution strengthening. 


by L. W. Berger, W. S. Hyler, and R. |. Jaffee 


aM and its alloys may be seriously em- 
brittled by relatively small amounts of hydro- 
gen. The form which this embrittlement takes has 
been shown to vary with alloy type. The « alloys, for 
example, suffer most strongly from loss of notch- 
bend impact toughness* when sufficient hydrogen is 
added, and this effect has generally been associated 
with the presence of hydride phase in the micro- 
structure. In a-£ alloys, on the other hand, hydrogen 
is most detrimental to tensile ductility in slow-speed 
tests,~* and the embrittlement may be detected in a 
most convincing manner by means of rupture tests 
at room temperature. This particular kind of em- 
brittlement has not been associated with a change 
in microstructure, but has been classified rather gen- 
erally as associated with a strain-aging type of 
mechanism.” 

In the present paper, the effect of an embrittling 
amount of hydrogen on the rotating-beam fatigue 
properties of both an a and an a-f titanium alloy is 
covered. For this study, annealed commercially pure 
(A-55) titanium was chosen as an a alloy, and equi- 
librated and stabilized Ti-8 pct Mn as representative 
of a typical a-@ alloy. Nominal hydrogen levels of 
20 and 400 ppm were evaluated, the latter amount 
having been shown previously to be severely detri- 
mental to the impact toughness of commercially pure 
titanium and to cause pronounced strain-aging em- 
brittlement in the Ti-8 pct Mn alloy.’ The only report 
of the effect of hydrogen on the fatigue properties of 
titanium is given by Anderson et al.,* in which a push- 
pull type of fatigue test was conducted on as-received 
commercial-purity titanium sheet. Much scatter was 
found in the results, but generally the presence of 
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hydrides slightly decreased the fatigue strength of 
unnotched specimens in the longitudinal direction. 
The results of notched tests were masked too greatly 
by scatter to be significant. 


Experimental Procedure 


Preparation of Materials—Analyses of the A-55 
titanium and the Ti-8 pct Mn alloy used in this 
investigation are given in Table I, which indicates 
the 8 pct Mn alloy to be more nearly a 6 pct Mn 
alloy. This alloy will be referred to as Ti-8 pct Mn, 
however, since this is the commercially designated 
composition. Both alloys were received in the form 
of 5-in. diam rod and, after suitable surface prep- 
aration, 5-in. lengths were vacuum annealed at 
820°C. Half of the rods for each material were then 
hydrogenated at 820°C to a nominal hydrogen con- 
tent of 400 ppm. 

The hydrogenated and vacuum-annealed A-55 
rods were hot swaged at 700°C from %-in. diam to 
%4-in. diam, and then annealed 1 hr at 800°C and 
air cooled prior to preparation into test specimens. 
Fabrication of the Ti-8 pct Mn alloy was by hot 
swaging to %-in. diam at 760° and then %-in. diam 
at 704°C. This material was then annealed 1 hr at 
704°, followed by furnace cooling to 593°C, and 
finally air cooling to room temperature. 

Evaluation—In order to examine more completely 
the effects of hydrogen on the particular materials 
studied, slow-speed tensile and notch-bend impact 
properties were determined in addition to fatigue 
data. Tensile specimens were of the standard ASTM 
type with a reduced section of %-in. diam and a 
gage length of % in. A subsize cylindrical Izod 
specimen was used for impact tests. These specimens 
had a 45° notch with a 0.005-in. radius and a 0.150- 
in. root diam, and the stress concentration factor 
of this notch in bending was K, = 3. Both the ten- 
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Fig. 1—Specifications for rotating-beam fatigue specimens. 
a) TOP: Rotating-beam notched fatigue specimen, K: = 3. 
b) BOTTOM: Rotating-beam unnotched fatigue specimen. 


sile and impact samples have been described in 
greater detail previously.’ 

Tensile tests were done in duplicate on a Baldwin- 
Southwark universal testing machine at a uniform 
crosshead speed of 0.005 in. per min. Strains were 
measured with type A-7 SR-4 resistance strain 
gages and a lever-type extensometer. Notch-bend 
impact tests were conducted on a Tinius Olsen test- 
ing machine using the 200 in.-lb scale and an impact 
velocity of 11.37 fps. 

Rotating-beam fatigue tests were carried out on 
Krouse rotating-beam machines having a maximum 
capacity of 40 in.-lb. The operating speed of the 
machines was 10,000 cpm for this program. Details 
of the fatigue test specimens are shown in Fig. 1. 
For both specimen types, the minimum test-section 
diameter was 0.150 in. The notched specimens con- 
tained a circumferential V-groove having a root 
radius of 0.005 in., and the stress concentration fac- 
tor, Kr, was 3.0. 

Particular care was taken in the preparation of 
fatigue specimens. Finish lathe cuts removed suc- 
cessively smaller amounts of material in order to 
prevent undue working of the specimen surface. Un- 
notched specimens were polished in a special ma- 
chine using cloth belts with successively finer grit 
sizes and a dry lubricant. At the conclusion of the 
polishing operation, polishing scratches were longi- 
tudinal at the minimum test section, and the surface 
roughness in the longitudinal direction measured 5 
to 8 » in. rms. Notched specimens were polished at 
the notch root by means of a rotating cord which 
was placed in the notch, using emery dust as the ab- 
rasive and cutting oil as the lubricant. 

In developing the fatigue data, about ten speci- 
mens were used for each condition to obtain the 
S-N curve. Additional specimens were tested at or 
near the endurance limit in order to provide a better 
estimate of this parameter. These tests were so 
scheduled to provide data amenable to the up and 
down method of statistical analysis developed by 
Dixon and Mood.® The method applied to the estab- 
lishment of fatigue limits was suggested by Ransom 
and Mehl.’ In general, sufficient data were obtained 
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only on unnotched specimens to afford a reasonable 
population for making such an analysis. 


Experimental Results 


Tensile and Impact Properties—Tensile, impact, . 


and hardness results for the A-55 titanium and the 
Ti-8 pct Mn alloy at the two hydrogen levels in- 
vestigated are shown in Table II. These data are in 
good agreement with those obtained in previous 
investigations of these materials.” The tensile and 
hardness properties of A-55 titanium were not al- 
tered significantly by the addition of 390 ppm H, 
but the notch-bend impact strength was lowered 
drastically at all temperatures studied. For ex- 
ample, at room temperature, the impact strength 
of the hydrogen-containing sample was decreased 
from 30 to 3 in.-lb. This loss in impact strength is 
associated with the presence of hydride in the mi- 
crostructure, as illustrated in Fig. 2. 

A hydrogen content of 368 ppm had little effect 
on the notch-bend impact strength of Ti-8 pct Mn. 
The increase in impact strength at 100°C is evidence 
of brittle to ductile transition behavior in this alloy, 
and the hydrogen-containing sample appears to 
have a higher transition temperature. Tensile duc- 
tility of the Ti-8 pct Mn alloy was decreased mark- 
edly by the hydrogen addition. This embrittlement is 
not associated with a visible hydride phase in the 
microstructure, as illustrated by Fig. 3. Both the 
vacuum-annealed (19 ppm H) and the hydrogen- 
containing structures were identical. 

Fatigue Properties—Plotted results of notched and 
unnotched rotating-beam fatigue tests are shown in 
Figs. 4, 5, 6, and 7. In these plots, the number of run- 
out specimens (in excess of 10° cycles, at each stress 
level is indicated by the figure to the right of the ar- 
row extending from the data point. For unnotched 
specimens, the mean fatigue limit at 10° cycles was 
evaluated by the method of statistical analysis pre- 
viously indicated. Smooth curves were then drawn to 
represent the data best in the finite lifetime region, 
making sure that the curve intersected the 10’ cycle 
line at the statistically determined fatigue limit. 
Notched specimen S-N curves were drawn to repre- 
sent the entire collection of data points best. 

The fatigue limit at 10° cycles, fatigue notch fac- 
tor (K,), and the ratio of fatigue limit to tensile 
strength for both materials are summarized in Table 
III. In no case is hydrogen in the amounts added det- 
rimental to fatigue properties under the conditions 
studied. On the contrary, there is generally an in- 
crease in fatigue limits (notched and unnotched) 
of A-55 titanium and the Ti-8 pct Mn alloy with the 
addition of hydrogen. 

Hydrogen at the 390 ppm level has significantly 
increased the unnotched fatigue limit of A-55 titan- 
ium, but has little effect on the notched fatigue 
limit. Although there is a slight increase in tensile 


Table |. Analyses of A-55 Titanium and the Ti-8 Pct Mn Alloy 


Wt Pct of Element 


Manga- 
Material Carbon Oxygen Nitrogen Iron nese 
A-55* 0.02 to 0.05 0.05t00.10 0.02 t00.05 0.10to0.2 — 
6.2 


Ti-8 pet Mn; 0.035 


* Analysis supplied by vendor. 
+ Analysis conducted at Battelle. 
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Fig. 2—Microstructures of A-55 titanium containing 18 and 390 ppm H. Etchant: 14 pet HF, 32 pct HNOs, 95 pct H.O. 
a) LEFT: 18 ppm H. b) RIGHT: 390 ppm H. X250. Enlarged approximately 15 pct for reproduction. 


strength for this material when hydrogen is added, 
this increase is not great enough to explain the large 
improvement in unnotched fatigue limit. 

The increases in fatigue limit (unnotched and 
notched) of the Ti-8 pct Mn alloy with added hydro- 
gen were such that the K; values were the same. 
There is an increase in tensile strength with the 
addition of 368 ppm H which might serve to explain 
the increase in fatigue limits. Although there is a 
slight increase in the fatigue limit to tensile strength 
ratio with hydrogen, this increase is slight, and 
its significance is doubtful. 


Discussion 

The unnotched and notched fatigue limits in re- 
versed bending of A-55 titanium and the Ti-8 pct 
Mn alloy were not deleteriously affected by the ad- 
dition of 390 and 368 ppm H, respectively. This re- 
sult suggests that the fatigue properties under 
completely reversed stress of titanium alloys are 
not particularly sensitive to hydrogen as are other 


TRING 


Fig. 3—Microstruct 
368 ppm H. Etchant: 1/2 pct HF, 3¥2 pct HNOs, 95 pet 
HO. X500. Enlarged approximately 15 pct for reproduction. 
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properties, such as notch-bend impact strength and 
tensile ductility, depending, of course, on the alloy 
type in question.- 

In considering the Ti-8 pct Mn alloy, the increase 
in the fatigue limit with the increase in hydrogen 
was in accord with the increase in strength. The lack 
of embrittling effect in fatigue in this alloy appears 
to be consistent with the postulated mechanism of 
hydrogen embrittlement in a-£ alloys.”” This mech- 
anism suggests the stress-induced migration of hy- 
drogen atoms to the a-8 interface, where segregation 
and concentration of hydrogen atoms takes place 
with the possible formation, ultimately, of a third 
phase. Such a mechanism would explain the hydro- 
gen embrittlement in a-f alloys observed in slow- 
speed tensile and static-loading tests, but not gen- 
erally observed in other conditions of rapid strain- 
ing. For the case under consideration, where alter- 
nate tension and compression are applied in the 
fatigue tests, the hydrogen atoms would be im- 
mobile and would not be expected to contribute 
to embrittlement by the mechanism considered 
above. 

The increase in the unnotched fatigue limit of 
A-55 titanium with added hydrogen is quite large 
and cannot be explained on the basis of the slight in- 
crease in tensile strength. Moreover, from the stand- 
point of the introduction of hydride inclusions in 
this material, a decline in the fatigue properties” 
might have been expected, if any effect were found 
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3 60 
B40 
a 
B30 
5 
220 

10 

1o* 10° 10 107 


Fatigue Lifetime, cycles 


Fig. 4—Rotating-beam fatigue test results for A-55 titanium 
containing 18 ppm H. 
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Table II. Mechanical Properties of A-55 and Ti-8 Pct Mn Titanium Alloys at the Vacuum-Annealed and Nominal 
400 Ppm H Levels 


Tensile Properties Notch-Bend Impact Strength, 


In.-Lb, at Indicated 


Reduc- 


Elon- 


Flow Properties, = Bd” 


0.2 Pct 
Offset Yield Tensile 
Strength, Psi Strength, Psi 


Hydrogen tion 
Content,* in Area, 
Ppm Pet 


gation, 
Pet in 


1% In. B, Psi 


n 


6 Maximum, 
In. per In. 


Hardness, 
10-Kg Load —196 


Vickers 


Temperatures, °C 


—40 


25 


100 


A-55 Titanium 


18 57 33 56,000 
56 Tt 61,000 
390 54 37 57,000 


70,000 

71,000 94,000 
71,000 102,000 
72,000 102,000 


135,000 
134,000 
136,000 
138,600 


19 59 33 
368 11 


126,000 
125,000 


200,000 
200,000 
185,000 


129,000 190,000 


0.10 
Ti-8 Pct Mn 


186 39 
199 2 


304 
302 


39 
17 


* Hydrogen content by vacuum-fusion analyses. 
+ Specimen fractured outside gage marks. 
+ Specimen fractured at gage mark. 


at all. One possible explanation of the observed 
phenomena lies in the probable internal heating 
effects previously measured in fatigue tests of A-55 
titanium by Romualdi and D’Appolonia.” Heating 
of the fatigue specimens only to about 150°C would 
be sufficient to dissolve the hydride and thus 
strengthen the material relative to hydrogen-free 
material. There is sufficient evidence to believe 
that such a temperature rise is easily obtained,”” 
and the excellent strengthening effects of hydrogen 
in solution in a alloys have also been substantiated.* 
Still to be explained, however, would be the lack 
of strengthening with hydrogen observed in the 
notched fatigue tests of A-55 titanium. This effect 
may be accounted for by the observations of 
Romualdi and D’Appolonia,” who found that inter- 
nal heating was not appreciable in notched speci- 
mens due, apparently, to the ability to dissipate 
heat more effectively in the area of the notch. 

It should be realized that the lack of deleterious 
effects of hydrogen on fatigue as found in this paper 
applies only to the conditions of reversed bending 
tests. The observed indications should be substan- 
tiated in other types of tests, notably axial tension- 
tension fatigue. 
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Table III. Summary of Fatigue Results for A-55 Titanium and 
the Ti-8 Pct Mn Alloy 


Ratio of Fatigue 
Limit to Tensile 
Strength 


Un- 
notched Notched 


Analyzed Fatigue Limit, Psi 

Hydrogen 

Content, 
Ppm 


Tensile 
Strength, 
Psi 


Un- 


notched Notched 


A-55 Titanium 
18 49,300 2: 


0.70 
390 58,500 


0,34 


Nominal Stress, 1000 psi 


Nominol Stress, 1000 psi 


Nominal Stress, 1000 psi 


x—Unnotched 


O-Notched 


10* 


10° 


Fatigue Lifetime, cycles 


10® 


Fig. 5—Rotating-beam fatigue test results for A-55 titanium 
containing 390 ppm H. 
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Fig. 6—Rotating-beam fatigue test results for Ti-8 pct Mn 
contgining 19 ppm H. 
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Fig. 7—Rotating-beam fatigue test results for Ti-8 pct Mn 
containing 368 ppm H. 


* Ky = unnotched fatigue limit/notched fatigue limit. 
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C. M. Craighead, now deceased, and G. A. Lenning, 
who ‘participated in the project. 
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Technical Note 


Anomalous Behavior During Cold Working and Subsequent 
Heating of Certain Magnesium Base Alloys 


by J. C. McDonald 


experimental data are presented 
in this note on a phenomenon which has been 
touched on but lightly in the literature. The common 
magnesium base rolling alloy (AZ31B) contains 
about 3 pct Al and 1 pct Zn. When cold rolled, it 
hardens until it starts to break up in the rolls at 
30 to 50 pct reduction. When it is heated after roll- 
ing to full hardness, it softens. However, other mag- 
nesium alloys have shown themselves capable of be- 
ing cold rolled indefinitely, provided the ratio of roll 
diameter to starting gage is sufficiently high. As 
measured by the tensile test, these alloys actually 
soften when the reduction becomes large (60 to 90 
pet). A subsequent heating at 300° to 500°F can 
produce hardening of this metal. Heating at higher 
temperatures (600° to 800°F) causes recrystalliza- 
tion and softening. 

Menzen’* has shown that a magnesium base alloy 
can be cold rolled without intermediate anneals as 
much as 90 pct. The alloy studied, Mg-1.5 pct Mn, 
softened considerably between 20 and 90 pct reduc- 
tion, as measured by tensile properties; a decrease 
in yield strength of 30 pct, and an increase in elon- 
gation from 3.2 to 16.7 pct (longitudinal direction of 
the sheet). However, Menzen gives no data on the 
reaction of this metal to heating. 

Ansel and Betterton? and Hurst and Hatch* report 
a similar effect in Mg-1.5 pct Mn-0.1 pct Ca. Their 
data show an initial hardening, followed by soften- 
-ing. The former authors also show that the alloy 
softened by cold rolling will harden when heated 
at low temperatures, and that these effects are 
absent in Mg-3 pct Al-1 pct Zn. 

In the course of work**® some years ago, the author 
observed similar effects with alloys containing cer- 
ium, thorium, or zirconium; but not with elements 
like aluminum, silver, or zine. Table IA contains 


J. C. McDONALD is Assistant Technical Director, Magnesium 
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the results of an experiment which shows these 
effects rather well. A binary alloy with 0.3 pct total 
rare earths (Mischmetal* added) was rolled hot to 


* Mischmetal contains roughly 50 pct Ce; balance, other rare earth 
metals. 


1/16 in. and then annealed to full softness by heat- 
ing 30 min at 800°F. Rolling was continued at 1.5 
pet per pass to 80 pct total reduction on 8 in. diam 
rolls. The metal was harder after 20 pct work than 
initially but, at 80 pct reduction, properties were 
back to their original values. Heating for 1 hr at 
450°F produced about the same hardness whether 
the reduction was 20 or 80 pct. At intermediate re- 
ductions, the metal hardened, but not to as high 
values. 

Extensive cold rolling may also be carried out on 
metal hot rolled at temperatures sufficiently low to 
produce a semihard temper. Mg-0.6 pct Zr was 
rolled to 0.1 in. at 700° to 800°F, 30 pct per pass. As 
shown in Table IB, a further cold reduction of 85 pct, 
at 1.5 pct per pass, definitely softened the metal. 
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Fig. 1—Properties of Mg-1.5 pct Mn-0.2 pct Ce (Mischmetal) 
alloy vs anneal temperature. 


FEBRUARY 1958—45 


> | | ; | A. Lenning, and C. M. Craighead: Effect of Test- 
ing Variables on the Hydrog a i i 


Table |. Tensile Properties After Heating Cold Rolled Mg-Ce, Mg-Zr, and Mg-Mn-Ce Alloys 


A. Mg-0.3 Pct Rare Earths (Cerium 
Added as Mischmetal), Heated 1 


C. Mg-1.5 Pct Mn 
-0.2 Pct Rare 
Earths (Cerium 
Added as Misch- 


B. Mg-0.6 Pet Zr, metal), Heated 30 


Heated 30 Min 


appt at 400°F Min at 400°F 

717 
Pct Cold Rolled 0 20 60 80 at 2 a 7 * 16 
Percentage of Elongation in 2 In., As Rolled 15 1 
Percentage of Elongation in 2 In., Heated — an 25 21 
Tensile Yield Strength, 1000 Psi, As Rolled 16 27 20 20 17 22 21 BG oe = 36 
Tensile Yield Strength, 1000 Psi, Heated — 31 25 27 30 of 29 27 34 34 34 
Tensile Strength, 1000 Psi, As Rolled 30 36 28 28 30 3 ei 32 ibe 38 42 
Tensile Strength, 1000 Psi, Heated — 39 30 34 39 =s 


Table II. Tensile Properties After Heating Hot Rolled Binary Mg-Ce and Mg-Th Alloys 


Mg-0.06 Pct Ce 


Mg-0.6 Pct Th 


Heated 30 Min 


Heated 30 Min Heated 30 Min Heated 30 Min 


As Rolled at 400°F at 700°F As Rolled at 400°F at 700°F 
Percentage of Elongation in 2 In. 7 2 19 Zh as 4 
Tensile Yield Strength, 1000 Psi 23 29 19 27 rs 34 
Tensile Strength, 1000 Psi 32 35 34 33 3 


Heating 30 min at 400°F hardened it substantially 
to the original levels. 

Considerable work to duplicate Menzen’s results 
was carried out, but the effects were not evident in 
such clear cut fashion as when rare earths were 
present. Table IC shows the results with Mg-1.5 pct 
Mn-0.2 pet rare earths (Mischmetal). This alloy 
is similar to Mg-1.5 pet Mn-0.1 pet Ca, data on which 
are omitted in view of Ansel and Betterton’s’ report. 
The data of Table IC were obtained by first hot roll- 
ing as for the Mg-0.6 pct Zr alloy (see above), and 
then cold rolling on 8 in. diam rolls at 1.5 pct per 
pass. The degree of softening at 77 pct reduction was 
such that heating 30 min at 400°F produced a 70 
pet increase in yield strength. The properties were 
well above those of the original hot rolled metal. 

The same hardening effect after heating can be 
seen on the alloys when hot rolled as described 
above to produce semihard metal. The data in Table 
II (from the original alloy studies’) show that the 
hot rolled metal hardens at 400°, but is effectively 
softened at the higher temperature of 700°F. The 
hardening of Mg-1.5 pct Mn-0.5 pct Ce described 
by Altwicker® is probably of a similar nature. 

In order to shed light on the probable cause of 
this behavior, a more extended study of heating was 
conducted on Mg-1.5 pct Mn-0.2 pct Ce (Misch- 
metal), the results of which are presented in Fig. 1. 
This alloy was once sold in Germany under the 
name AM537. The metal was cold rolled to a final 
gage of 0.016 in., starting from 0.040 in., a reduction 
of 60 pct total, at 7.5 pct per pass. Roll diameter was 
8 in. The starting condition was the same as in Table 
IC. The studies of Fig. 1 show considerable harden- 
ing in as little as 3 min at 400°F; e.g., tensile yield 
strength increased 50 pct, from 24,000 psi to 36,000 
psi. The softening at higher temperatures is well 
shown. This is easily explainable in terms of the 
observed recrystallization. There is no explanation of 
the work softening, followed by the anneal harden- 
ing. The alloys exhibit little hardening when treated 
in the usual way with a solution at high temperature 
and an age at low temperature. The phenomenon 
is observed in dilute alloys in which hot working 
prior to cold finishing could be expected to put the 
alloying element into solid solution and the tem- 
perature of final heating is high enough to prevent 
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any degree of precipitation. Furthermore, the re- 
sults appear to differ from the usual precipitation 
hardening curves in that there is a trend for short 
times at higher temperatures to produce harder metal 
than longer times at lower temperatures. Neither op- 
tical nor electron metallography has shed light on 
what is going on. There is no evidence of recrystalliza- 
tion. Back reflection X-rays show only a relief of mi- 
crostresses, on heating at the low temperatures, with 
no change in lattice parameter. As rolled, the lines 
are somewhat diffuse, and become sharper after 
hardening. Thus, the hardening seems unlikely to 
be due to precipitation favored by the high degree of 
cold work. The metal behaves as though the working 
were generating soft regions. On heating, an atomic 
rearrangement occurs in these regions which re- 
stores them to the fully work hardened condition. 
The alloys showing this behavior have recrystalliza- 
tion temperatures which are generally much higher 
than those of the alloys which do not show it. Mag- 
nesium alloys with cerium and thorium also have 
much higher mechanical properties at elevated tem- 
peratures than the alloys with aluminum, silver, or 
zinc. The connection between these effects and those 
described in this note remains to be shown. 

Two recent publications discuss newly observed 
deformation processes occurring during the work- 
ing of magnesium alloys,”* and new metallographic 
techniques for observing them.’ Additional research 
will be required to determine what role these 
processes may have played in the phenomena dis- 
cussed above. Careful experiments should be carried 
out to determine the alloying elements, and the 
amounts, required to produce these effects. Such 
work should help to define the role, if any, of pre- 
cipitation in the hardening phenomenon. 
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Effect of Crystallographic Orientation and Oxygen 


Content on Knoop Hardness Values 


of lodide Titanium 


by C. Feng and C. Elbaum 


Knoop hardness measurements were carried out on large grains of iodide titanium 
containing different amounts of oxygen. For each oxygen content the hardness is recorded 
as a function of the crystal orientation and of the angle ¢ between the indenter diagonal 
and the projection of the C (hexad) axis in the surface. The results can be expressed 
by the following relation: hardness = n-k cos 2¢, where n and k are constants for a 
given oxygen content and crystal surface orientation. 


ee of hardness is a well-known phe- 
nomenon and has been reported for many 
metals.“~ At the present time, however, such infor- 
mation is not available in the literature for titanium. 
Consequently, a systematic study of the simultaneous 
effects of oxygen content and crystallographic orien- 
tation on the hardness of titanium was undertaken 
in this laboratory. 

Evaluations of oxygen content in titanium are 
frequently carried out through hardness tests. Al- 
though such procedures may be justified in small 
grain specimens, the results of the present inves- 
tigation indicate that the anisotropy of hardness 
should be taken into account in the case of coarse- 
grained specimens as well as in the case of pro- 
nounced preferred orientation. 


Materials and Experimental Procedures 


Iodide titanium, 99.99 pct pure and containing of 
the order of 0.002 wt pct O, was used throughout 
this investigation. The metal was arc melted in an 
argon atmosphere and cold rolled into strips 1/16 
in. thick. These strips were subsequently recrystal- 
lized and strain annealed in vacuum (10° mm Hg 
or better) at 850°C in order to produce crystals 
varying in diameter from 10 to 25 mm. 

Oxygen was introduced into selected large crystals 
by heating at 700°C in an atmosphere of pure oxy- 
gen under an observed pressure of approximately 
50 mm Hg. Each sample was subsequently annealed 
in vacuum at 850°C for 100 hr, in order to homo- 
genize the oxygen content throughout the specimen. 
It was found that longer annealing was not neces- 
sary, for no change of surface hardness in a given 
direction was detected after prolonged annealing. 

The oxygen content was determined by the differ- 
ence in weight of the specimens before and after the 
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oxidation-annealing cycle. The accuracy of oxygen 
determination is within +0.1 mg in samples weigh- 
ing 0.5 to 1 g. A vacuum fusion analysis of oxygen 
was performed on several samples and gave results 
in good agreement with the ones obtained by the 
weight change. It should be emphasized that ex- 
pected weight losses through evaporation of the 
metal in vacuum at 850°C* are many orders of mag- 
nitude lower than the precision of these measure- 
ments. 

Following the annealing treatment, both oxidized 
and unoxidized crystals were carefully polished. All 
detectable traces of surface cold working were re- 
moved by repeated polishing and etching. Laue back 
reflection X-ray patterns were taken for each crystal 
for the purpose of determining the orientation and 
ascertaining the absence of substructures detectable 
by this method. 

Hardness measurements, using a 1 kg load, were 
subsequently carried out on a Tukon hardness tester 
equipped with a Knoop indenter. The Knoop in- 
denter was used throughout this work because in- 
dentations obtained by means of a Vickers indenter 
are considerably distorted due to the anisotropy of 
the elastic constants in titanium. Such distortions 
are much less pronounced in the case of Knoop 
indentations, although for some orientations a cer- 
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pecimen surface 


Projection of c-axis on 
Specimen Surface 
Q 


~ 
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: Fig. 1—lIIlustration of crystal orientation and the Knoop 
hardness testing arrangement. 
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tain amount of assymetry with respect to the long 
diagonal was observed. Fig. 1 illustrates the rela- 
tionships between the hardness indentation and 
orientation of the specimen surface. As indicated, 


¢ is the angle between the long diagonal of the_ 


indenter and the projection of the C (hexad) axis 
on the surface, and @ is the angle between the basal 
plane and the specimen surface. 

The results are presented as a function of three 
variables: the angles ¢ and @ and the oxygen con- 
tent. Five oxygen contents, ranging from 0.0 wt pct 
to 0.6 wt pct, were investigated. For each oxygen 
content, 6 values of 10° S 6 S 30°, 40° S46 =50, 
60° <6 S 70°, and 80° = 6S 90° were considered. 
For any specimen of a given oxygen content and 
value of 6, hardness indentations were taken with 
¢ values varying from 0° to 180°. 


Results and Observations 

Nonoxidized Samples—The original oxygen con- 
tent was indicated to be approximately 0.002 wt pct. 
During the handling of the metal, no contamination 
was detected within the precision of the measure- 
ments. It is, therefore, reasonable to assume that 
the final oxygen content of the nonoxidized samples 
did not exceed the limit of uncertainty of the meas- 
urements, which was 0.01 wt pct. 

Fig. 2 shows the hardness values for nonoxidized 
samples having @ values between 80° and 90°. These 
values were obtained on seven crystals of which the 
orientations are shown in the standard stereographic 


triangle (0001), (1010), 1120) for the hexagonal 
system. It should be emphasized that the differences 
in the position of the surface with respect to the 


{1010} or {1120} planes do not lead to any detect- 
able differences in hardness for any given value of 
the angle ¢. 

Figs. 3, 4, and 5 show the hardness values for 
60°. = 6S 70°,.40° = 0 50° 107 
respectively. The results of Figs. 2, 3, and 4 exhibit 
similar characteristics: maximum of hardness at ¢ 
= 90° and minima at ¢ = 0° and ¢ = 180°. On the 
other hand, Fig. 5 shows no significant variation; 
the hardness remains essentially constant for all 
values of ¢. The curves of Figs. 2, 3, and 4 can be 
expressed by the empirical relation 


hardness = n-k cos 2¢ 


where n represents the average hardness in each 
case and k is an amplitude factor. Both n and k 
vary with 6. As @ decreases from 90° to 0°, n in- 
creases while k decreases. In the case of Fig. 5 (10° 
= 6 S 30°), k is equal to zero and the ordinate of 
the horizontal line is equal to n. 

Oxidized Samples—Figs. 6 and 7 show the hard- 
ness values of specimens containing from 0.0 wt pct 
to 0.6 wt pct O as a function of ¢ for different ranges 
of 6. Finally, Fig. 8 shows the variation of the maxi- 
mum and minima of hardness and the variation of n 
(the average hardness) with oxygen content. Since 
n varies with @ for a given oxygen content, two sets 
of extreme values of n were selected in this figure. 
The averages of previously published hardness values 
obtained on polycrystalline titanium*”’ are also given 
in the same graph. For purposes of comparison, in 
Fig. 8 the hardness is given in Vickers units. 


Discussion 
The average hardness values determined in this 
work are slightly lower than the values found by 
Finlay and Snyder® and Jaffe, Ogden, and Maykuth,’ 
but are comparable to the results of McKinley.’ This 
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apparent discrepancy might be explained by the 
failure of previous workers to take into account the 
orientation effect. 

“Daniels and Dunn‘ studied the hardness anisotropy 
in silicon-iron and zinc. These authors attempted 
to explain the observed effect on the basis of the 
variation of the resolved shear stress on slip systems 
as a function of orientation. In this study, a similar 
attempt is made. Titanium is known to slip pre- 
dominantly on the {1010} type planes in the <1120> 
type directions.” ° This slip system was, therefore, 
chosen for reference and, as a first approximation, 
twinning was neglected. In fact, it was observed 
that the directions of slip lines appearing around 
the hardness indentations were consistent with slip 
on the above systems, while twinning was not very 
prominent. 

The calculation was performed similarly to the 
one by Daniels and Dunn,* except that the force per- 
pendicular to the facets of the indentation was con- 
sidered to produce the deformation, rather than the 
one parallel to the maximum slope of the facet. This 
choice seems to correspond more closely to reality. 

A plot of cos a X cos B X cos y as a function of ¢, 
where a equals angle between the line of the force 
and the slip direction, 6 equals angle between the 
line of force and the normal to the slip plane, and 
y equals angle between an axis parallel to the facet 
of the indentation and an axis perpendicular to the 
slip direction in the slip plane, follows a similar 


constant - 
trend to the variation of ————— as a function of ¢. 
hardness 


constant 


The plot of ————— expresses the fact that as the 
hardness 


resolved shear stress increases, the plastic deforma- 
tion increases and, hence, the measured hardness 
decreases. 

The results of the calculations of cos a X cos B 
x cos y as a function of ¢, for hardness measure- 
ments on {1010} and {1120} type surfaces (@ = 90°), 

constant 


are plotted in Fig. 9 together with the hardness 


variation for 80° = 6 S$ 90°. The calculations men- 
tioned above are not based on a rigorous derivation, 
and do not include all the possible modes of de- 


formation. These results, therefore, simply indicate | 


a possible reason for the observed anisotropy and 
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are not considered in any way to constitute an 
exhaustive analysis. 

In the case of 10° = 6 S 30°, the angular relation- 
ships between the force on the indentation facets 
and the {1010}, <1120> slip systems are such that 
no slip on the latter is expected to take place. Other 
modes of deformation would have to be taken into 
account. 

In Figs. 6 and 7, the difference in hardness be- 
tween any two curves remains essentially the same 
for all values of ¢. This indicates that, within the 
range investigated in this study, the presence of 
oxygen in titanium does not seem to affect the 
anisotropy of hardness, or the mechanism of plastic 
deformation in a hardness test, to any appreciable 
extent. 

Summary 

1) The hardness of titanium single crystals varies 

considerably with crystallographic orientation for a 


Fig. 9—Comparison 
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effective resolyed 
shear stress and 
constant 


plotted 
hardness 
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given oxygen content. This variation can be ex- 
pressed by the relation 
hardness = n-k cos 2¢ 


where n and k are constants for a given orientation 
and oxygen content, and ¢ is the azimuthal position 
of the indenter in the surface. 

2) The variation of hardness follows a similar 
trend to the effective resolved shear stress, as pro- 
posed by Daniels and Dunn.* 

3) When oxygen is introduced into titanium, the 
ordinate of the hardness curves is shifted to higher 
values without a change in shape of the curves. This 
may imply that the mechanism of plastic deforma- 
tion, as determined by hardness measurements, is 
not appreciably affected by the presence of oxygen. 
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Technical Note 


A Pseudo-Binary in the U-Cb-C System 


by R. B. Roof, Jr. and J. J. Lombardo 


URING the course of investigations on U-Cb 
alloys by X-ray diffraction techniques, an im- 
purity or an additional phase was observed in sev- 
eral alloys of various compositions. The X-ray dif- 
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Table I. Chemical Analysis of Prepared Monocarbides of 
Uranium and Columbium 


Sample Determination Ratio of U to Cb 
Identifi- Wt Pct WtPct Wt Pct Atomic 
cation Cc Cb U Wt Pct Pet 
(UCb) C 5.6 70.1 74.33:25.67 53.03:46.97 
(UeCb) C 5.2 14.8 79.5 84.31:15.69 67.7:32.3 
(UChbz) C 7.5 45.3 49.94:50.06 28.0:72.00 
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Fig. 1—X-ray diffraction pattern of the residue obtained 
from the solution of a U-10 wt pct Cb (transformed at 
550°C for two weeks) sample in HCI. The peak occurring 
at 20 = 47° is the [220] peak of UO.. 


Fig. 2—Micrograph of U-10 wt pct Cb, showing carbides. 
Heat treatment: 10 pct cold worked, 900°C for three 
weeks, water quenched. X500. Reduced approximately 30 pct 
for reproduction. 


fraction patterns revealed very small peaks that 
could not be interpreted in terms of the basic matrix. 
Dissolving a metal sample in HCl produced a residue 
in which the unknown phase was concentrated. An 
X-ray diffraction pattern of this residue, as repre- 
sented in Fig. 1, revealed a face-centered-cubic 
material of lattice constant a, = 4.693A and some 
weak lines of UO.. 

The sharp angular appearance of the inclusions, 
as shown in Fig. 2, suggested the presence of a car- 
bide or nitride. The lattice parameter of the face- 
centered-cubic material (4.693A) is approximately 
the average of the lattice parameter of CbC (4.44A) 
and UC (4.95A), both materials being face-centered- 
cubic. If a substitutional solid solution between ura- 
nium and columbium existed in the face-centered- 
cubic carbide, then there was a strong possibility 
that the unknown face-centered-cubic material 
could be a monocarbide with uranium and colum- 
bium randomly arranged at the lattice sites. 

_ The end products of the presumed pseudo-binary, 
UC and CbC, were prepared by vacuum arc-melting 
techniques using a carbon electrode tip to remove 
the possibility of contamination of the binary by a 
third element during melting. The lattice parameters 
of the above carbides agreed with those given in the 
literature. The intermediate compositions between 
UC and CbC proved to be much more difficult to 
prepare in quantity than the terminal carbides, due 
to their very high melting points and poor flow 
characteristics. Samples had to be broken up and 
remelted an average of six to eight times to homo- 
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Fig. 4—X-ray diffraction pattern of (U, Cb) C. 


genize the buttons before suitable X-ray spec- 
trometer patterns could be obtained. The change 
in lattice parameters a, with composition expressed 
as atomic pct U and Cb is given in Fig. 3. The dashed 
line in the triangular symbol of Fig. 3 indicates the 
position in the ternary system U-Cb-C from which 
the alloys were prepared. The chemical analyses of 
the intermediate products are given in Table I. No 
breaks were observed in the curve of Fig. 3, indi- 
cating that an isomorphous replacement of uranium 
and columbium atoms in the structure occurs as a 
function of composition. 

Comparison of the spectrometer trace of the resi- 
due (a, = 4.69) in Fig. 1 with the spectrometer trace 
of the monocarbide (UCb)C (a = 4.65) in Fig. 4 
reveals that the residue is indeed a carbide of the 
type (U, Cb)C. In addition to the relative intensities 
of the peaks being comparable, the shapes of the 
peaks are similar. 

The impurity phase was metallographically iden- 
tified as a carbide by its shape, quantity, and reaction 
to a nitric acid etchant.” The metallographic results 
strongly support the X-ray diffraction evidence that 
the unknown face-centered-cubic phase is a mono- 
carbide of uranium and columbium. 
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Solid Solubility of Uranium in Thorium and the 
Allotropic Transformation of Th-U Alloys 


High-temperature X-ray diffraction studies were conducted with Th-U alloys with 
up to 10 wt pct U. The solid solubility of uranium in thorium as a function of tempera- 
ture was determined by the method of lattice parameters. Thorium will dissolve up to 
2.5 wt pct U at 950°, 4.5 wt pct U at 1150°, and 7.5 wt pct U at 1250°C. Determinations 
were made of the temperature of the transition of thorium and of the effect of uranium 
upon the transition. The o to @ transition for thorium was observed to occur at 1330 
+20°C. Mean coefficients of expansion were calculated for thorium and two alloys, and 
for ThO, in contact with the thorium, using X-ray lattice-parameter data. Values ob- 
tained at 950°C for thorium and ThO, were 12.1 and 9.40 < 10° per °C, respectively. 
Impurities obtained during the X-ray exposure were identified by diffraction and were 
essentially ThO, and ThC, with two additional unknown phases being detected. The ef- 
fect of the impurities upon the results is discussed. 


by Wendell B. Wilson, Alfred E. Austin, and Charles M. Schwartz 


IRECT investigation (i.e., high-temperature 

X-ray diffraction studies) of the phase diagram 
of thorium-rich uranium alloys has been shown to 
be necessary since recent work’ has disclosed the 
presence of an allotropic transformation near 1400°C 
in pure thorium with the room temperature face- 
_centered-cubie phase transforming to a body-cen- 
tered-cubic structure at the elevated temperature. 
The effect upon the transition of the addition of 
uranium to thorium and of the solubility of uranium 
in thorium at high temperatures remained unknown, 
yet was of interest in understanding fabrication 
procedures and elevated temperature use. The 
present work was undertaken to provide information 
in this area by determining the transition tempera- 
ture, the effect of uranium on the transition tempera- 
ture, and the solubility of uranium in thorium as a 
function of temperature. 


Experimental Work 


The high-temperature diffraction data were ob- 
tained using a camera especially designed for the 
purpose® and capable of reaching temperatures in 
excess of 2000°C at pressures as low as 1 x 10° mm 
Hg. Temperature regulation was provided by reg- 
ulating the power input to +0.1 pct variation, and 
by regulating the water flow through the camera 
jacket to provide a constant thermal load. 

The X-ray sample was a rod nominally 80 mil 
diam, which was further turned down to 20 mil and 
then etched to 18 mil over ¥% in. of one end. This was 
placed in the sample holder and mounted on the 
camera so that the smaller part was surrounded by 
a cylindrical tantalum-sheet radiation-type heating 
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element. Diffraction from the sample was recorded 
on film after passing through a slot in the heating 
element and radiation-baffle shield and through 
beryllium vacuum windows. The X-ray film mount- 
ing was of the Straumanis type* with a camera dia- 
meter of 114.59 mm. 

Since previous work of Chiotti* indicated that 
impurities considerably alter the transition tempera- 
ture, chemical analysis of the arc melted iodide 
crystal-bar thorium samples was obtained prior to 
testing. The analysis disclosed the material to con- 
tain as low as 0.001 +0.0002 wt pct H and 0.007 
+0.001 wt pct O. Carbon was 0.003 wt pct and ni- 
trogen less than 0.002 wt pct. 

This material was sealed in mild steel in an inert 
atmosphere and subsequently hot rolled to %-in. 
diam rods at a temperature of 732°C. Following re- 
moval of the jacket, the material was pickled and 
cold swaged to %-in. rods, from which the diffrac- 
tion samples were prepared. The alloys were simi- 
larly prepared, with the uranium being added dur- 
ing arc melting. The uranium analyses of the alloys 
prepared appear in Table I. 

The experimental procedure for diffraction exam- 
ination of the three samples of high-purity thorium 
differed from those of the Th-U alloys. The original 
practice, later modified, consisted of pumping down 
the camera with the diffusion pump on and then 
admitting liquid nitrogen to the cold trap of the 
system. This was modified for the Th-U alloys by 
maintaining liquid nitrogen in the cold trap at all 
times before and while the diffusion pump was 
heated. This minor change produced a reduction in 
the amount of carbon pickup by the sample during 
exposure to the diffusion-pump vapors. The sample 
was brought to the desired test temperature and 
exposed for 2% hr at pressures which were usually 
2 x 10° mm Hg, or lower. Exposures were made at 
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nominally 100°C intervals on each sample from 
950°C to above the transition, with some runs at 
50°C intervals. 

Initially, the temperature measurements were 
made by disappearing-filament optical pyrometry 
through a Vycor glass vacuum-sealed window. 
Black-body approximation was obtained by drilling 
a 20-mil hole into a dummy specimen, consisting 
of a 80-mm diam thorium rod, and using the hole 
bottom as a black body. The hole temperature and 
surface temperature were determined over the tem- 
perature range of interest. Correction for the trans- 
mission of the Vycor window was computed and 
added to the observed temperature. From these 
data a calibrated temperature curve was prepared. 

Diffraction data, however, strongly suggested that 
this initial temperature calibration was in error, 
largely because the sample was reflecting radiation 
from the surrounding heater whose temperature was 
above that of the specimen. Therefore, a new cali- 
bration curve was prepared by measuring the tem- 
perature directly with a calibrated Pt-Pt-10 pct Rh 
thermocouple spot welded to the sample. The ther- 
mocouple readings were correlated with the corre- 
sponding pyrometer values to yield the tempera- 
ture-calibration curve employed. 


Results and Discussion 

Fig. 1 shows the thorium-rich end of the Th-U 
phase diagram according to results of this work. 
The monotectic and uranium transformation temper- 
atures and liquidus data are from the previous work 
of Carlson.’ The results of his investigation indicated 
that a single layer was formed in quenching from 
1325°C and a double layer in quenching from 1350° 
to 1375°C. This indicated that the monotectic oc- 
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Fig. 1—Partial Th-U phase diagram. 
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Fig. 2—Solubility of uranium in thorium by lattice-parameter 
change. 


curred between the extremes. Thus, the temperature 
of the thorium transformation is 1330° +20°C and 
the monotectic between 1325° and 1375°C. The de- 
tailed phase diagram construction between these 
temperatures has not been given here, partly be- 
cause the present investigations did not extend 
beyond 10 pct U. It should also be stressed that car- 
bon impurity content, which rapidly elevates the 
transformation temperature, would have to be 
specified for the construction of the diagram. 
Experimental results strongly suggested that 
uranium did not raise the transformation tempera- 
ture. By extending the reasoning advanced by 
Dwight,’ it might be predicted that uranium would 
lower the thorium transformation temperature 
somewhat. 

The possible existence of a peritectic requiring 
aa+L,or 8+ L, field has been recognized, but the 
present experimental techniques do not, of course, 
disclose this, and the probable temperature range is 
also apparently quite narrow. The a+ 8 field 
shown in Fig. 1 is narrower than observed directly, 
since carbon contamination did stabilize enough 
a to obtain, usually, minor a in f, thus making it 
difficult to define the boundaries of the field. The 
8/8 +L. boundary dotted in has been placed in 
such a way that the solubility of uranium in £ should 
agree nominally with the solubility in a, which 
is a consequence of uranium having little effect upon 
the transformation of thorium.’ The fact that melt- 
ing was observed in the Th-2 wt pct U alloy at 
1450°C makes it appear highly desirable that the 
8/8 + L. region be accurately defined. 

The solubility of uranium in a thorium was de- 
termined by parameter techniques. The parameters 
calculated were extrapolated values corrected for 
the normal systematic errors arising in the diffrac- 
tion technique and are given in Table I. It should 
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Table |. Lattice Parameters of the a Th-U System 


Uranium 
ance Lattice Parameter, A, At Indicated Temperature, °C 
hori 5 
Alloy. odin RT* 950 1050 1150 1200 1250 1300 1325 1375 1400 
0 5.09097 5.1700t 
at 1170° 
2 0 5.08457 5.1430+ 5.1644} (RT dap expanded due to carbon) 
5.0862¢ (do = 4.11) 
5.0875t 
0 5.08517 5.14707 (do = 4.10) 
5.0902t 2 = 4,09) 
0.98 5.0806t 5.13638, 5.1515§, 5.1554#, 5.16247, 5.170%, tt (do = 4. 
5.1434; 
5 1.91 5.08077 5.1378t 5.1546; 5.16524 
5.08237 
6 2.95 5.1495 5.1559 
7 4.98 5.079§ 5.135§ 5.14964 5.1609 
8 6.87 5.083** 
9 9.73 5.083 5.1393 5.1504¢ 5.154** 5.1624 5.1624 
5.08284 5.13508 
* Room-temperature values listed in the experimental sequence used. 
40.0003. 
+0.0005. 
§ Film too poor to assign tolerance limits. 
# +0.001. 
0.005. 
050022 
+7 Alloy No. 4 had parameter values which were too low to compare with alloys, indicating a probable temperature error. 


be pointed out that not all films yielded suitable 
parameter data and the values in this table were not 
obtained consecutively. Parameter change at con- 
stant temperature vs wt pct U was plotted and the 
composition noted at which the parameter became 
essentially constant. This was taken as the solu- 
bility limit and the plot of these data is given in 
Fig. 2. Solubilities were indicated of 2.5 wt pct U 
at 950°, 4.5 wt pet U at 1150°, and 7.5 wt pct U at 
1250°C. It is seen in Fig. 1 that the solubility of 
uranium in thorium increases markedly with tem- 
perature. 

The body-centered-cubic 6 phase had. a lattice 
parameter of 4.11 +0.01A at 1400°C. This value de- 
creased to 4.09 +0.01A at 1375°C with 1 pct U ad- 
dition. 

Carbon contamination from the vapor of the dif- 
fusion pump caused some difficulty in determining 
the temperature of the transition, increasing car- 
bon elevating the temperature of the transition up 
to 1450°C. This difficulty was also encountered with 
most of the alloys, and those which transformed 
at slightly higher temperatures than expected dis- 
closed ThC in trace amounts. 

To overcome this difficulty and obtain better 
transformation data, later samples were taken 
directly to the assumed transition first, rather than 
accruing a number of exposures at somewhat lower 
temperatures and allowing concomitant carbon 
pickup. This produced a noticeable lowering of the 
transition temperature, which was observed to oc- 
cur at 1330° +20°C for unalloyed thorium. This 
temperature is somewhat below the previous value 
of Chiotti of 1360° +10°C obtained by extrapolating 
to 0 pet C content.’ : 

The major impurity phase resulting from the 
experimental examination and determined by dif- 
fraction was ThO., which was detected in virtually 
all of the patterns at elevated temperature. Preci- 
sion parameters for this phase were calculated to 
determine the coefficients of thermal expansion. 
ThC, as previously discussed was detected in those 
samples having high transformation temperatures. It 
is interesting to note that even though ThC was 
easily detected on the diffraction pattern, the lat- 
tice parameter of the a thorium did not indicate a 
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large amount of carbon in solution when compared 
with the data of Mickelson and Peterson.* The 
largest thorium parameter encountered in the pre- 
sent work was 5.0909 +0.0003A at about 20°C, 
which is comparable with their samples analyzed 
to contain less than 0.04 wt pct C. This parameter 
was determined at room temperature after the 
sample had been exposed to the carburizing vapors 
a considerable time at high temperature. 

Two additional phases, believed to be related 
to the oxide and carbide and to each other, were 
detected. The first was generally found when 
large amounts of ThO, and ThC had formed and 
occurred when the sample was taken above the 
transition temperature. Adopting the technique to 
reduce carbon contamination, as previously men- 
tioned, avoided the formation of this phase in the 
Th-U alloys. The second trace phase detected was 
indexable as having a simple cubic pseudocell with 
do = 3.47A, or a body-centered-cubic cell of do 
= 4.90A. This phase was detected only once and 
occurred during a run at 1450°C. It is presently be- 
lieved that these phases form as the result of a pos- 


Table II. Mean Thermal-Expansion Coefficients 
Determined by X-Ray Diffraction 


Mean Thermal- 
Expansion 
Coefficient, 


Material Sample Temperature, °C 10- per °C 


Battelle Values 


Thorium TE 1050 12.0* 
igh 1250 12.4 
950 
Th-U TU2 950 12°35 
950 11.8 
TU3 1150 12.6 
TU3 1325 13.3 
950 11.8 
ThOs 950 9.40 
1250 9.50 
1325 9.95 
Literature Values} 
Thorium Carlson® 0 to 1000 12.5 
Rentschler! 12.6 
Marsden 0 to 100 12:3 


*The computed lattice parameters were the most accurate for 
these samples, which received the least contamination during the 
experiments from which the data were calculated. 

y+ Room temperature neglected. 
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Fig. 3—Mean coefficients of thermal expansion of thorium. 


sible high-temperature reaction between Th-ThC 


and ThO, on the sample surface. 


The remaining trace phase detected was y ura- 
nium, which was formed in the 10 wt pct Th-U 


alloy when examined in the a + y field. 


Table II gives values calculated for thermal ex- 
pansion for thorium, ThO,, and the Th-2 and 10 
wt pct U alloys. For purposes of comparison, these 
thorium expansion data have been plotted in Fig. 3, 
which is essentially a compilation of available ther- 
mal-expansion data®™” determined both by diffrac- 


tion and by dilatation measurements. 


The recent data of James and Straumanis” are 


included in the plot for comparison. Their room- 
temperature data for Battelle Memorial Institute 
thorium are in excellent agreement with the pre- 
sent work. The discontinuity of the coefficient of ex- 
pansion at 38°C suggested in their paper would 
certainly appear to be ruled out by consideration of 
slope when compared with the other data. The av- 
erage value obtained from their investigation, how- 
ever, agrees well with the other data. 
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Technical Note 


Hafnium-Zirconium Separation By Vapor 


Phase Dechlorination 


by J. W. Evans 


O™ possible method for the separation of haf- 
nium from zirconium is by the vapor phase oxi- 
dation of the purified mixed chlorides. An important 
factor for success depends on the difference in free 
energies of the following reactions: 


ZrCl,(g) + O, = ZrO,(s) + 2Cl, [1] 


HfCl.(g) + O, = HfO.(s) + [2] 


Prakash and Sundaram’ have calculated these val- 
ues from certain data and carried out experimental 
work with partial success. However, their free en- 
ergy values for reaction 2 diverge rather widely 
from other data which are presented here. The pos- 
sibility of successful separation is briefly considered 
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in the light of these alternative values. Table I 
shows the free energy values (AF°) for reactions 
1 and 2 derived from the recent compilation of data 
on oxides and chlorides by Glassner.? The corre- 
sponding values of Prakash and Sundaram for the 
same temperatures are also shown. 

The alternative values to those of Prakash and 
Sundaram for reaction 2 are substantially confirmed 
by the data of Kubaschewski and Evans® and Cough- 
lin‘ on heats of formation, entropies, and heats of 
vaporization. In spite of the considerable uncer- 
tainty in the hafnium data it is reasonable to sup- 
pose that the oxide-chloride free energy difference 
for two such chemically similar elements would not 
be very far apart. These figures indicate clearly that 
the oxidation of hafnium chloride is appreciable at 
all temperatures. Nevertheless, there is a significant 
difference between the values for reactions 1 and 2 
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726. 


Table |. Free Energy Values 


Table II. Chlorine: Oxygen Ratios 


Reaction 1, AF° (Keal) Reaction 2, AF° (Keal) 


Prakash Prakash 
Temper- and and 
ature, °C Evans Sundaram Evans Sundaram 
600 —42 — 37.85 —16 + 44.88 
800 —37 — 34.26 —10 + 48.85 
1000 —34 — 30.90 —6.5 +52.54 
1200 —31 —27.74 —2.5 +56.04 


(about 26 to 28 kcal) which makes an effective sep- 
aration theoretically possible. 

From an equilibrium viewpoint, the reaction of 
the mixed chlorides with oxygen would yield a) 
virtually quantitative conversion of zirconium 
chloride to zirconia, and b) an amount of hafnia, 
presumably as a solid solution in the zirconia, which 
would decrease with increasing temperature and 
depend strongly on the prevailing chlorine: oxygen 
ratio of the gases. 

Before dealing with the complex equilibrium, 
however, it is instructive to use these new data for a 
further comparison with Prakash and Sundaram 
relating to the chlorine:oxygen ratios which are 
calculated separately for each system. Firstly, pure 
zirconium chloride is reacted with the stoichiometric 
amount of oxygen and the product is pure zirconia; 
secondly, pure hafnium chloride is reacted with the 
stoichiometric amount of oxygen to give hafnia at 
various arbitrary activities. The temperature is 
800°C. 

For reaction 1 
a(ZrO.) 


pO, pZrCl, 


If stoichiometric amounts of ZrCl, and O, are ini- 
tially reacted it follows that, at equilibrium, pZrCl, 
= pO, and, for the pure oxide at unit activity, K, 
reduces to (pCl./pO.)’ or 


pCl, 
pO, 


From the free energy value at 800°C, and applying 
—AF° = RTInkK, K, is found to be 3.44 x 10°. Hence, 


pCl, 
= 5865. For reaction 2 


pO, 
a(HfO.) 
pO, pHfCl, 


Again considering stoichiometric amounts of HfCl, 
and O, initially, pHfCl, = pO,. 

In view of the practical interest in solid solutions 
of hafnia in zirconia, it is, however, more useful to 
consider chlorine: oxygen ratios for hafnia activities 
less than one as well as for the pure oxide. As a 
first approximation, the hafnia activity may be put 
equal to the mole fraction of hafnia, N(HfO,). Then 


= (K,)*. 


K, = 


) N (Hf0,) . 
pO 


2 


Therefore 


pCl, bak ( K, 
pO. N(Hf£0,) 


At 800°C, K, = 109, and for various hafnia concen- 
trations the chlorine: oxygen ratios shown in Table 
II hold. 

The foregoing calculations refer to the individual 
systems only. Qualitatively, however, it is clear 
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pCl2/pO2 
Pure HfO2(N = 1) 10.4 
N (HfO2) = 0.01 104 
N (HfO2) = 0.001 330 
N (Hf£Os) = 0.0001 1040 
Table III. Equilibrium Compositions 


Partial Pressure, 


No. of Moles Atm, or Activity 
1—x (1—2x) P/2.02 
0.02—y (0.02—y) P/2.02 
Cle 2(x+y) 2 (x+y) P/2.02 
Oz 1—x-—y (1—x—y) P/2.02 
ZrOz x x/ (x+y) 
HfOz y y/ (x+y) 


that, in the complex system involving both zirco- 
nium and hafnium compounds, chlorine: oxygen 
ratios of the order of 100 to 1000 are likely to be 
necessary for eliminating hafnia by the oxidation of 
the mixed chlorides. In the experiments reported 
by Prakash and Sundaram the ratios were of the 
order of unity and, understandably, they only 
halved the hafnia content. 

A possible technique for reducing the hafnia con- 
tent to low values would be to react the mixed 
chlorides with a slight stoichiometric deficiency of 
oxygen in a closed static system under pressure. 

Consider an initial mixture of 1 mol ZrCl, 0.02 
mol HfCl,, and 1 mol O, at a total pressure, P atm, 
and heated to 800°C. 

If x mol ZrCl, and y mol HfCl, are decomposed 
and the resulting zirconia and hafnia can form an 
ideal solid solution, the equilibrium composition 
will be as shown in Table III. 

By substituting the values of the right hand 
column of Table III in the appropriate equilibrium, 
two simultaneous equations are obtained. 


4(x+y)’x 
4(xa+y)’y 


= K,= 34410. [3] 


4 

These are readily solved by trial and error noting 
that x is very close to unity. To five significant fig- 
ures x = 0.99957 and y = 0.00015. 

Under these conditions, therefore, virtually quan- 
titative conversion to zirconia should occur together 
with more than a hundredfold reduction in the 
original hafnia content. 

These calculations refer, of course, to equilibrium 
conditions and in practice such kinetic factors as the 
rate of the vapor phase reactions and diffusion in 
solid oxides may give results depending on experi- 
mental conditions. High temperatures are indicated 
by the free energy values but these kinetic factors 
as well as the refractory problem make it difficult to 
predict an optimum temperature. 
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Comparison of the Structure of the 


Omega Transition Phase in Three Titanium Alloys 


_ An analysis of the powder patterns of the omega transition phase in three binary 
titanium alloys containing 8 pct Cr, 13 pct Mo, and 15 pct V, respectively, showed that 
all could be indexed on an orthorhombic unit cell. The unit-cell dimensions were all 
quite similar. There is evidence for the occurrence of more than one transition phase 


in Ti-Cr and Ti-V alloys. 


by S. A. Spachner 


-F OLLOWING the discovery of a new brittle phase 
in certain titanium-chromium alloys by Frost, 
Parris, Hirsch, Doig, and Schwartz,’ named » by 
these investigators, much interest has developed 
concerning the identification of alloy systems in 
which this phase exists, kinetics of the transforma- 
tion in such systems, and the crystal structure of 
the w phases appearing. Omega has been found in 
alloys of titanium-manganese, titanium-molybde- 
num, titanium-iron,’ and titanium-vanadium.* In 


the present work, a study was made of the powder. 


patterns of the » phase occurring in alloys of Ti-8Cr, 
Ti-13Mo and Ti-15V in an effort to obtain a basis 
of comparison for » phases appearing in these dif- 
ferent alloys. 


Comparison of Alloys for w-Phases 

Two hundred mesh powders of Ti-8Cr, Ti-13Mo 
and Ti-15V were prepared. A portion of powder 
sufficient for three x-ray powder specimens was 
placed in a Vycor tube, evacuated to less than 0.1 uw 
pressure, filled with argon, and sealed. The tubes 
were then heated to 900°C, held at this temperature 
for 30 min, and water-quenched. Following this 
transformation to the 8 phase, the specimens were 
quenched in lead or solder pots, held at the desired 
temperature for varying lengths of time and water- 
quenched. The heat-treatments used and the phases 
identified are listed in Table I. . 

The intermediate water quench was used in lieu 
of direct downquenching from 900°C to the bath 
temperature desired to circumvent the possibility of 
transformation of the powder specimen from £ to 
(8 + a) while it was being moved from the homog- 
enization furnace to the lead bath. To check the 
possibility that upquenching to the bath temperature 
might bring into play a different mechanism than 
downquenching to this temperature, resistivity 
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measurements were compared on Ti-8Cr rod speci- 
mens which were transformed isothermally at 
400°C by downquenching from the solution-treat- 
ment temperature and those which were trans- 
formed at 400° C by upquenching 6 specimens from 
room temperature. The results are shown in Fig. 1. 
No difference in transformation mechanism was 
noted. 

It soon became apparent that sufficiently detailed 
Debye-Scherrer photograms of the » phase in the 
alloys which were to be used could not be obtained 
by the use of copper radiation. Although satisfactory 
photograms of 6 and 6 + a phases were obtained 
with this radiation, the » phase appeared to exhibit 
mild fluorescence, making interplanar spacing com- 
putation virtually impossible. Molybdenum radi- 
ation appeared to offer promise in cutting down 
this fluorescent effect, the mass absorption of titani- 
um for molybdenum radiation being 23.7 in contrast 
to 204 for copper radiation. The reduction in the 
accuracy in determining the location of the photo- 
gram lines caused by the shorter wave length of 
molybdenum characteristic radiation did not appear 
to be a significant factor. Utilizing a camera of 57.3 
mm radius, best results were obtained for exposure 
times ranging between 30 and 40 hr. Tube potential 
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Fig. 1—Resistivity as a function of transformation time for a 


Ti-8 pct Cr alloy downquenched and upquenched; transfor- , 
mation temperature 400°C. : 
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Table !. Heat-Treatments of Alloys Used on Omega 
Cell Parameter Analysis 


Table II. Calculated and Observed d Spacings for 
Omega Phase in a Ti-13Mo Alloy* 


Powder Pattern 


Sample Heat-Treatment Photogram 


Ti-8Cr 900°C for 30 min B 
Water-quenched 


Ti-8Cr 900°C for 30 min B+w 
Water-quenched 
Aged at 400°C for 
24 hr. Water-quenched 


Ti-8Cr 900°C for 30 min ato 
Water-quenched 
Aged at 500°C for 
8 hr. Water-quenched 
Ti-13Mo 900°C for 30 min B 
Water-quenched 
Ti-13Mo 900°C for 30 min B+ 
Water-quenched 
Aged at 400°C for 
250 min. Water-quenched 
Ti-13Mo 900°C for 30 min Bra 
Water-quenched 
Aged at 600°C for 
30 min. Water-quenched 


Ti-15V 900°C for 30 min B 
Water-quenched 


Ti-15V 900°C for 30 min Bt+w 
Water-quenched 
Aged at 400°C for 
100 hr. Water-quenched 


and current were maintained at 50 kv and 15 ma, 
respectively. 

The Debye-Scherrer photograms obtained from 
properly heat-treated powders were checked first 
for cubic, hexagonal, or tetragonal structures by use 
of Hull-Davy charts. No attempt was made to fit the 
data to cells whose smallest lattice parameter ex- 
ceeded 6°A. When such efforts proved unsuccessful, 
the possibility of the existence of an orthorhombic 
structure was investigated. 


Orthorhombic Investigation 

Lipson’s method of determining orthorhombic- 
cell parameters‘ proved to be unworkable because 
of the general faintness of the pattern and the re- 
sultant large number of unobservable lines. Unfor- 
tunately, the orthorhombic charts available were of 
a small size and as a result had a large error possi- 
bility. Consequently, an alternate method was at- 
tempted. A tetragonal chart was used for the loca- 
tion of the (h01) lines. The b parameter was then 
determined by trial and error. d spacing compu- 
tations were next made for all positive combinations 
and permutations of Miller Indices from (001) to 
(777). The constants were then refined using ob- 
served systematic deviations as a guide until a fit 
was obtained for the observed lines. 

The w-phase in each alloy could be indexed as an 
orthorhombic lattice. A comparison of the calculated 
and observed d spacings of photograms of the 
three alloys which showed the presence of an un- 
known structure is given in Tables II through VI. 
With the exception of low-angle lines which can- 
not be measured precisely, the fit between observed 
and calculated d values lies within +0.005 A. 

a) Ti—13Mo—In an analysis of 30 lines of a 
(8 + w) pattern the w-phase was indexed on an 
orthorhombic unit cell with lattice parameters of 
a = 6.231 A, b = 6.500A, c = 13.52 A. The a/b ratio 
is 0.96; the b/c ratio is 0.48. Interplanar spacings 
computed for this unit cell are compared with the 
observed values in Table II. The volume of this cell 
is 547.6 A®. 
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d observed d calculated Ad (hkl) indices 
3.12 0.01 200 
ope 2.97 0.01 104 
2.83 2.83 0.00 202 
2.59 2.56 —0.03 203 
2.45 2.48 0.03 105 
2.29 2.29 0.00 204 (110) B 
2.16 2.17 0.01 030 
2.06 2.05 —0.01 301 
1.968 1.968 0.018 310 
1.779 1.779 0.000 230 
1.623 1.625 0.002 040 (200) B 
1.546 1.548 0.002 401 
1.510 1.508 —0.002 410 
1.485 1.484 —0.001 143 
1.413 1.415 0.002 404 
1.361 1.359 —0.002 145 
1.327 1.325 — 0.002 244 (211) B 
1.294 1.297 0.003 424 
1.229 3.231 0.002 343 
1.204 1.201 -- 0.003 503 
1.150 1.150 0.000 155 (220) B 
1.114 1.112 — 0.002 515 
1.095 1.097 0.002 255. 
1.067 1.067 0.000 532 
1.028 1.029 0.001 534 (310) B 
0.9338 0.9328 0.001 630 
0.9151 0.9152 0.000 633 
0.8908 0.8895 0.001 552 


* Orthorhombic unit cell: a = 6.231, b = 6.500, c = 13.52 A 


b) Ti—8Cr—In an analysis of 30 lines of a 
(8 + ) pattern and 30 lines of an (a + o) pattern, 
the lattice parameter of the w cell was computed to 
be the same in each case; a = 6.203 A, b = 6.498 A, 
c = 13.63 A; a/b ratio is 0.95; b/c ratio is 0.48. The 
cell volume is 549.4 A*. The two w-phases did not 
appear to be identical, however. The reflections ob- 
tained for the w phase in the (8 + ») specimen were 
generally different from those of the w in the 
(a+) specimen. These phases have been desig- 
nated as ws and o;, respectively. Interplanar spac- 
ings computed for the o, and ,; cell are compared 
with observed values in Tables III and IV. The 
Ti-Cr phase diagram indicates equilibrium condi- 
tions for this alloy, below the transus, to be (a + 
TiCr.). Since the structure obtained does not fit the 


Table III. Calculated and Observed d Spacings for the 
Omega Phase (.) in a Ti-8Cr Alloy* 


d observed d calculated Ad (hkl) indices 

2.806 2.798 — 0.008 210 

2.561 2.562 0.001 203 

2.272 2.272 0.000 006 (110) B 
1.818 1.828 0.010 034 

1.780 1.783 0.003 126 

1.727 1.730 0.003 321 

1.624 1.624 0.000 040 (200) B 
1.593 1.596 0.003 226 

1.474 1.472 —0.002 412 

1.409 1.408 —0.001 242 

1.361 1.361 0.000 145 

1.325 1.326 0.001 244 (211) B 
1.304 1.299 —0.005 059 

1.249 1.249 0.000 053 

1.229 1.230 0.001 343 

1.201 1.199 —0.002 512 

1.151 1.153 0.002 1 

1.130 1.131 0.001 254 (220) B 
1.098 1.097 0.001 2 

1.084 1.083 —0.001 060 

1.069 1.069 0.000 353 

1.029 1.031 0.002 601 (310) B 
1.009 1.010 0.001 612 

0.9923 0.9923 0.000 501 

0.9676 0.9665 —0.001 605 

0.9426 0.9408 —0.001 606 (222) B 
0.9338 0.9328 —0.001 630 

0.9151 0.9152 0.000 633 

0.8908 0.8895 —0.001 552 (320) B 


* Orthorhombic unit cell: a = 6.203, b = 6.498, c = 13.63 A 
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Table IV. Calculated and Observed d Spacings for the 
Omega Phase (;) and the Alpha Phase in a 
Ti-8Cr Alloy* 


d observed 


d calculated Ad B (hkl) a (hkl) 
2.558 2.562 —0.004 2 
2.344 2.347 0.003 002 
2.257 2.242 —0.015 101 
1.731 1.730 —0.001 321 102 
1.652 1.636 —0.016 135 
1.601 1.596 —0.005 226 
1.524 1.520 — 0.004 136 
1.476 1.472 —0.004 412 110 
1.423 1.421 —0.002 333 
1.395 1.396 0.001 045 
1.336 1.334 —0.002 103 
1.303 1.300 —0.003 050 
1.273 1.273 0.000 245 
1.246 1.249 0.003 053 112 
1.235 1.232 — 0.003 201 
1.204 1.199 —0.005 512 
1.173 1.173 0.000 004 
1.125 1.128 0.003 056 
1.101 1.100 —0.001 350 
1.0887 1.0887 0.000 506 
1.0661 1.0690 0.003 353 104 
1.0369 1.0372 0.000 445 
1.0107 1.0110 0.000 26 
0.9887 0.9887 0.000 203 
0.9450 ] 0.9450 0.000 211 
0.9182 0.9179 0.000 114 
0.8922 0.8922 0.000 212 
0.8802 0.8810 0.001 105 
0.8631 0.8637 0.001 204 
0.8512 0.8508 0.000 300 


" * When indices are given for both a and wz, d spacings are com- 
puted for we. Computed qa d spacings are shown in Table V. 
Orthorhombic unit cell: a = 6.203, b = 6.498, c = 13,63 A 


known TiCr, structure, it is inferred that o,; struc- 
ture is also a transition phase. 

Table V shows a comparison of computed and 
observed values of the a unit cell found with oz. 
The computed a cell which fits these data is hex- 
agonal; a = 2.95 A, c = 4.69 A, c/a = 1.59. The a 
parameter of pure titanium to three significant 
figures is 2.95 A. The c parameter is 4.68 A. 

c) Ti—15V—In an analysis of 30 lines of a 
(8 + @) pattern the » phase was indexed on an 
orthorhombic-unit cell with lattice parameters of 
a = 6.205 A, b = 6.597 A, c = 13.63 A. a/b ratio is 
0.96; b/c ratio is 0.48. Interplanar spacings com- 
puted for this unit cell are compared with the ob- 
served values in Table VI. The volume of this cell 
is 549.5 A*. Comparison of the o cell of Ti-15V with 
the cell of Ti-8Cr shows them to be equal to each 
other through three significant figures. The para- 
meters of the three cells computed deviate from 
each other by less than 0.3 pct. Brotzen, Harmon, 
and Troiano* solution-treating Ti-15V at 975°C, 
brine-quenching, and aging 30 min at 444°C, ob- 
tained a different set of ‘d” spacings for the 
w-structure than those obtained in this study indi- 
cating a possibility that the kinetics of @ decompo- 
sition in this alloy are more complex than the simple 
B>Bt+e > B+o+a-—> a reaction previously 
supposed. 

Summary 

In summary, the powder patterns of the omega 
phase of three binary alloys can be indexed on an 
orthorhomic lattice yielding unit cells of very sim- 


Table V. Calculated and Observed d Spacings for the 
Alpha Phase in a Ti-8Cr Alloy* 


d observed d calculated Ad a (hkl) 
2.558 2.552 —0.006 100 
2.344 2.347 0.003 002 
2.257 2.242 —0.015 101 
L731 1.728 — 0.003 102 
1.476 1.474 —0.002 110 
1.336 1.334 —0.002 103 
1.246 1.248 0.002 112 
1.235 — 0.003 201 
MY 1.173 0.000 004 
1.0661 1.0661 0.000 104 
0.9887 0.9889 0.000 203 
0.9450 0.9450 0.000 211 
0.9182 0.9179 0.000 114 
0.8922 0.8922 0.000 212 
0.8802 0.8810 0.001 105 
0.8631 0.8637 0.001 204 
0.8512 0.8508 0.000 300 
0.8207 0.8211 0.000 213 
0.7995 0.7998 0.000 302 


* Hexagonal unit cell: a = 2.95, c = 4.69 A, c/a = 1.59 


Table VI. Calculated and Observed d Spacings for the 
Omega Phase in a Ti-15V Alloy* 


d calculated Ad 


d observed (hkl) indices 
2.555 2.562 0.007 203 
2.334 2.330 —0.004 115 
2.232 2.214 —0.018 221 
1.721 1.718 —0.003 232 
1.580 1.580 0.000 042 
1.472 1.473 0.001 ~ 412 
L327 1.326 —0.001 244 
1.288 1.292 0.004 146 
1.244 1.245 0.001 425 
1.233 1.236 0.033 501 
1.192 1.192 0.000 154 
1.164 1.166 0.002 504 
1.118 1.118 0.000 441 
1.096 1.097 0.000 351 
1.085 1.086 0.001 352 
1.063 1.064 0.001 532 
0.9964 0.9965 0.000 613 
0.9855 0.9857 0.000 452 
0.9612 0.9631 0.002 623 
0.9426 0.9413 —0.001 606 
0.9151 0.9142 —0.001 633 
0.8908 0.8898 —0.001 552 
0.8753 0.8765 0.001 711 
0.8448 0.8451 0.000 644 
0.8280 0.8270 —0.001 466 
0.8190 0.8189 0.000 731 
0.7995 0.8004 0.001 726 
0.7772 0.7769 0.000 741 
0.7532 0.7533 0.000 821 
0.7444 0.7443 0.000 823 


* Orthorhombic unit cell: a = 6.205 A, b = 6.497 A, c= 13.63 A 


ilar dimensions. There is a possibility that more 
than one transition phase can occur. The fit to an 
orthorhombic cell is only tentative but serves to 
show the essentially identical nature of the transi- 
tion phase in different alloys precipitating the same 
final phase. Also, there is an obviously strong struc- 
tural relationship between the transition phase and 
the parent beta phase. 
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Titanium-Rich Corner of the Ti-Al-Si System 


The titanium-rich corner of the system Ti-Al-Si has been studied to determine the 
phase relationships in the temperature interval 600° to 1200°C. Metallographic exam- 
ination of long time isothermally annealed specimens was the means of investigation. 


by F. A. Crossley and D. H. Turner 


ART of a program on phase relations and trans- 

formation processes of titanium alloy systems 
included the study of the titanium-rich corner of 
the Ti-Al-Si system. The investigation covered ter- 
nary compositions in the range 2 to 8 pct Al and 
0.1 to 2 pet Si and binary compositions in the range 
0.2 to 2 pet Si. Temperatures were in the range 
of 600° to 1200°C. Alloys containing 6 pct Al-0.1 to 
0.5 pct Si were investigated down to 400°C. Partial 
vertical sections are presented for 2, 4, 6, and 8 pct 
Al. 

The Ti-Si system has been reported by Hansen 
et al.’ It is characterized by a eutectoid decomposi- 
tion, 8 = a + Ti,Si,, at 860°C. The maximum solu- 
bility of silicon in a is reported to be about 0.5 pct 
at the eutectoid temperature. The solubility of silicon 
in 8 increases from 0.9 pct at the eutectoid tem- 
perature to approximately 3 pct at the eutectic tem- 
perature, 1330°C. 

Several investigations in the composition range of 
interest have been reported for the Ti-Al system.”* 
These investigations are in agreement on the phase 
fields, but differ to small extents on boundary posi- 
tions. However, very recent, and as yet unpublished, 
findings” ° indicate that there are perhaps two phases 
which occur at lower aluminum contents than the 
y (TiAl) phase, and that the solubility of aluminum 
in a titanium is less than 6 pct. In the present 
investigation phase relations found are in agreement 
with the published literature exemplified by the 
work of Bumps et al.*° Therefore, it is probable that 
the partial system reported herein is metastable and 
does not represent true equilibrium. 


Experimental Procedure 

High purity Bureau of Mines titanium sponge of 
103 Bhn hardness, granulated aluminum shot of 99.7 
pet purity, and silicon powder of 99.8 pct purity 
were used in making the alloys. For the work in 
the range from 600° to 1200°C, 100 g ingots were 
prepared by arc melting. Melting losses were negli- 
gible and spot checks by chemical analysis showed 
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_ TP 4369E. Manuscript, Apr. 24, 
October 1956. 


1956. Cleveland Meeting, 


60—FEBRUARY 1958 


Table |. Annealing Schedule for Alloys Investigated 


Temperature, °C Time, Hr 
1200 24 
1100 24 
1000 24 
900 72 
800 168 
600 720 
500 720 
400 720 


good agreement between nominal and analyzed re- 
sults. Nominal compositions are used throughout 
this paper. Ingots were forged to % in. rounds and 
cut into specimens for heat treatment. Isothermal 
anneals in the range from 600° to 900°C were pre- 
ceded by solution treatment at 1000°C for 1 hr, fol- 
lowed by furnace cooling to the annealing tempera- 
ture. Samples were sealed in evacuated Vycor bulbs 
for heat treatments up to 1000°C. Higher tempera- 
ture anneals were done with the samples sealed in 
quartz bulbs under a partial pressure of argon. 


a 
a+B 

B 
a+Ti,Si,; 
B+ TisSis 


Ti 
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ZA 


B+TisSis 
\ 


Fig. 1—Partial isothermal section at 1000°C of the system 
Ti-Al-Si. 
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Fig. 2—Partial isothermal section at 900°C of the system 
Ti-Al-Si. 
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Fig. 3—Partial isothermal section at 800°C of the system 
Ti-Al-Si. 
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Fig. 4—Partial isothermal section at 600°C of the system 
Ti-Al-Si. 
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Fig. 5—Ti-6 pct 
Al-0.5 pct Si alloy, 
annealed at 1200°C 
for 24 hr and water 
quenched. All trans- 
formed 6. X250. 
Enlarged approxi- 
mately 5 pct for 
reproduction. 


Fig. 6—Ti-2 pct Al- 
2 pct Si alloy, 
annealed at 1200°C 
for 24 hr and water 
quenched. Trans- 
formed 6 + TisSis. 
X250. Enlarged 
approximately 5 pct 
for reproduction. 


Fig. 7—Ti-6 pct AI- 
0.5 pct Si alloy, 
annealed at 1000°C 
for 48 hr and water 
quenched; a + £8; 
at grain boundaries. 
X250. Enlarged 
approximately 5 pct 
for reproduction. 


For the limited work done at 400° and 500°C, 20 
g ingots were prepared. The buttons were cold 
pressed about 30 pct prior to annealing. 

The annealing schedule is given in Table I. Sam- 
ples were electropolished for metallographic exam- 
ination. The procedure has been described else- 
where.” ®* Etchant for all microstructures was 20 pct 
HF, 20 pct HNO,, balance glycerine. 


Results and Discussion 
Partial isothermal sections for temperatures of 
1000°, 900°, 800°, and 600°C are given in Figs. 1 to 
4. In ‘the composition range not covered by this in- 
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Fig. 8—Ti-6 pct Al- 
0.75 pct Si alloy, 
annealed at 1000°C 
for 48 hr and water 
quenched. Equiaxed 
a. X250. Enlarged 
approximately 5 pct 
for reproduction. 


Fig. 9—Ti-2 pct Al- 
0.75 pct Si alloy, 
annealed at 1000°C 
for 1 hr, furnace 
cooled to 900°C, 
held for 72 hr, and 
water quenched; 

a + B+ TisSis. 
Small spherical 
particles in grain 
boundaries are Ti:Sis 
and triangular and 
needle shaped 
particles are a ina 
prior 8 matrix. 
X250. Enlarged 
approximately 5 pct 
for reproduction. 


Fig. 10—Ti-6 pct 
Al-0.1 pct Si alloy, 
solution heat treated 
at 1200°C for 1 hr 
and water quenched. 
Cold pressed and 
aged at 500°C for 

1 month, water 
quenched; a + 
TisSis. X1000. En- 
larged approximately 
5 pct for reproduc- 
tion. 


vestigation, binary intercepts were taken from 
Hansen et al.t and Bumps et al. Generally, alu- 
minum appears to decrease the solubility of silicon 
in the 6 phase somewhat and to have little, if any, 
effect on silicon solubility in the a phase. At 900°C 
binary silicon solubility in 8 was found to be less 
than 0.75 pet, while the work of Hansen et al.’ shows 
it to be about 1 pct. At 800°C binary solubility data 
are in agreement. 

Representative microstructures are given in Figs. 
5 to 10. The transformed £ structure of the 6 pet 
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Fig. 11—Partial vertical section at 2 pct Al of the system 
Ti-Al-Si. 
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Fig. 12—Partial vertical section at 6 pct Al of the system 
Ti-Al-Si. 


Al-0.5 pet Si alloy quenched from 1200°C is shown 
relatively small amount of Ti;Si, was 
observed at 1200°C in the series of alloys containing 
2 pet Si, as shown by Fig. 6. Figs. 7 and 8 show 
the a + £ structure of the 6 pet Al-0.5 pct Si alloy, 
and the single phase a structure of the 6 pet Al-0.75 
pet Si alloy, respectively, at 1000°C. Fig. 9 shows 
the structure developed at 900°C of the 2 pct Al- 
0.75 pet Si alloy—a + Ti,Si; The very fine 
precipitate obtained in the 6 pet Al-0.1 pct Si alloy 
at 500°C is shown in Fig. 10. 

Partial vertical sections at 2 and 6 pet Al are 
given in Figs. 11 and 12. The solubility of silicon 
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in a is seen to decrease with decreasing temperature 
at all aluminum levels. 
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Technical Note 


Electric Conductivity As Nondestructive Testing Method For Structural Changes 


In Surface Layers 


by A. Keil 


cE O measure the absolute conductivity of metal- 
lic specimens it is generally necessary to have 
exact geometrical shapes and good electrical contact 
with the test-piece. To overcome limitations of the 
standard methods, an electronic conductivity-meter* 


* Trade name, Sigmatest; model Dr. F. Férster; Reutlingen, Ger- 
many. 


has been developed, which works on the principle of 
inducing high frequency eddy-currents in the speci- 
mens and measuring the reaction of these currents 
on a measuring coil.*’ To attach the instrument to 
the test specimen, a flat area of about 10 mm diam is 
all that is necessary. The reading is taken off a scale 
calibrated in pct of International Annealed Copper 
Standard. 

The induced eddy-currents are propagated in a 
circular motion parallel to the surface. Thickness of 
the layer included in a measurement depends on the 
frequency used. With a frequency of 60 kc per sec, 
the penetration of the currents was 0.8 mm at the 
upper limit of the scale, and 2 mm at the lower limit. 

The method is limited to nonferrous. metals and 
other applications have been described elsewhere.’ 
The object of the present investigation was to detect 
the formation and growth of surface layers of differ- 
ing conductivity, and to determine the depth to 
which these changes could be observed. 

A well known phenomenon which illustrates the 
problem is the internal oxidation of certain silver 

-alloys containing base metal solutes, such as copper 
or cadmium, when they are annealed in an oxidizing 


atmosphere.** Until now, the only methods available 


for following these phenomenon have been metallo- 
graphic examination and hardness tests.” Changes 
in mechanical properties of copper alloys by internal 
oxidation were recently discussed in a more general 
way by Martin and Smith.* 
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When measuring these conductivity changes it 
must be remembered that the only absolute values of 
conductivity are those of 1) the nontreated homo- 
geneous specimen, and 2) the final values obtained 
with a surface layer of depth comparable to the 
penetration of the eddy-currents. All intermediate 
values refer to the mixed conductivities of the trans- 
formed surface layer and the untransformed alloy, 
and are thus readings of relative value only. 


Experimental Results 

Specimens were annealed for % hr at 800°C in 
hydrogen, and the internal oxidation was carried out 
by thermal treatment in air at 800°C. 

Fig. 1 shows the results of the first series of ex- 
periments. With internal oxidation of a solid solution 
of 8 pct Cd in silver, the conductivity rises continu- 
ously until the surface layer formed has become 
thick enough to be the deciding factor (about 400,). 
Precipitates of CdO are mainly in the form of points, 
Fig. 2, and, as a result, the electric contact between 
the silver crystals is not distorted by them. Brinell 
tests were run with a 1.25 mm ball and a 7.812 kg 
load. The specimen annealed in hydrogen and oxi- 
dized to a depth of 400 had a hardness of 40 Bhn, 


1000 
100 
% ‘800 $ 
80 

8 

10 20 : 30 40 


time in hours 


Fig. 1—Changing of electric conductivity, shown by cross, 
and thickness of surface layer, indicated by circle, with an- 
nealing time for a silver alloy with 8 pct Cd. 
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Fig. 2—Area with CdO precipitations, left, and unchanged 
solid solution of cadmium in silver, right. X200. Reduced 
approximately 20 pct for reproduction. 


Fig. 3—Changing of 
electric conductivity, 
cross, and thickness 
of surface layer, 
circle, with anneal- 
ing time for a silver 
alloy with 1.8 pct 
Cu + 0.2 pct Ni. 
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Fig. 4—Area with precipitations of cuprous oxide in a 
silyer alloy with 1.8 pct Cu + 0.2 pct Ni. X500. 


which rose to 58 Bhn when the same specimen was 
oxidized to a depth of 620u. 

Results with a silver alloy containing 1.8 pct Cu 
and 0.2 pct Ni, Figs. 3 and 4, are similar. Conductiv- 
ity rises and diffusion occurs quickly. With a surface 
layer of 300 to 400u thickness, the end value is 
reached. Hardness changes during the treatment 
from 40 to 49 Bhn. Results obtained with a silver 
alloy containing 7.5 pct Cu were quite different. 
Electric conductivity diminished by internal oxida- 
tion, Fig. 5. The micrographs show that in this case 
the precipitation of cuprous oxide, Fig. 6, followed 
the grain boundaries of the silver crystals and had a 
tendency to surround the latter. As a result, lami- 
nated oxide-layers are formed, which have a strong 
influence on the electric contact between the crystals 
and thus increase the resistivity of the sample. A 1 
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5 too 1000 
Fig. 5—Changing of 
electric conductivity, 
i 
cross, and thickness 
of surface layer, 
circle, with anneal- 3 to] Loo } 
ing time for a silver 
alloy with 7.5 pct 
Cu. 


time in hours 


Fig. 6—Area with precipitations of cuprous oxide in a silver 
alloy with 7.5 pct Cu. X500. Reduced approximately 20 pct 
for reproduction. 


hr treatment and a surface layer of about 100 were 
sufficient to reach the end value of conductivity, 
while the hardness (40 Bhn) was not influenced no- 
ticeably by the thermal treatment. The reason that 
the segregations in the 7.5 pet Cu alloy concentrate 
in the grain boundaries shall not be discussed in 
detail. 
Conclusions 

Comparison of the experiments with silver alloys 
containing 8 pet Cd with Ag-Cu alloys shows that 
the decomposition of the homogeneous solid solution 
by internal oxidation may have differing effects on 
conductivity. Fine, randomly dispersed agglomera- 
tions of oxides are followed by an increase in con- 
ductivity, because the resistance of the pure silver 
crystal formed is lower than that of the homogene- 
ous alloy, and the metallic contact between these 
crystals is good. Laminated oxide precipitations, on 
the other hand, result in a disturbance of the inter- 
crystalline contact, so that the resulting conductivity 
is lower than that of the original alloy. Eddy-cur- 
rent measurements are seen here to be a convenient 
aid in measuring the structural differences between 
homogeneous alloys and the state reached by the 
thermal treatment. 
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Effect of Roasting on Recovery of Uranium 


and Vanadium from Carnotite Ores 


by Carbonate Leaching 


Application of the carbonate leaching process to carno- 
tite ores has often been limited by the difficulty of obtaining 
simultaneous high recoveries of uranium and vanadium. The 
chemical aspects of this problem are discussed and the effect 
of prior roasting procedures on this discovery is described. 


by J. Halpern, F. A. Forward, and A. H. Ross 


It treating carnotite ores by carbonate leaching 
it is often necessary to subject the ore to a prior 
roast. Among the advantages that may result from 
roasting are: 1) improvement in settling and filter- 
ing characteristics of the ore; 2) destruction of 
carbonaceous impurities that would otherwise con- 
taminate the leach solution and consume carbonate 
reagent; and 3) substantial increase in extraction 
of vanadium, which is usually low when the un- 
roasted ore is leached. Recovery of vanadium may 
be an important factor in processing carnotite ores, 
and the fact that vanadium is usually recovered in 
good yield by acid leaching has often been an eco- 
nomic advantage over results obtained with car- 
bonate leaching. 

It has been found that response of an ore to car- 
bonate leaching, following roasting, depends pri- 
marily on its composition and on the conditions of 
the prior roast treatment, particularly with regard 
to the roasting temperature, the atmosphere main- 
tained above the charge during roasting and cool- 
ing, and the presence of certain reagents. These 
factors, especially the last, virtually determine the 
extractions of uranium and vanadium attainable by 
carbonate leaching, as well as the reagent consump- 
tion on leaching, whereas adjustment of the leach- 
ing conditions has only a limited influence. 

These variables were examined systematically 
to elucidate roasting and carbonate leaching of car- 
notite ores and to establish a treatment yielding high 
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Table |. Analysis of Ore Samples 


Ore A. Ore D. 


Typical Ore C, Typical 
Low-Lime Ore B. Gypsum High-Lime 

Constit- Carnotite, Carbonaceous Containing Carnotite, 

uent wt Ore, Wt Ore, Pct Pct 
U308 0.24 0.30 1.23 0.38 
V205 0.97 0.82 1.16 0.95 
CaO 2.0 2.3 6.5* 8.9** 

“Ss 0.3 2:0" 0.1 

Fe203 9.4 3.8 
Acid in- 

soluble 87.0 0 


* Present largely as CaSQOu. 
** Present largely as CaCOs. 


recoveries of both uranium and vanadium. Tests 
were conducted on samples of four different Colo- 
rado Plateau ores, described in Table I. 

Roasting Procedure: The roasting tests were con- 
ducted in an electrically heated furnace in which 
the temperature was controlled to +15°C. The ore 
(usually a 500-g charge) was ground to —100 mesh, 
mixed with the desired reagent, and spread in a 
silica tray to a bed depth of about % in. During the 
roast the charge was rabbled at intervals of 15 min. 
To provide free access of air the furnace was usually 
ventilated; however, in a few experiments a con- 
trolled atmosphere such as carbon dioxide or hy- 
drogen was maintained above the charge. 

Leaching Procedure: The pulp, generally compris- 
ing 500 g of ore and a 2000-cc solution containing 
80 g per liter of Na,CO, and 20 g per liter of 
NaHCO,, was agitated in an autoclave at 120°C, 
under 30 psi O.. Samples were withdrawn periodi- 
cally, and the solution and ore residue were ana- 
lyzed. Under the conditions employed, maximum 
attainable extractions were generally achieved in 4 
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Fig. 1—Effect of roasting in air and in CO2 on uranium and 
vanadium recoveries from D ore. Leaching 6 hr at 120°C 
with 8 pct Na2COs, 2 pct NaHCO; solution. 


to 6 hr. Final extractions were calculated, in all 
cases, from U,O, and V.O,; analyses of the washed 
tailings. 

Analytical Procedures: Ores, tailings, and solu- 
tions were analyzed for U;O,; with an MIT Model 
III Fluorimeter.* 

V.O; determinations were made by titration with 
standard FeSQ,. 

Solutions were analyzed for CO; and HCO; by 
potentiometric titration with standard HCl to con- 
secutive end points at pH 8.2 and 4.0, correcting 


for the formation of the UO.( CO,)s* complex.’ 


Results and Discussion 


Composition of Carnotite Ores: The ratio of V to 
U in carnotite ores is often higher than the theo- 
retical value of 1:1 (about 0.3 parts V.O, to 1 part 
U;O; by weight) expected for the mineral carnotite 
(K.0 - 2 UO;: V.0;,- 3 H.O). Thus so-called car- 
notite ores generally contain other vanadium min- 
erals, notably roscoelite (3 (Al, V). O,:K.O- 18 
SiO, - 2 H,O), which often accounts for most of the 
vanadium present in the ore. Reference has also 
been made to the presence of vanadyl vanadates and 
calcium in some ores. 

Other uranium minerals, including primary min- 
erals such as pitchblende (U,0,) may also be pres- 
ent, although normally to a minor extent. 

Among the gangue minerals that play a particu- 
larly important role during roasting of carnotite 
ores, silica is usually present and normally consti- 
tutes the major gangue component. Calcite may be 
present, sometimes in very high concentrations (as 
in ore D). Many ores also contain some reducing 
carbonaceous matter. Sulfides are rarely present in 
appreciable amounts. Gypsum sometimes occurs as a 
major constituent, as in ore C, which was tested 
during the course of this work. 
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Carbonate Leaching of Unroasted Ores: The min- 
eral carnotite is readily soluble in solutions contain- 
ing carbonate and bicarbonate salts, according to the 
following reaction: 


2 VO, + 2U0,(CO,). +2K*+5H,0. [1] 


Thus high uranium recoveries (90 to 100 pct) are 
generally obtained on leaching the raw ores, under 
most conditions, see Table II, provided that most of 
the uranium is present as carnotite. If other ura- 
nium minerals such as uraninite or pitchblende are 
present, or if the ore contains sulfides or carbona- 
ceous matter that can reduce uranium, it is 1m- 
portant to conduct the leach under oxidizing con- 
ditions to effect optimum recoveries. Presence of 
air or oxygen under moderate pressure has been 
found particularly effective in insuring complete 
oxidation and solubilization of the uranium.*” Pitch- 
blende, for example, reacts under these conditions 
as follows: 


UO; + % O. + 3 COs + 6 HCO; > 


3 UO.(CO;)= + 3 HO. [2] 


The leaching tests reported here were all conducted 
at 100° to 120°C, under 30 psi O., to effect the maxi- 
mum attainable uranium extraction for each roast 
treatment. 

Although any vanadium which is present in the 
form of carnotite also is dissolved readily by car- 
bonate-bicarbonate solutions, other vanadium min- 
erals such as roscoelite, which often account for 
most of the vanadium in carnotite ores, are not 
readily attacked. Thus vanadium recoveries on 
leaching raw carnotite ores are often low, ranging 
from 10 to 40 pct for most ores (see Table II). Usu- 
ally the amount of vanadium that dissolves is re- 
lated to the uranium content of the ore, although 
some variation in this ratio is observed for dif- 
ferent ores, the value often being higher than the 
theoretical carnotite ratio of 1:1. In any case, the 
amount of vanadium that can be extracted by car- 
bonate leaching apparently is determined by the 
mineral constitution of the ore and is usually in- 
sensitive to variations in leaching conditions such as 
temperature, oxygen pressure, and solution compo- 
sition. 

To achieve substantially increased vanadium re- 
coveries it is necessary to transform the refractory 
vanadium minerals such as roscoelite into more sol- 
uble compounds. This transformation can be 
achieved only at elevated temperatures, ie., by 
roasting the ore under suitable conditions and in the 
presence of suitable reagents. The difficulty of find- 
ing an effective roast treatment for this purpose is 
enhanced by the fact that such treatments often re- 
sult in the insolubilization of some of the uranium. 
The following sections are devoted to a discussion of 
the effects of roasting carnotite ores in the presence 
of different reagents. 

Roasting Siliceous Ores: With ores such as A and 
B, which are largely siliceous and which do not 
contain appreciable amounts of reactive calcium and 
sodium salts, it is generally found that roasting at 
temperatures up to 850°C has only a moderate effect 
on subsequent uranium or vanadium recoveries 
(Table II). A slight reduction in uranium extraction 
usually results, probably owing to the formation of 
uranyl silicates, a number of which are known— 
for example, UO, - 7SiO.. However, these do not 
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Fig. 2—Effect of CaSQ. addition during roasting on the re- 
coyeries of uranium and yanadium from A ore. Roasting: 

_ 3 hr at 850°C. Leaching: 6 hr at 120°C with 8 pct Na2COs, 
2 pct NaHCOs solution. 


appear to form readily by direct reaction between 
uranium salts and silica in the solid phase. 

There is some indication that during roasting a 
reducing atmosphere such as H, or CO is detri- 
mental to subsequent uranium recoveries. Ap- 
parently the tendency for uranium, in the reduced 
state, to form refractory insoluble compounds is 
greater than in the oxidized state, and roasting 
should preferably be carried out in an oxidizing 
atmosphere. This factor may account for the pro- 
nounced decrease in uranium extraction that re- 
sults from roasting the B ore, see Table II, since this 
ore contains appreciable amounts of reducing car- 
bonaceous matter. With this ore it was found par- 
ticularly important to provide free access of air 
during the roast. 

Roasting in the Presence of CaCO, and CaO: 
CaCO,, which is nearly neutral in reaction, does 
not appear to react with uranium and vanadium 
minerals during roasting and does not affect the 
subsequent extractions to any extent. However, if 
the roast is conducted at temperatures above 650°C, 
CaCO; undergoes rapid decomposition to CaO as 
follows: 

CaCO; = CaO + CO,. [3] 


The CaO that is formed apparently reacts with the 
uranium, forming calcium uranates, calcium uranyl 
silicates, etc., which are not readily decomposed by 
carbonate solutions. This is illustrated by the results 
of run B-36 (Table II) in which ore B was roasted 
at 850°C following addition of 10 pct CaCO,, result- 
ing in reduction of the U,O, recovery from 73 to 17 
pet. Further results illustrating this effect were ob- 
tained by roasting D ore, which contains about 15 
pet CaCO, in its natural state (see Table II and Fig. 
1). Roasting above 650°C resulted in marked de- 
cline in uranium recovery. Maintaining a CO, atmos- 
phere above the charge during roasting and subse- 
quent cooling helped to raise the uranium recov- 


eries, as shown in Fig. 1, presumably by inhibiting | 


decomposition of CaCO, according to Eq. 3. It is 
probable that higher recoveries could also be ob- 
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tained by rapid quenching of the calcine in a car- 
bonate or bicarbonate solution, since it is likely 
that the insoluble uranium compounds are formed, 
or at least stabilized, during slow cooling. Such 
quenching has been employed in the past® and found 
to have a beneficial effect on uranium recoveries 
where carnotite ores were roasted with salt prior to 
carbonate leaching. 

The calcium vanadates, which probably form dur- 
ing roasting in the presence of CaO, are apparently 
decomposed by carbonate solutions, since the roast 
treatment generally results in increased vanadium 
extractions. This is consistent with the fact that 
vanadium is known to dissolve in carbonate solu- 
tions as the basic vanadate ion, VO,. The following 


_-reaction would therefore be expected to take place 


readily: 
Ca(VO,), + COs CaCO, + 2 VO,. [4] 


On the other hand, it is not surprising that calcium 
uranates resist decomposition by carbonate or bi- 
carbonate solution, since the soluble form of ura- 


nium in such solutions is the UO.(CO;);" ion, ie., a 
carbonate complex of the acidic uranyl ion. Con- 
version of the insoluble basic uranate to the solu- 
ble uranyl complex would not be expected to occur 
readily in basic medium. 

Roasting in the Presence of CaSO,: From the 
above considerations, it appears that to achieve high 
uranium and vanadium recoveries simultaneously 
it is desirable to roast in the presence of a calcium 
salt which is more acidic in reaction than CaO or 
CaCO, and, further, which resists decomposition to 
CaO at the elevated roasting temperature of about 
850°C required to solubilize the vanadium. These 
conditions are substantially fulfilled by CaSQ,. 

Consistent with this, it was found that addition 
of CaSO, to the low-lime siliceous ores (A and B) 
prior to roasting at 850°C resulted in high vana- 
dium extractions on subsequent carbonate leaching, 
with little or no impairment of uranium extraction. 
Results showing this are given in Table II and Fig. 
2. The amount of CaSO, required to give optimum 
recoveries is usually about 3 to 5 pct by weight of 
the ore. 

With ore C, which contained about 15 pct CaSO, 
in its natural state, no further reagent addition was 
required. Recoveries of 97 pct U,O; and 91 pct V.O,, 
compared with 94 pct and 25 pct respectively for 
the unroasted ore (see Table II), were readily ob- 
tained by carbonate leaching this ore following 
roasting at 850°C. Furthermore, mixtures of this 
ore with up to twice its weight of ores A and B 
yielded similarly high uranium and vanadium ex- 
tractions following roasting without any added re- 
agent (see Table III). Apparently a sufficient ex- 
cess of CaSO, was provided by ore C to take care 
of the reagent requirements of the other ores. It 
is easy to see the implications of this result in regard 
to the possibilities for blending different ores prior 
to treatment. 

To achieve optimum results when roasting with 
CaSO,, it was found necessary to maintain the roast- 
ing temperature preferably between 800° and 
900°C. Below 800°C, solubilization of the vanadium 
was generally incomplete, while roasting above 
900°C usually resulted in some impairment of the 
uranium recovery. 

As might be expected for a reaction involving 
solids, it was found that very fine grinding of the 
ore prior to roasting, preferably to —100 mesh, was 
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Table Il. Results of Roasting and Leaching Tests 


Charge: 500 g of ore (—100 mesh); 2000-cc solution 


Temperature: 120°C 
O2 Partial Pressure: 30 psi 
Leaching Time: 6 hr 


Initial Composition of Leach Solution: NazCO;—80 g per liter, NaHCO;—20 g per liter 


Final Solution 


Roasting Conditions Extraction 
NaHCOs, 
Temper- U30s, Na2COsz, 
Ore Run No aiate. °C Time, Hr Added Reagent Pet Pet G per Liter G per Liter 
- No prior roast 99 17 76 23 
AB 850 3 No reagent 86 67 76 
A-7 850 1 pet CaSOx 94 77 
A-6 850 3 3 pet CaSOx 95 85 73 ot 
A-5 850 3 5 pet CaSO, 95 87 72 a 
B B-33 No prior roast 96 22 58 Se 
B-38 850 3 No reagent 73 45 718 a1 
B-53 850 3 3 pet CaSO, 92 70 74 oF 
B-46 850 10 pet CaSO, 83 64 
B-36 850 3 10 pet CaCOz 17 78 76 ae 
B-51 850 3 7 pct CaCls 0 67 
c C-1 No prior roast 94 25 3 = 
C-65 850 No reagent 97 91 65 a 
D D-1 No prior roast 97 28 68 7 
D-20 550 3 No reagent 94 42 72 o 
D-23 850 3 No reagent 24 55 86 * 
D-2 850 3 5 pet CaSOu 26 60 80 os 
D-8 850 3 15 pet HeSOu 74 47 58 a4 
D-9 850 3 15 pct FeSe 85 64 71 = 
D-17 850 3 15 pet FeSOu 55 63 89 ; 
D-18 850 3 15 pet Na2SOu 8 38 100 


* Large Na2COs consumption due to reaction with carbonaceous matter, which is destroyed on roasting. 
Oo. 


** Initial solution composition: NazCOs—50 g per liter - NaHCO3;— 


advantageous and resulted in higher recoveries of 
both uranium and vanadium. 

The nature of the compounds formed when ura- 
nium and vanadium minerals are roasted in the 
presence of CaSO, is not clearly understood. It is 
probable that among the insoluble uranium com- 
pounds that form on roasting in the absence of this 
reagent are calcium uranates and uranyl silicates, 
of which the simplest proto-types are CaUO, and 
UO,SiO,, respectively. For reasons of chemistry in- 
volving relative basicities of the different oxides 
and relative stabilities of the various compounds 
they can form, it is to be expected that CaSO, 
would lead to decomposition of the above com- 
pounds, and the formation of more soluble uranium 
compounds, through reactions such as the follow- 
ing: 


CaUO, + CaSO, + 2 SiO, > UO.SO, + 2 CaSiO,. [5] 
UO,SiO, + CaSO, > UO.SO, + CaSiO,. [6] 


It is probable that the compounds actually formed 
-are of more complex constitution than those repre- 
sented above, but their chemical properties might 
be expected to be similar. Vanadium minerals prob- 
ably undergo analogous reactions in the presence of 
CaSO,, since they are also solubilized by roasting 
with this reagent, possibly through formation of in- 


termediate calcium vanadate or vanadyl sulfate 
compounds. 

Although it should be possible to substitute other 
reagents for CaSO, and achieve a similar effect, the 
above considerations suggest that such reagents 
would have to meet the following requirements, all 
of which are fulfilled by CaSO.: 

1) The reagent must be somewhat acidic in re- 
action. 

2) It must be capable of forming stable uranyl 
salts as well as stable silicates. 


3) It must be stable up to the roasting tempera- 
ture of about 800°C. 

Sodium salts would not be expected to be suit- 
able, since they do not fulfill conditions 1 and 2. 
They are generally neutral or alkaline in reaction 
and give rise to sodium silicates that are probably 
less stable than the corresponding calcium salts. 
Experiments with Na.SO, and NaCl have shown 
these reagents to be ineffective in solubilizing ura- 
nium. Where roasting with NaCl has been used 
commercially in conjunction with carbonate leaching 
to raise vanadium recoveries,’ it has been found 
necessary to control roasting conditions critically 
and_ to quench the calcines rapidly in Na,CO,— 
NaHCO, solutions in order to maintain high uranium 
extractions. 


Table III. Roasting and Leaching of Ore Mixtures 


Roasting Conditions: 3 hr at 850°C; no added reagent 
Leaching Conditions: 6 hr at 120°C; 30 psi O2; 20 pct solids 
Initial Solution Composition: NazCOs—80 g per liter; NaHCOs—20 g per liter 


Composition of Mixture Extraction Final Solution 
Ore A, Ore B, Ore C, U3Os, V20;, Na2CQs, NaHCO 
Run No. Wt Pct Wt Pct Wt Pct Pct Pct G mer Liter G per Liter 
-2 100 — 0 86 67 76 

A-3 50 — 50 95 90 71 3 
C-65 0 —_ 100 97 91 65 20 
B-38 100 0 13 45 78 20 
B-43 67 33 91 88 72 21 
B-4 50 50 91 83 70 23 
B-44 33 67 93 89 65 23 
C-65 0 100 97 91 65 25 
M-2 33.5 33.3 33.3 93 15 
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CaCl, and FeSO,, which probably fulfill condi- 
tions 1 and 2 and might be expected to resemble 
CaSO, in their chemical effects, are not suitable 
since they decompose at temperatures well below 
800°C. Attempts to substitute these reagents for 
CaSO, were not successful (see Table II). 

Among the reagents that might be expected to 
fulfill all the above requirements and hence be 
effective in the roast are CuSO., ZnSO,, PbSO,, 
CdSO,, NiSO., CoSO,, MgSO,, and BaSO,. All these 
are acidic in reaction, decompose above 700°C, and 
contain metals that form stable silicates. However, 
the effect of these salts was not investigated, and it 
seems unlikely that any of them would possess ad- 
vantages over CaSQ,. 

Effect of H,SO., Pyrite, Etc.: Since CaSO, obvi- 


ously does not neutralize CaO, it is not surprising 


that its addition to ores of high lime content, i.e., 
ore D, was not effective in preventing insolubiliza- 
tion of uranium during roasting (run D-2, Table 
II). With such ores it would appear necessary to add 
a more acidic reagent, capable of neutralizing CaO. 

This can obviously be achieved by treating the 
ore, prior to roasting, with H.SO,, which converts the 
CaO and CaCO, directly to CaSO,: 


CaO + H.SO,> CaSO, + H.O [7] 
and 

CaCO; + H.SO, > CaSO, + H.O + CO.. [8] 
Following such treatment the ore should respond 
similarly to ore C. 

Alternatively it is possible to add a reagent that 
reacts with CaO under roasting conditions to neu- 
tralize the latter and convert it to CaSO, An exam- 
ple of such a reagent is pyrite, FeS., which on heat- 
ing in air probably reacts with CaCO, in the fol- 
lowing manner: 


2 FeS, + 4 CaCO, + 74% Fe.O, 
ae 4 CaSO, AF 4 CO, [9] 


Thus it was found that addition of 15 pct pyrite to 
D ore prior to roasting at 850°C increased uranium 
extraction from 24 to 85 pct and vanadium extrac- 
tion from 55 to 64 pct (run D-9, Table II). 

FeSO, can also react with CaO, for example, 


2 CaCO, + 2 FeSO, + % O.> 


2 CaSO, + Fe,O, + 2 CO, [10] 


but was found to be less effective than pyrite (run 
D-17, Table II), presumably because it decomposed 
more rapidly and at lower temperatures, resulting 
in higher SO, losses. 

Reagent Consumption on Leaching: The amounts 
of carbonate and bicarbonate consumed by direct 
reaction with uranium and vanadium during leach- 
ing, according to Eqs. 1 and 2, are usually very 
small. However, total reagent consumption on leach- 
ing is normally considerably larger than this 
amount, because of the presence of other reactive 
minerals in the ore or because of reagents that have 
been added to the roast treatment. 

Silica reacts only slowly with solutions contain- 
ing carbonate and bicarbonate at temperatures be- 
low 150°C. 

Mineral sulfides such as pyrite, when present in 
the ore, react readily with carbonate solutions, par- 
ticularly in the presence of oxygen as follows: 


2 FeS, + 7% O, + 8 Na,CO, + 4H,0> 
Fe,O, + 4 NaSO, + 8 NaHCO. 


However, prior roasting usually results in oxidation 
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[11]. 


and decomposition of such sulfides. This applies also 
to organic and carbonaceous matter. 

Calcium sulfate reacts with carbonate solutions 
as follows: 


CaSO, + Na,CO,> CaCO; + Na,SQ,. [12] 


This reaction is responsible for the large reduction 
in the Na.CO,; content of the leach solution during 
leaching of C ore (run C-1, 65, Table II). The 
Na,SO, generated in the solution does not appear 
to be in any way detrimental to the leaching. 

CaCO, does not react with Na,CO, or NaHCO,, 
unless it is first decomposed to CaO by roasting. 
CaO reacts with NaHCO, as follows: 


CaO + 2 NaHCO, CaCO, + Na,.CO, + H.O. [13] 


This reaction is responsible for the conversion of 
NaHCO, to Na.CO, during the leaching of D ore, 
which had been roasted at high temperatures (run 
D-23, 2, 18, Table II). 

Precipitation of Uranium and Vanadium: After 
recycling, the leach solutions obtained from these 
ores had approximately the following analysis: 
Na.CO,, 80 g per liter; NaHCO,, 20 g per liter; U;0O,, 
1 g per liter; and V.O,, 4 g per liter. It was found 
that to yield uranium and vanadium concentrates, 
these solutions could be most effectively treated by 
the following procedure: 

1) The solution was stripped of both uranium 
and vanadium by treatment with 200 psi H, at 
150°C in the presence of 5 g per liter of nickel pow- 
der catalyst, yielding a product comprising a mix- 
ture of uranium and vanadium oxides in combina- 
tion with the nickel powder.””°’ The Na,CO, and 
NaHCO, contents of the solution were virtually 
unchanged by this treatment and the barren liquor 
was recycled. 

2) The nickel-free product was fused with an 
equal weight of Na,CO, and the fusion cake leached 
with water to extract the vanadium. The fusion 
cake (black cake) containing all the uranium ana- 
lyzed 85 to 90 pct U,O, and less than 1 pct V.Os.. 

3) The fusion filtrate was acidified with H.SO, 
to pH 3 to precipitate the vanadium as a red cake 
containing 80 to 90 pct V.O,. 


Technical Conclusions 

An examination has been made of the effect of 
roasting carnotite ores, in the presence of various 
reagents, on subsequent recoveries of uranium and 
vanadium by carbonate leaching. An attempt has 
been made to account for the results in terms of the 
chemical reactions that occur during the roast treat- 
ment. 

Roasting at temperatures of about 850°C with 
calcium salts, including CaO, generally increased 
the vanadium extraction. However, to prevent a 
simultaneous reduction in uranium extraction, it 
was found necessary to maintain the charge in an 
acidic condition during the roast. 

With ores of low lime content, optimum results 
were obtained where the ore was roasted at 850°C 
in the presence of 3 to 5 pct CaSQ,. This treatment 
yielded extractions of 90 to 95 pct U.O; and 70 to 80 
pet V.O, on subsequent carbonate leaching. Ores 
containing CaSO, may be roasted and leached with- 
out further reagent addition. Critical control of 
roasting conditions and quenching of the calcines 
are unnecessary. 

With ores of high lime content, roasting at the 
high temperatures necessary to effect solubilization 
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of the vanadium resulted in a drastic reduction in 
the uranium recovery. For such ores, no practical 
treatment could be found that would yield high re- 
coveries of both uranium and vanadium unless all 
the lime was first neutralized by addition of acid or 
pyrite. By roasting at low temperatures of 500° to 
600°C, i.e., below the decomposition temperature 
of CaCO,, uranium recoveries of 90 to 95 pct could 
be maintained while 40 to 60 pct of the vanadium 
was extracted. Such roasting is adequate to con- 
fer satisfactory settling and filtering characteristics 
on most carnotite ores and to destroy carbonaceous 
impurities. 


Flowsheet Application 


Fig. 3 is the type of flowsheet envisaged to give 
practical effect to the investigational work arising 
from these studies. All the types of equipment have 
been used for comparable purposes in various mills 
and refineries operating in the U. S. and Canada. 

Operating Conditions and Type of Equipment: 
While optimum conditions will vary from ore to 
ore, the grinding-screening circuit prior to roasting 
would probably be required to produce a —3:5 to 
—65 mesh product. 

In the roasting step equipment should be de- 
signed to give the best particle contact between re- 
agent (calcium sulfate, pyrite, etc.) and the ore. 
The Skinner roaster has been used for many years 
in treating uranium-vanadium ores from the Colo- 
rado Plateau and represents a satisfactory type for 
this purpose. 

In the case of each ore, optimum regrind mesh 
for calcines will depend on the usual factors of 
extraction efficiencies and physical properties such 


Ore Pregnant 


Liquor 
Grind and 
Screen 


Heat 
Exchange 


Hydrogen | 
Pot'n- 4 


CaSOq 


-Autoclave 
NozCO3 _| Quench in 
3 
Solution Catalyst {Separation 
Grind COz Filtration 
Classify | (Flue Gas) iquor 
Thicken 
Uranium & 
Vanadium 
Oxides : 
Fusion 


Heat 
Exchange 


Leach 


Product 
Dry and Pack 


Rotary Drum 


Filtration 


Rotary Drum 


Woter 
Tailings Bleed Liquor Product 
to to to Filter, Fuse 
Waste Waste Waste and Flake 


Fig. 3—Typical flowsheet for carbonate leaching process. 
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as filtration rates and washing efficiencies. The in- 
vestigation program has suggested a range of —48 
to —100 mesh. 

A pulp to pulp heat exchanger of the tubular type 
has been found satisfactory under comparable 
conditions at the Beaverlodge plant of Eldorado 
Mining & Refining Ltd. in Canada and constitutes 
satisfactory equipment for this flowsheet. 

In the autoclave digester section a series of ver- 
tical or horizontal stainless steel clad units is en- 
visaged. The initial units in the series must be 
equipped with steam heating coils. Such equipment 
is used at the Fort Saskatchewan refinery of Sher- 
ritt Gordon Mines and at the Beaverlodge plant of 
Eldorado Mining & Refining Ltd. Pulp density in the 
autoclaves should be about 55 pct. 

A stainless steel tubular design of heat exchanger 
is satisfactory for use on pregnant liquor. 

Hydrogen precipitation autoclaves would be sim- 
ilar in general design to those used by the Sherritt 
Gordon Co. at Fort Saskatchewan; this equipment 
should be either clad or lined with stainless steel. 

The nickel powder used as a catalyst in the hy- 
drogen reduction step is strongly magnetic and can 
be rapidly separated from the uranium and vana- 
dium oxides by conventional wet magnetic separa- 
tion techniques. 

The soda ash fusion, water leach, vanadium pre- 
cipitation, fusion, and flaking equipment is standard 
in various mills operating in the Colorado Plateau 
area, 

Economics: Preliminary engineering studies have 
indicated that the economics of this type of flow- 
sheet in terms of capital costs, operating costs, and 
recoveries are equal and perhaps superior to those 
of alternative flowsheets now in plant scale opera- 
tion where: 1) optimum recovery of vanadium is 
desired, and 2) a basic leach flowsheet is econom- 
ically justified in preference to an acid leach from 
the standpoint of reagent consumption and uranium 
recovery. 

In this connection it should be noted that al- 
though there has been a diminishing interest in 
byproduct vanadium recovery in mills designed in 
the past two or three years to treat uranium ores in 
the Colorado Plateau area, the flowsheet described 
here appears particularly well suited for recovery 
of ‘uranium and vanadium from a carnotite or 
roscoelite type of ore with a high gypsum content. 
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Hydrogen Embrittlement of Vanadium By 


Catalytic Decomposition of Water with Manganese 


Vanadium metal is embrittled by hydrogen at a temperature as low as 250°C when 
held in the presence of manganese metal and water vapor in a rough vacuum. It is es- 
tablished that the property changes are caused by the catalytic decomposition of water 
vapor at the vanadium surface and the diffusion into and solution in the vanadium of 
the resultant hydrogen. It is found that manganese is a necessary component of the 
catalyst. _The manganese is transported in the vapor phase by an unknown molecule. 
A deuterium tracer experiment demonstates the role of water vapor in the embrittle- 


ment process. 


by B. W. Roberts, G. W. Sears, and P. D. Zemany 


ANADIUM metal foils were observed to become 

embrittled’ at a temperature of about 300°C when 
held in the presence of manganese metal and a 
small amount of moist air. This paper describes 
the investigation to find the embrittling agent and 
an understanding of the relatively low tempera- 
ture reactions that are involved. 


Experimental 
The vanadium metal foil used was prepared by 
cold-rolling and pack-rolling 32 mil sheet* in a 


* From A. D. Mackay Co., New York. Nominal analysis: 99.7 wt 
pet Ms ee pet C, 0.08 pct N, 0.03 pct H, 0.02 pct O, 0.02 pct Fe, and 
.10 pet Si. 


series of steps down to 1 mil foil. 

The original observation was confirmed by seal- 
ing vanadium foils of 3x10 sqcem into individual 
Pyrex tubes with manganese powdery and a con- 


+ Manganese metal powder; MD101; Metals Disintegrating Co., 
Elizabeth, N. J. 


trol tube containing only the vanadium foil. These 
tubes were evacuated to 10° mm Hg without bak- 
ing and sealed. After heat treatment for 200 hr at 
300°C, the control foil showed no change in duc- 
tility, whereas the foil contained in the manganese— 
containing tube was embrittled. The visual appear- 
‘ance of each was unchanged. 

A series of Pyrex sample tubes, about 2.5 cm diam 
and 25 cm long, were prepared, each containing a 
3 x 10 sq cm piece of foil and 5 g manganese powder 

_at the lower end of the tube. By reducing the time 
of anneal and the temperature of these samples, it 
was found that embrittlement could be created at 

_ 250°C in a time as short as 1 hr. 

Since the vanadium metal used here has been 
drastically cold-worked by rolling, it is assumed 
that it contains a maximum number of dislocations. 
To check the possible necessity of dislocations in 
this low temperature reaction, a vanadium foil 
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sample was annealed in Vycor for 2 hr at 800°C to 
recrystallize and reduce the dislocation concen- 
tration. Metallographic examination showed grains 
which were not visible before annealing. The em- 
brittlement procedure was carried out at 300°C and 
3 hr. Upon checking the foil no embrittlement was 
observed. Further experiments demonstrated that 
about 6 hr at 300°C are required to create em- 
brittlement in the foil. This delay in the onset 
of embrittlement in the vanadium foil suggests but 
does not prove that dislocation channels play a 
role in the embrittlement phenomena. 

If manganese metal is necessary for this low 
temperature embrittlement, do other elements in 
the transition metals group yield the same result? 
To check this qualitatively, a group of elements 
of similar atomic radii were obtained and sealed 
as before into Pyrex tubes with a sheet of vanadium 
foil. These tubes were annealed at 250°C for 6 hr 
and included (with radii):* Al (1.4A), As (1.25A), 
Be: (1.2A);.Co: (1.25A); Cr. (1.454), Cu -(1.25A); 
Fe (1.25A), Ga (1.2A), Ge (1.25A), Mn (1.3A), Ni 
(1.25A), Si (1.2A), Ti (1.45A), Zn (1.3A), air, H.O, 
10 cm Hg of dry hydrogen, and MnO, powder. Upon 
testing the above sample foils for brittleness, only 
the manganese-containing tube yielded a brittle 
foil. 

Manganese Transport—To eliminate contact of 
manganese metal powder and vanadium foil, sample 
tubes were prepared with fritted glass barriers. The 
embrittlement reaction was still found to occur. 
Thus, the mode of transfer of manganese is cer- 
tainly vapor transport. 

A vanadium foil was embrittled by this mechan- 
ism in an evacuated Pyrex tube for 8 hr at 300°C. 
By means of X-ray fluorescence analysis,’ the 
amount of manganese added to the surface was 
established at 5 +2x10° g per sq cm. 

Since the average rate of manganese deposition 
is known, an effective average pressure of an as- 
sumed carrier compound can be computed. 


M 
P = — \/2a mkT 
T 
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where M is the mole fraction of manganese per 
sq cm in time 7, m is the mass of the carrier mole- 
cule, k is Boltzman’s constant, and T is the abso- 
lute temperature. The observed rate of transfer can 
be rationalized by postulating a pressure of about 
10° mm Hg of some volatile manganese compound. 
Suggested volatile compounds are manganese hy- 
droxides, hydride, and carbonyls.* It is noted that 
the extrapolated vapor pressure of manganese 
metal’ at 250°C is only 10% mm Hg. 

Resistivity Measurements—To observe the resis- 
tance changes, several strips of vanadium foil were 
sealed into a Pyrex shell, as shown in Fig. 1. After 
the powder was added and the side tube sealed off, 
the tube was pumped down to 10° mm Hg and 
sealed from the system without baking. To obtain 
the resistance as a function of time, as shown in 
Fig. 2, a large furnace was held at temperature and 
the resistance tube, complete with leads and ther- 
mocouple wires, was quickly inserted. The foil strips 
attained equilibrium resistance in about 10 min. 

The initial equilibrium resistance increases with 
increased temperature as expected for vanadium 
metal. The foil held at 232°C showed no resistance 
increase. However, the foil held at 260°C showed an 
increase in resistance after 14 +4 hr and continued 
to increase until nearly 100 hr had elapsed. The 
resistance at 290°C starts to increase at 1.0 +0.1 hr 
and continues to increase until about 20 hr have 
elapsed, while the resistance curve obtained at 
400°C shows the discontinuity to occur at 0.32 
+0.05 hr and to have reached equilibrium in less 
than 10 hr. The 400°C curve shows the final resistance 
value to be less than the final resistance obtained 
at both 260° and 290°C. A resistance tube assem- 
bly to which no manganese powder was added was 
studied at 290°C. The included foil strips gave no 
resistance increases for 115 hr after attaining equi- 
librium resistance at 290°C. 

Observations on expansion of the foils during the 
embrittling process suggested volume increases of 
about 4 pct. 


Hydrogen Embrittlement Hypothesis 
Having observed the embritttlement in short 
times at low temperatures, the large increase in 
resistivity, and the volume increase after equilibrium 
resistance was obtained, it was evident that a 
secondary agent was involved. On the basis of 
present solid state theory, the minute amount of 
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Fig. 2—Plot of resistance ratios ys log time at several tem- 
peratures of yanadium foil strips. 


manganese transferred to the foil surface could 
not account for the observed physical changes. 

Pyrex glass is known to yield upon heating con- 
siderable H.O, CO, and CO.. Also,vanadium has been 
found to take up many volumes of hydrogen*’ at 
temperatures as low as 300°C after activation of the 
vanadium metal by heating in hydrogen to tempera- 
tures around 1000°C. Thus, suspecting hydrogen as 
the embrittling agent, it is postulated that the water 
vapor from the Pyrex tube walls impinges upon the 
vanadium surface, upon which manganese atoms are 
also depositing (at a much slower rate), and is 
catalytically decomposed to hydrogen and oxygen. 
The hydrogen then diffuses into the vanadium to 
produce the brittleness, resistance change, and 
volume increase. A possible form of the catalyst 
could be that of a manganese-vanadium oxide with 
the spinel structure, since similar oxides are known 
to be hydrogen catalysts.* Electron diffraction obser- 
vations, however, did not yield evidence of the large 
cubic cell characteristic of the spinel structure. 

To observe the resistance change with direct ad- 
dition of hydrogen qualitatively, strips of vanadium 
foil 0.5 cm wide were annealed in hydrogen for 3 hr 
at 500°C and cooled to room temperature in hydro- 
gen. The resistance increased by a factor of 2.1. The 
resulting strips were very brittle. 

If the resistance is considered to be proportional 
to the hydrogen content, then the final resistance 
values of the curves in Fig. 2 suggest hydrogen to be 
the embrittling agent, since the final resistance at 
400°C is less than that observed at the lower temper- 
atures. Kirshfeld and Sieverts® found that more 
hydrogen was taken into the lattice at temperatures 
below 300°C than above after the vanadium was 
activated at high temperature. 

No measurements were made of the expansion of 
vanadium upon hydriding. However, Kirshfeld and 
Sieverts® have reported a density decrease at satura- 
tion of 13.2 pct and an associated volume increase of 
15.3 pct. Thus, the observed volume increase lies 
within that reported for vanadium metal saturated 
with hydrogen. 


Deuterium Tracer Experiment 
Careful degassing of the Pyrex tube walls before 
heating a vanadium foil sample in the presence of 
manganese powder prevents the embrittlement proc- 
ess from occurring. This suggests a possible source of 
embrittling hydrogen to be water absorbed on the 
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glass walls. To prove this hypothesis, a tracer ex- 
periment with heavy water was carried out. Sec- 
tions of 28 mil vanadium wiret along with man- 
eu 28 mil vanadium wire was kindly supplied by A. U. Sey- 


ganese powder were placed in a Pyrex tube inter- 
nally saturated with D.O and a control tube. The 
assemblies were held at 300°C for 10 hr. Upon re- 
moval, the wires were found to be brittle such that 
they broke cleanly when stressed. After installa- 
tion in a Pyrex tube assembly, similar to that in 
Fig. 1, the atomic masses of the gases driven from 
the control and D.O saturated wires by gentle 
heating were studied in a mass spectrometer. The 
control wire yielded roughly 99 pct H, and 1 pct 
D; while the D,O wire released 25 pct D. and the 


remainder as H,. The heating of the wires and ob- 


servation of the masses present were repeated sev- 
eral times. The slight contamination of the control 
sample is believed due to storage of the wires ad- 
jacent to one another in air for nineteen days. The 
heavy water tracer experiment clearly demon- 
strates that water from the walls of the Pyrex 
tubes is decomposed into hydrogen and oxygen, 
and that the hydrogen is adsorbed on the vanadium 
metal. 

Z Discussion 

This observation of the hydrogen embrittlement 
of vanadium at a temperature much lower than 
that required to activate the lattice for the intro- 
duction of hydrogen may be explained by the fol- 
lowing mechanism. 

A catalyst is assumed to be created at the vana- 
dium surface by the deposition of manganese atoms 
which are transported more rapidly than vapor 
transport permits by an unknown carrier molecule. 
Water molecules from the glass wall strike the 
catalyst and are decomposed and the resulting 
hydrogen is taken up by the vanadium lattice. 

The embrittlement occurs in the absence of man- 
ganese in all experiments carried out in this in- 
vestigation, and since manganese was found on the 


vanadium surface it would be first suspect as a 
component of the catalyst. 

Since recrystallization of the cold-rolled vana- 
dium foil delays the onset of embrittlement by this 
mechanism it is suggested, but not proved, that the 
dislocation density may be of importance. 

The rate of desorption of water from the glass 
walls and the limited supply of water vapor in a 
sealed system might control the rate and will limit 
the extent of embrittlement. A critical quantity of 
manganese may be necessary for catalysis to occur. 
The catalyst may be depleted during the reaction, 
which would require a continuous supply of man- — 
ganese. It is well known that the diffusion of hy- 
drogen mto vanadium is autocatalytic in the sense 


_that the diffusion rate increases with an increase 


in hydrogen concentration. The present study can 
make no quantitative estimations on the relative 
importance of these several factors. However, the 
qualitative behavior appears to be sharply described. 
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Technical Note 


Fracture of Temper Brittle Steel 


by L. D. Jaffe and D. C. Buffum 


qe HAT the path of brittle fracture in temper brit- 
tle steel differs from the path in unembrittled 
steel has been known for some years.’ More recently 
it has been recognized that alloy steels, at least, dis- 
play two forms of temper brittleness,” which may be 
called upper-nose and lower-nose. No experimental 
evidence has been published, however, to show that 
the two forms can be distinguished by simple inspec- 
tion of brittle fractures. 

Fig. 1 is a photograph of the fractured surface of 
a V-notch Charpy specimen of SAE 3140 steel in 
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which temper brittleness developed during heat 
treatment in the lower-nose temperature range.* The 
steel was austenitized 1 hr at 900°, tempered 1 hr at 
675°, and embrittled 48 hr at 500°C, with water- 
quenching after each treatment. The temperature of 
transition from ductile to brittle fracture in the 
Charpy test was +2°C (criterion of transition: 100 
pet fibrous). The hardness was Re 25; the austenite 
grain size ASTM 8. This specimen was broken at 
—150°C in the standard Charpy test and absorbed 6.6 
ft-lb; its fracture was rated 0 pct fibrous. Fig. 1 
shows that the fracture appeared rough to the naked 
eye. At the side of the specimen away from the notch 
(the side which was in compression during the test), 
the surface as a whole deviated sharply from a 
plane. At higher magnification, X60, the surface gave 


FEBRUARY 1958—73 


Fig. 1—Fractured surface of material embrittled in lower- 
nose region. X10. Reduced approximately 15 pct for repro- 
duction. 


the impression of facets distributed on two planes, 
one spaced further out than the other. 

Fig. 2 shows, in contrast, the fractured surface of a 
specimen, from the same heat of steel, in which brit- 
tleness developed in the upper-nose temperature 
range. The heat treatment was 1 hr at 900°, water- 
quench, followed by 240 hr at 650°C, water-quench. 
The long treatment at 650°C gave a transition tem- 
perature in the V-notch Charpy test of —19°C anda 
hardness of 12 Re. It is estimated that the transition 
temperature corrected to 24 Re would be —3°C.* 
This specimen was broken at —195°C and absorbed 
2.8 ft-lb; its fracture was rated 0 pct fibrous. Fig. 2 
shows the fracture was much smoother to the naked 
eye than that of the lower-nose specimen in Fig. 1. 
On the compression side, the surface deviated only 
slightly from a plane. At higher magnification, X60, 
instead of facets on two planes, the surface seemed 
to have gentle waves. 

For comparison, Fig. 3 illustrates the fracture of 
nominally unembrittled material from the same 
heat. The heat treatment consisted of 1 hr at 900°, 
water-quench, 1 hr at 675°C, water-quench. The 
Charpy transition temperature was —78°C; the 
hardness was 24 Rec. This specimen, broken at 
—195°C, absorbed 9.0 ft-lb and was rated 5 pct 
fibrous. Its fracture appearance is much closer to that 
of material embrittled in the lower-nose region, Fig. 
1, than to that of steel embrittled in the upper-nose 
region, Fig. 2. This does not mean that the fractures 
of unembrittled material and of material embrittled 
in the lower-nose region appear identical; with 
larger grain size, at least, when details of the frac- 
ture are coarser, fractures of unembrittled and of 
lower-nose embrittled material are readily distin- 
guished by appearance.’ In metallographic section, 
the path of fracture of the material embrittled in the 
lower-nose region was mostly along austenite grain 
boundaries; of material embrittled in the upper-nose 
region, probably mostly along ferrite grain bound- 
aries; and of nominally unembrittled material, 
through the grains, by cleavage.* 
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Fig. 2—Fractured surface of material embrittled in upper- 
nose region. X10. Reduced approximately 15 pct for repro- 
duction. 


Fig. 3—Fractured surface of nominally unembrittled material. 
X10. Reduced approximately 15 pct for reproduction. 


It is concluded that wpper-nose temper brittleness 
can be distinguished from lower-nose temper brit- 
tleness by visual inspection of the fractured surfaces 
of specimens broken under such conditions that the 
fracture is brittle. 
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Interpretation of The Literature on The 
Mechanism of The Hall Process 


Literature on the electrolysis of aluminum from cryolite 
melts and on the structure of these melts is surveyed critically. 
Data on density, freezing point, and other properties are re- 
viewed. Theories of the electrolysis are examined in the light 
of these data. Two theories are presented which account 
equally well for the observations. 


LTHOUGH the production of aluminum is a 
large-scale industrial process, consuming ap- 
proximately 3 pct of all of the electric current gen- 
erated in this country, the mechanism of the Hall 
Process remains a 70-year-old mystery. 
It is a remarkable fact that the aluminum indus- 
try, which was established largely through research 
and owes much of its growth to research, still em- 
ploys as its basic process the one developed by 
Charles Martin Hall while he was still a young man 
working in a woodshed. There are, of course, modifi- 
cations in detail and a tremendous expansion of the 
size of the units used, but basically the process em- 
ploys carbon anodes and a carbon-lined iron vessel 
as a cathode for the electrolysis of alumina dissolved 
in molten salt. Of the almost infinite variety of salts 
available, the relatively minor Greenland mineral, 
cryolite, 3NaF- AIF,, is still the only one which gives 
good performance in the electrolysis. 

In the early days, the process was thought of as a 
simple one. The dissolved alumina dissociated and, 
during the electrolysis, the aluminum was carried to 
the cathode where it was discharged and collected in 
a pool of metal. The oxygen was carried to the car- 
bon anode where it reacted to form primarily carbon 
dioxide together with some carbon monoxide. About 
the only virtue that can be claimed for this hypothe- 
sis is that of simplicity. The actual mechanisms must 
be tremendously more complex. This paper is de- 
voted to a rather narrow part of the whole subject, 
namely, what ions are present in the bath, and by 
what mechanism the current is carried. 

The complexity of the literature on this system is 
demonstrated in Table I, which shows the ions pos- 
tulated as being present during the process. This 
system is not easy to investigate. Cryolite melts at 
about 1000°C, so that all the investigations are at 
relatively high temperatures. Molten cryolite fumes 
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in air, particularly if excess aluminum fluoride is 
present. The cryolite changes composition on heating 
at 1000°C, principally by reaction with moisture in 
the air, but apparently also by reaction with oxygen. 
Cryolite reacts with most of the customary materials 
of construction, and those that are not attacked by 
cryolite seem inevitably to react with molten alu- 
minum. Graphite is the only common material that 
is inert to the electrolytic bath. Pure cryolite can be 
held in platinum. There is hope that some of the 
newer refractories will stand up in bath, and their 
development for this purpose would be a major ad- 
vance in the field. : 

The techniques to be discussed, then, are not the 
most advanced ones. Rather, they are examples of 
old standardized methods applied under difficult 
conditions. The principal methods that shed real 
light on the mechanism are density, electrical con- 
ductivity, freezing-point lowering, transport num- 
ber, viscosity measurements, and reactivity of bath 
with carbon dioxide. 

The first measurement to be discussed is density. 
This procedure is relatively straightforward. A hol- 
low platinum bob is suspended by fine platinum wire 
from an analytical balance into the melt being inves- 
tigated. 

Density’* of the system sodium fluoride-aluminum 
fluoride is shown in Fig. 1. There is a maximum in 
the density near the cryolite composition, but actu- 
ally the maximum is on the NaF-rich side of cryo- 
lite, close to the composition NaF: Na,AIF,. 

Density measurements are also useful in giving a 
clue to the nature of cryolite-alumina melts.” * On 
the first addition of alumina, density decreases, Fig. 
2, although the density of alumina, either solid or 
liquid, is higher than that of cryolite. These density 
results indicate that the systems are not simple. 

A great deal of effort has been spent in measuring 
the electrical conductivity of molten cryolite and of 
cryolite with various additives. Conductivity meas- 
urements are quite easy for fused salts that can be 
measured in a dip cell, but no successful dip cell has 
been made available yet for cryolite. Recourse is had 
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Fig. 1—Density of the system sodium fluoride-aluminum 
fluoride. 
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Fig. 2—Density of the system cryolite-alumina. 


to a platinum cell, usually with hemispherical elec- 
trodes, Fig. 3. This was first used by Jaeger and 
Kapma’® 35 years ago. It has been improved succes- 
sively by the use of a Kelvin bridge to eliminate 
lead resistance, by the use of high frequency current, 
and finally by the use of alternating current, which 
permits derivation of conductivity at infinite fre- 
quency by extrapolation. The spread of the conduc- 
tivity values by various authors*™ is shown in Fig. 4. 

Conductivity measurements are sufficiently satis- 
factory for some useful calculations. The molar con- 
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Table |. Postulated Alumina-Cryolite Anions 


Anion Type Reference Year 
O= Alumina Formula Allmand oh 
AlO2- Aluminate Ion Piontelli _ 
Al2O4= Alumina Solubility Fréjacques’ 
Al10O3-3 Aluminate Ion Fedot’ev 
AlOoF 2-3 COz Solubility Forland ae 
Coordination of 4 Boner 4040 
AlOoF 4= Cryolite Eutectic Treadwell 
Solid Solution Grinert 
AlsO00F Alumina Solubility Forland 
AI1OF;+ Solid Solution Griinert 
Coordination of 4 Boner 
Phase Diagram Fréjacques? 
AIF5= Dissociation of AlF6= Forland 
ALFy1-5 Dissociation of AlF Forland 
AlF Ionization Fedot’ev 193 
F- Dissociation Drossbach 1934 


ductance of cryolite at 1000°C is 281 ohms”, a value 
in the vicinity of, but less than, three times that of 
sodium fluoride, 118 ohms”. There is no major break 
in the plot of specific conductivity vs wt pct sodium 
fluoride in the system sodium fluoride-aluminum 
fluoride, and thus no evidence for any compound 
formation, Fig. 5. The conductance of aluminum 
fluoride by extrapolation is low if not zero. 

Extrapolation of the conductivity of cryolite-alu- 
mina melts indicates that alumina decreases the 
conductivity of cryolite more than would be ex- 
pected if the alumina were simply inert in the sys- 
tem. From the temperature coefficient of electrical 
conductivity, Fig. 6, activation energies for conduct- 
ance are calculated. Sodium in sodium fluoride has a 
higher activation energy, 4.3 kcal per mole, than do 
the other sodium halides. The value for cryolite is 
essentially the same as for sodium fluoride and, 
within the precision of the present measurements, 
the value is also the same for cryolite containing alu- 
mina. This is evidence that the current-carrying ion 
is the same in each case and hence presumably is 
sodium. 

The classical method for identifying the current- 
carrying ions is transference. Baymakov™ and his 
co-workers employed diaphragms of aluminum ox- 
ide to separate the anode and cathode regions. The 
aluminum oxide certainly dissolves during the ex- 
periment but, if sufficiently concentrated solutions 
of alumina in cryolite are employed, and if the ex- 
periments are of short duration, these cells are just 
adequate for the job. Baymakov found that the cath- 
ode space is noticeably enriched in sodium and im- 
poverished in aluminum and fluorine. The anode 
space is appreciably impoverished in sodium and en- 
riched in aluminum and fluorine. The conclusion 
from this work is that sodium is the principal ion 
carrying current. 

A series of beautiful cryoscopic measurements 
have been made on cryolite melts by Darmois™® * 
and his students, particularly Rolin. In saline media, 
the limiting molar depressions indicate the number 
of dissociated ions that are not in common with those 
of the solvent. In cryolite, the limiting molar freez- 


is 42 = K for sodium chlo- 


ing point depression 


ride; 80 = 2K for potassium chloride, and 123 = 3K 
for barium chloride. Since the limiting molar freez- 
ing point depression for sodium chloride is only K, 
while for potassium chloride it is 2K, cryolite may 
ionize to form Na‘ ions. It is possible that in cryolite 
a mixture of the complexes Na.AlF, and Na,AIF, 
exists in which sodium is strongly bonded, and no 
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Fig. 3—Photograph of the cell used for electrical conduc- 
tivity measurements. 
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Fig. 4—Conductivity of molten cryolite. 


free Na* ions exist. In this case, the addition of Na* 
as sodium chloride would have no effect because of 
the complexes which are formed. However, this 
seems very unlikely. Using cryoscopic data, Rolin 
has determined the following composition for molten 
cryolite. 


Na,AIF,> 3Na* + 3F-.+ AIF;. [1] 


The same objection applies here. The fact that the 
first addition of AlF,; makes no contribution to the 
lowering of the freezing point does not necessarily 
prove that AIF, exists as a unit in fused cryolite. 
Alumina in cryolite, Fig. 7, has a limiting molar 
freezing-point depression of 125° or 3K. At molali- 
ties above 0.025M, Rolin claims the freezing-point 


os is about 80° or 2K, indicat- 


depression per mol 


ing a dissociation into two particles. Based on these 
results, and on his dissociation scheme for cryolite, 


Eq. 1, he postulates the following equation for the 


ionization of alumina at low concentrations 


Al,O, @ Al*** + AlO, + O°. [2] 
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At concentrations above 0.025M he supposes the 
lonization of alumina to proceed as follows 


Al,O; @ AlO* + AlO,. [3] 


Rolin’s mechanism of electrolysis for the more 
concentrated solution in Eq. 3 is as follows. The AlO* 
ion migrates to the cathode, where it is discharged, 
giving metallic aluminum and O* ions which mi- 
grate to the anode. The AlO, ion migrates to the 
anode, where it is discharged, giving Al*** ions and 
oxygen which reacts with carbon to form CO.. 

In the case of the extremely dilute solution in Eq. 
2 the Al*** ion migrates to the cathode and the AlO,- 
and O* migrate to the anode as before. 

Bockris and Tomlinson” reasoned that if the an- 

ions are larger than the cations, as is usually the 
case, they will determine the viscosity of the melt. 
Then viscosity as a function of temperature can be 
used to determine the relative size of the anions in 
molten bath. 

With cryolite and cryolite-alumina melts, Fig. 8, 
Vajna™ shows a decrease in viscosity with increasing 
temperature. For higher alumina concentrations the 
rate of change of viscosity with temperature is 
greater than for cryolite with low alumina concen- 
trations. This implies that anion determining flow is 
larger when the alumina is present than in pure 
cryolite. 

Forland” and his co-workers studied the reaction 
of carbon dioxide gas with bath. CO, in the atmos- 
phere reacts with combined oxygen in the complexes 
of the melt to form small amounts of carbonate. 
During crystallization of the melt, all of the CO, is 
released. Using this CO, as a measure of the carbon- 
ate ion, they determined that the oxygen bearing 
complex in the cryolite-alumina system contains 
two oxygen atoms per complex unit. 

They postulate rather complex ions but, inasmuch 
as the original experimental data are not available, 
it was not possible to determine whether a simpler 
ion would satisfy this data. 

While Rolin’s theory explains many of the experi- 
mental observations reasonably well, it is subject to 
the objections raised above. 

Another possible mechanism for the electrolysis 
follows. 
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Fig. 5—Specific conductance of the system sodium fluoride- 
aluminum fluoride. 


FEBRUARY 1958—77 


5 
3 


TEMPERATURE, °C 


og 20 1000 900 800 700 600 
T T T T T UM 
ris NA, soo1um CHLORIDE 
2.20 
2 
i POTASSIUM CHLORIDE 
= 2.08 
2.04 
CRYOLITE 
1.96 


72 76 .80 84 .88 92 .96 1.00 1.04 1.08 I.l2 1.16 


1000 
DEGREES, KELVIN 


Fig. 6—Temperature dependence of electrical conductivity. 


Ionization of Cryolite 
Na,AlF, 2Na* + + NaAlF, 


+ AIF, @AIF,+Na*+F. [4] 
Addition of Alumina 


[5a] 


2Na.AIF, + 2A1,0;, @ 6Na* + 3A1,0.F5 
Al.O.F, = 2Al10F,. [5b] 
Cathode Process 
AlF, + 3e> 4F + Al. [6] 
Anode Process 
AIOF, + 2F @ AlF, + 1/20, + 2e 
AlO.F, + 4F @ 2AIF, + O,+4e. [7] 


These data can be considered in the following 
manner. Density measurements show an increase in 
density on addition of NaF to cryolite. This NaF 
would initially repress dissociation of cryolite and 
reformation of this material would lead to an in- 
crease in density if cryolite or NaAIF, has a higher 
density than either NaF or AIF;. On addition of suf- 
ficient NaF, the low density of this material would 
more than compensate for the increase in cryolite or 
NaAlF, and density would again decrease. Howard” 
has proven the existence of NaAIF, and prepared it 
by quenching vapors above molten mixtures of NaF 
and AIF;. 

The fact that alumina, on first addition, decreases 
the density of the melt must imply the formation of 
additional molecular species because both alumina 
and cryolite are denser than the product first formed. 
This strongly implies a reaction between alumina 
and cryolite such that additional molecular species 
are formed. 

Eq. 4 accounts for the conductance of cryolite on 
the assumption of about 50 pct ionization of. the 
NaAIF,. Some breaks in the conductivity-composi- 
tion curve might be anticipated through NaAIF, for- 
mation, but in view of the large possible dissociation 
of the various constituents and the low accuracy of 
present measurements, the overall linearity of the 
conductivity-composition curve must be taken as a 
support for the present mechanism. 

Lowering of the conductivity on addition of alu- 
Mina is also explained since the AlOF, ion removes 
fluoride ions from the melt to form larger, less mo- 
bile oxyfluoaluminate ions. 
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Fig. 7—Freezing-point depression of alumina in cryolite. 
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Fig. 8—Temperature dependence of viscosity of cryolite and 
eryolite-alumina melts. 


Rolin’s work on cryoscopy can also be fitted into 
this picture. He finds that at concentrations above 
0.03 molal (0.3 pet Al,O, in cryolite) each alumina 
molecule contributes 1.5 active particles, and below 
0.03 molal the alumina contributes 3 active particles 
toward lowering the freezing point. These cryoscopic 
data agree well with Eq. 5a at the higher concentra- 
tions and with Eq. 5b at the lower concentrations. 

Although both Rolin’s and the present mechanism 
of the Hall process may be qualitatively satisfactory, 
present data are not adequate for quantitative tests 
of the theories. 
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Technical Note 


The System InSb-InBi 


by E. A. Peretti 


1a eas embarking on a detailed investigation of 
the system indium-antimony-bismuth, experi- 
ments were carried out to determine the existence 
of quasi-binary sections. The bordering binary 
systems are known’ and show the occurrence of 
three intermetallic binary species corresponding 
closely to InSb, InBi and In,Bi. Attention was fo- 
cused on the low-indium end of the ternary diagram 
where the possible quasi-binary sections, excluding 
ternary compound formation, would involve the 
pairs: InSb-Bi, InBi-Sb and InSb-InBi. The latter 
pair revealed itself as a true quasi-binary, so it was 
investigated fully by thermal analysis, x-ray and 
microscopic examinations. 

All compositions were made by proper combination 
of three elements involved. The indium had a guar- 
anteed purity of 99.97 pct; the antimony contained 
99.99 pct Sb, and the bismuth had a purity of 99.99 
pet. 

Alloys were made by melting together antimony, 
bismuth and indium in evacuated, sealed pyrex- 
glass tubes at a temperature of 600°C with vigorous 
agitation. The melts, weighing about 80 grams, were 
allowed to freeze in the sealed tubes and finally were 
transferred to glass tubes for the taking of cooling 
and heating curves. 

A protective atmosphere of helium was used, and 
the melts were stirred mechanically while cooling at 
rates of from 0.5 to 3°C per min. Temperatures were 
measured with a calibrated chromel-alumel ther- 
mocouple and were recorded graphically on a 
Minneapolis-Honeywell extended-range recorder 
working in conjunction with a Leeds and Northrup 
type K-2 potentiometer. 

Conventional polishing techniques gave satisfac- 
tory results in preparing specimens for microscopic 
examination. Etching was carried out with Vilella’s 
reagent or aqueous mixtures of chromic oxide with 
either nitric acid or sulfuric acid plus dichromate. 
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Conclusions deduced from the thermal analysis and 
microscopic examinations were confirmed by X-ray 
photograms using Co-K alpha radiation. 

The phase diagram is shown in Fig. 1. The liqui- 
dus consists of an uninterrupted line running from 
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600 10 20 30 40 50 60 70 80 90: 
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Fig. 1—Phase 
diagram of the 300 { 
system InSb-InBi. 
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Weight % InBi 
the freezing point of InSb (525°C) to a eutectic 
point experimentally indistinguishable from the 
freezing point of InBi (110°C). X-ray patterns of 
the InSb show a slight expansion of the lattice with 
the addition of InBi, and microscopic work indicated 
the solid solubility of InBi in InSb to be less than 
0.5 pct at room temperature. 


Acknowledgment 


We wish to thank the Indium Corporation of 
America for the loan of the indium used in this in- 
vestigation. 

References 


1 E. A. Peretti and S. C. Carapella, Jr.: Trans. ASM., 1949, vol. 


41, p. 947. 
i" S. Liu and E. A. Peretti: Trans. ASM, 1952, yo p. 539. 


Metals Reference Book, vol. 1, 2nd ed., AIME, p. 


FEBRUARY 1958—79 


400 
350 
| 
a. —— 


Information on “Nuclei” for Secondary 


Recrystallization in Si-Fe 


Microstructure, magnetic torque, and texture data before and after grain growth were obtained 
on two 3.25 pct Si-Fe specimens having initially the same cold-rolled textures and the same primary 
recrystallization textures. The latter textures consisted of four components, two only of which were 
strong; the strong components were near (120) [001] and (320) [001]. The textures of the two 
specimens obtained by grain growth were different. In one specimen the two weak components were 
converted into strong components by a secondary recrystallization process; in the other specimen 
the primary recrystallization texture was retained by a normal grain-growth process. The difference 
in behavior of the two specimens was interpreted in terms of a difference in the relative grain sizes 
between weak and strong components; i.e., in terms of a geometrical factor that would alter the 
early growth rates of grains belonging to the two weak components of the texture. Specifically the 
growth rate was considered as the product of two terms: a driving force and a boundary mobility. 
The texture changes observed are considered to favor the oriented-nucleation growth-selectivity 


theory more than the oriented-growth theory. 


by C. G. Dunn and P. K. Koh 


HEN primary recrystallization and grain- 

growth textures form as a result of annealing 
deformed metals or alloys, the fundamental processes 
involved are nucleation and growth. Knowledge, 
therefore, about nuclei and the factors influencing 
their growth is required not only for the understand- 
ing of texture development but also for its control. In 
the oriented-growth theory of texture formation*?* 
the problem of nuclei is generally disposed of by 
the assumption that nuclei are available in all ori- 
entations; the theory then has to explain the final 
texture from the initial texture and the way bound- 
ary mobility depends on orientation. In the oriented 
nucleation theory of texture formation** nuclei are 
considered to be present only in certain orientations 
but the importance of growth selectivity is still 
recognized. For example, the mobility of boundaries 
of approximately the same orientation and of the 
coherent type in twins is believed to be low while 
that of high-angle boundaries, in general, is high. 
Because of this the theory may be described as an 
oriented-nucleation growth-selectivity theory. The 
main feature of the oriented-nucleation theory, 
however, is the importance given to nuclei; i.e., how 
they form in specific orientations and how they 
grow. 

In the present investigation two cold-rolled single 
crystals were used to study the effects of growth 
after primary recrystallization. The cold-rolled 
textures and the primary recrystallization textures 
were determined from portions of these specimens 


C. G. DUNN, Member AIME, is a Physicist at the General 
Electric Research Laboratory, Schenectady, N. Y. P. K. KOH 
is associated with the Research Laboratories of Allegheny Ludlum 
Steel Corporation, Brackenridge, Pa. 

TP 4658E. Manuscript, April 19, 1957. Chicago Meeting, Novem- 
ber 1957. 


80—FEBRUARY 1958 


and reported earlier.** The two cold-rolled crystals 


were in the (111) [112] stable end orientation, the 
recrystallization textures were nearly identical and 
consisted of two strong components, designated M 
and M’, which were near (120) [001] and (320) 
[001], respectively, and also some specific weak 


components near (111) [110] and (111) [110]. It is 
well recognized that a single strong component in 
the primary recrystallization texture may be needed 
for secondary recrystallization,*** but unfortunately 
when this is the case the amount of material left in 
deviating orientation may be too small either for 
growth or for positive identification. The present 
samples proved to be almost ideal for the study of 
minor components and their influence on texture 
changes produced by growth after primary recrys- 
tallization. The results obtained are interpreted in 
terms of present knowledge of grain-growth proc- 
esses. 
Experimental Procedure 


Two lots of silicon-iron alloy of essentially the 
same composition, namely, 3.25 pct Si, 0.004 C, 0.009 
P, 0.010 S, 0.035 Mn, 0.070 Ni, 0.090 Cu, 0.009 Sn, 
with traces of Al and Cr and the balance Fe, were 
converted into single crystals 0.025 in. thick and 
1.25 in. wide. The orientations were predetermined 
by the method of reorienting a seed crystal as de- 
scribed elsewhere.’ Specimen 1 from one lot had the 


(335) [556] orientation while specimen 2 from the 
second lot had the (111) [112] orientation.* Both 


* Specimens 1 and 2 were previously called specimens A-1 and 
B-1, respectively®. 


crystals were cold rolled to a reduction in thickness 
of 70 pct while widening approximately 20 pct. 
Samples of each were selected for determining 1) 
the cold-rolled texture, 2) the time required at 
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Fig. 1—Pole-density stereogram of {110} poles of specimen 
1 after a cold-rolling reduction of 70 per cent (after Koh 
and Dunn‘). 


980C to complete primary recrystallization, 3) the 
primary recrystallization texture, and 4) the tex- 
ture changes occurring after primary recrystal- 
lization. 

The cold rolled and the primary recrystallization 
textures were determined by an integration meth- 
od” after thinning specimens to a thickness of 0.002 
in. Geiger-counter chart recordings were obtained 
using transmitted Mo K, radiation reflected from 
{110} planes and filtered with zirconium foil placed 
at the Geiger-counter window to remove white 
radiation. The data obtained were converted to 
{110} pole density units* and plotted to give quan- 


* If k is in pole density units!! and dw is an element of solid 
angle enclosing a selected direction, then k dw/2m gives the fraction 
of the sample having {110} poles within dw. Over a solid angle of 27 
every crystal must contribute six times. 


titative pole figures. Data for the area within 30 deg 
of the center point were not obtained. 

Figs. 1 and 2 give the {110} cold-rolled pole 
figures for specimens 1 and 2, respectively. The 
levels of pole density in the plot follow the se- 
quence, 1.5, 3, 6, 12, 24, 48, 96, 192, 384, with the 
level 6 corresponding to the density of randomly 
oriented material. Both textures are (111) [112]. 

A rather large beam transmission Laue method 

was used to follow the course of primary recrystal- 
lization and of growth after primary recrystalliza- 
tion. A magnetic-torque method” also was used to 
follow changes in texture occurring after primary 
recrystallization. 
Dunn used a magnetic-torque method” on a sin- 
gle disk specimen for increasing periods of time at 
980C and obtained information equivalent to many 
separate pole-figure determinations. Actually it is 
doubtful that quantitative pole figures would have 
been as informative as the magnetic data, because 
the magnetic-torque method is very sensitive for 
the particular case here involving a strong (110) 
[001] component in the texture. 

The recrystallization textures in the present work 


far from ideal for the application of the mag- 


netic-torque method. The method was used, how- 
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Fig. 2—Pole-density stereogram of {110} poles of specimen 
2 after a cold-rolling reduction of 70 per cent (after Koh 
and Dunn,’ but turned 180°). 


ever, and found to be quite valuable as a means 
of following possible changes in the texture. In the 
present study the same disk specimens which were 
used for magnetic tests, provided samples at the end 
of annealing with grains that could be x-rayed in- 
dividually. Thus the orientations of a number of 
grains were found from transmission Lauegrams. 


Observations from Magnetic-Torque Measurements 


and From Single-Transmission X-Ray Photographs 


For anneals at 980C in pure dry hydrogen there 
was no change in the peak torque values up to 30 
min at temperature. Nevertheless, definite grain 
growth had occurred according to an increase in the 
size of spots in x-ray patterns. An additional anneal 
of 16 hr at 980C produced no change in the torque 
values of specimen 2. However, the torque peaks in 
specimen 1 had become very low indicating a large 
change in the texture, so further annealing of this 
specimen was discontinued. Specimen 2 showed fur- 
ther grain growth in a 16-hr anneal at 1050C but 
no change in torque peaks. Specimen 2 was finally 
annealed for 8 hr at 1175C to determine whether or 
not some texture change could be obtained. A small 
drop in the torque peaks did occur so further an- 
nealing was discontinued. 

Grain-Structure Results—A macroetch of the disk 
sample of specimen 1 after 16 hr at 980C revealed 
the presence of many grains as large as 5 mm diam. 
They comprised about 85 pct of the sample and were 
considered to be secondary recrystallization grains. 
Also, there were several relatively large areas con- 
sisting of many rather small grains; these will be 
compared with similar grains found in specimen 2. 

Fig. 3 shows a typical area of specimen 1 after a 
time of 2 min at 980C; Fig. 4 shows an area in the 
disk specimen after the 16-hr anneal where the size 
of grains adjacent to a large grain varies consider- 
ably. 

A macroetch of the disk sample of specimen 2 
after the 1175C anneal revealed a rather uniform 
grain structure except for three larger than average 
grains. These larger grains were 2 to 5 mm diam; 
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Fig. 3—Microstructure of specimen 1 after 2 min at 980°C. 
Electropolish and nital etch; X50. Reduced approximately 28 
pct for reproduction. 


they will be referred to later by the numbers l, 2, 
and 3. Fig. 5 gives an area after the 1175C anneal 
that will be referred to later. 
Orientations from X-Ray Data—Fig. 6 gives the 
{110} poles of 20 grains in specimen 1 superim- 
posed on the {110} pole figure obtained after pri- 
mary recrystallization. The orientations of nine rel- 
atively large grains agree with the weak A or (111) 


[110] component of the primary recrystallization 
texture while six other relatively large grains were 
found to have a (111) [110] or B orientation, which 
may have been present as a weak component in the 
primary recrystallization texture, but could not be 
resolved satisfactorily in the presence of the A and M 
components. Note, however, the evidence for a weak 


(111) [110] component at 2 o’clock on the central 
30-deg circle. According to well-known effects of 
orientation on magnetic anisotropy,” grains hav- 
ing a (111) plane parallel with the plane of the 
specimen contribute little to torque peaks. There- 
fore, it is clear that the large reduction in torque 
values occurred during annealing through growth 
of A and B type grains at the expense of grains in 
the M and M’ orientations. In Fig. 6 are plotted the 
orientations of 4 grains of the M orientation and one 
from a group of the M’ orientations (see also Fig. 
4); these orientations agree with the two original 
strong components of the primary texture. It ap- 
pears that the A and B type orientations represent 
components in a secondary recrystallization texture 
while retained M and M’ orientations are from orig- 
inal strong components of the primary recrystal- 
lization texture. 

Fig. 7 gives a similar plot for specimen 2 after the 
1175C anneal. It is like Fig. 6 except for the three 
grains 1, 2 and 3 and no recorded grains of the B 
orientation. Five grains of 16 studied had the M ori- 
entation while two had the M’ orientation. A simple 
optical reflection method proved that these grains 
represented the majority of the grains present. 
Clearly the strong M and M’ components would ac- 
count for the observed retention of most of the 
original torque values. A careful search disclosed 
that there were grains of the A or (111) [110] ori- 
entation present. Five were analyzed in addition 
to grain X, Fig. 5, which is near the A orientation. 
No diligent search was made to locate (111) [110] 
or B oriented grains, which had been identified as 
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Fig. 4—Micro- 
structure of speci- le 
men 1 after 16 hr 
at 980°C. Electro- 
etch; X50. Re- 
duced approxi- 
mately 28 pct for 
reproduction. * 


a weak component in the primary recrystallization 
texture. Regarding the magnetic tests a somewhat 
greater than average growth of the A-type grains or 
of grains 1, 2 and 3 could easily account for the 
small observed drop in torque values. It is to be 
noted that grain 1 falls on the edge of the 1.5 pole- 
density level of component M while grain 3 is ap- 
preciably further away. Grain 2 is near a (210) 
[001] orientation, which should have been present 
as a component in the primary recrystallization 
texture according to symmetry considerations. (No 
explanation, however, could be found’ for the un- 
symmetrical pole figures of these specimens.) On 
the whole, however, the effect of grain growth on 
the grain-growth texture was small. The primary 
recrystallization texture, therefore, could be said to 
be retained both qualitatively and quantitatively. 

Table I summarizes the texture data for the two 

specimens. 
Discussion of Results 

A relatively simple explanation of the present 
results can be made if the following statements are 
accepted: 

1 The primary recrystallization textures consist 
of two relatively strong components M and M’ near 
(120) [001] and (320) [001], respectively, a weak 
A-type component near the (111) [110] orientation, 
probably some B-type component near (111) [110], 
and some other orientations that fall far short of 
the random set needed in the application of the 
oriented-growth theory. 

2 The spread in orientation within each com- 
ponent is sufficiently narrow for the M-M, M’-M’, 
A-A, and B-B boundaries to be called relatively 
low-angle boundaries with low mobility. 


Table 1. Summary on Components in Primary Recrystallization 
and Grain-Growth Textures 


Primary Recrystallization Grain-Growth 


Texture Texture 
Specimen Specimen Specimen Specimen 
Component 1 2 1 2 
M or (120) [001] Strong Strong Weak Strong 
M’ or (320) {001] Strong Strong Weak Strong 
A or (111) {110] Weak Weak Strong Weak 
B or (111)(110] ? Weak Strong ? 


(210) [001] Not observed Not observed Not observed Very weak 
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Fig. 5—Microstructure of specimen 2 showing grain X and 
surrounding M and M’ type grains. Electropolish and nital 
etch; X50. Reduced approximately 28 pct for reproduction. 


3 The orientation difference between the M and 


M’ components is approximately 20 deg and large | 


enough for boundaries of the M-M’ type to have 
relatively high mobility. 

4 A-M, A-M’, B-M, B-M’ are high angle and, 
therefore, high-mobility boundaries. 

5 The driving force for growth of one grain in- 
creases as its size relative to neighbors increases;" 
i.e., as it increases above a critical size. 

6 driving force for growth for constant 


relative size decreases as the average grain size_ 


increases." 

7 The rate of growth of a grain equals the prod- 
uct of driving force and mobility.” 

8 The time required for a primary recrystalliza- 
tion grain with high-mobility boundaries to grow 
and be identified as a secondary recrystallization 
grain depends on the initial size of the grain. The 
time will decrease with increase in size above the 
critical size according to statements 5 and 7. 

The presence of many M-M’ boundaries from the 
two main components is expected to promote nor- 
mal grain growth, M grains growing at the expense 
of M’ grains and vice versa with no particular 
change in the textures. This is believed to have oc- 
curred in both specimens in the early stages, and in 
certain areas of specimen 1 in the later stages, and 
in nearly all areas of specimen 2 even in the late 
stages. Such growth not only acounts for such struc- 
tures as appear in Figs. 4 and 5 but is required if 
magnetic-torque peaks are to be retained while con- 
siderable growth occurs. 

From the point of view of average mobility, 
A-oriented grains should have a considerable ad- 
vantage over M or M’-oriented grains for the fol- 
lowing reasons: During growth an A grain must 
meet many M and M’-type grains, since these rep- 
resent the strong components, and since both A-M 
and A-M’-type boundaries have high mobility the 
average mobility will be high. On the other hand an 
M grain will meet about as many other M grains as 
M’ grains, so there will be approximately as many 
M-M low-mobility boundaries as there are M-M’ 
high-mobility boundaries, and the average mobility 
will fall between the two values. Therefore, a much 
lower over-all mobility is expected for growth of 
either M or M’-type grains than for growth of 
A-type grains. The effect on mobility of M or 
M’-type grains growing at the expense of A grains 
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that are below the critical size, which undoubtedly 
occurs, can be neglected. In one example reported 
by Dunn” an average increase in size of about 5 pet 
for the (110) [001] strong component at the ex- 
pense of grains in deviating orientation would ac- 
count for his observed 5 pct increase in the torque 
peak. Dunn also provided microstructure evidence 
for the removal of grains in deviating orientation 
prior to the onset of secondary recrystallization. 
However, growth of the main component grains by 
this method would be limited owing to the small 
quantity of material in deviating orientation. Simi- 
lar arguments also apply in the present case to 
B-type grains. 

If mobility alone were the only factor determin- 


__ing the final texture in a grain-growth race between 


grains of the A, B, M, and M’ orientations, then 
competitive growth would be expected to lead to 
strong A and B components. This in fact did happen 
to a great extent (85 pct) in specimen 1 during a 
16-hr anneal at 980C. Possibly it might have gone 
further during longer anneals. However, the driving 
force for the later stages of growth might have be- 
come low due to simultaneous growth of M and M’ 
grains. On the other hand this type of growth did 
not occur in specimen 2; no grains of the status of 
secondary recrystallization grains of the A or (111) 
[110] orientation developed even after long anneals 
at higher temperatures. Grain X, for example, Figs. 
5 and 7, was the largest grain found close to the A 
orientation. It can be concluded, of course, that such 
A-type grains had to be above a critical size ini- 
tially in order to survive during growth of the M 
and M’ grains. Why they did not grow in specimen 
2 in the way they grew in specimen 1 is the prob- 
lem. 

A simple explanation is that the largest grains of 
the A and B types in specimen 2 were smaller than 
the largest similarly oriented grains in specimen 1 


Fig. 6—Combined plot giving the {110} pole figure of speci- 
men 1 after primary recrystallization (after Dunn and Koh,’ 
but with portion of central area sketched in) and the {110} 
poles of 20 grains after growth. Large closed circles locate 
{110} poles of nine grains in the (111)[110] or A orienta- 
tion; large open circles: six grains near a (111)[110] orienta- 
tion. Small black dots locate {110} poles of four grains of 
the M orientation and one grain of the M’ orientation. 
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Fig. 7—Combined plot giving the {110} pole figure of speci- 
men 2 after primary recrystallization (after Dunn and Koh,’ 
but turned 180°) and the {110} poles of 16 grains after 
growth. 


and, therefore, the former were nearer the critical 
size. This being so they would lack a high driving 
force initially and would require a long time to 
grow and establish a condition of high driving force. 
In fact, in the presence of normal grain growth, it 
seems possible that the time required: may have 
been too long for attainment of a high driving force. 
(Dunn” probably has provided an example of the 
retarding effect of normal grain growth in a speci- 
men recrystallized at 550C. The low-temperature 
texture consisted of (110) [001] plus a double 
(120) [001] component, or three relatively strong 
components and some other weak components. Dur- 
ing further annealing at 980C only normal grain 
growth occurred producing a 16 pct increase in the 
magnetic-torque peak. The torque increase was 
considered to be due largely to an increase in the 
(110) [001] component. On the other hand if re- 
crystallization of the same material were accom- 
plished at 980C the (120) [001] type components 
obtained were very weak—in fact too weak to pro- 
mote significant normal grain growth in the strong 
(110) [001] component. Under these conditions 
secondary recrystallization occurred with (120) 
[001] components and others replacing the strong 


(110) [001] component.) Consequently it can be 
concluded that driving force is just as important a 
factor as mobility in determining grain-growth tex- 
tures even when properly oriented grains with high 
mobility are present and are large enough to grow. 

The present results show that components, which 
appear in the primary recrystallization texture, also 
may appear in the grain-growth textures either for 
normal grain growth or for mixed normal grain 
growth and secondary recrystallization. These re- 
sults are in agreement with data on Si-Fe involving 
only normal grain growth” or secondary recrystal- 
lization.““ It thus appears that the nuclei for sec- 
ondary recrystallization are certain large primary 
recrystallization grains found in specific weak com- 
ponents of the primary recrystallization texture. 
Some information on the origin of the specific weak 
components has been given by Dunn and Koh in 
another paper” and a suggestion is made why the 
primary recrystallization textures of the present 
specimens are not as simply related to the cold- 
rolled texture as others derived also from (111) 


[112] cold-rolled orientations. The aim in the pres- 
ent paper, however, has been to consider only the 
changes occurring due to growth after primary re- 
crystallization. 

Conclusions 

1 Components in the secondary recrystallization 
texture have their origin in specific weak compo- 
nents of the primary recrystallization texture; large 
primary recrystallization grains in specific orienta- 
tions are considered to be potential nuclei for sec- 
ondary recrystallization. 

2 If normal grain growth predominates due to 
the lack of a single strong component in the primary 
recrystallization texture and secondary recrystal- 
lization fails to occur, then the strong .components 
of the primary recrystallization texture tend to be 
retained. Weak components of the primary recrys- 
tallization texture may also be retained. 

3 The texture changes observed after completion 
of primary recrystallization, which are due to grain 
growth, can be understood better in terms of the 
oriented-nucleation growth-selectivity theory than 
in terms of the oriented-growth theory. In order to 
predict growth changes and thus texture changes, 
information on the grain structure prior to growth 
is required; the quantitative texture alone is not 
sufficient. 
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Technical Note 


On the Solubility of Iron in Magnesium 


by K. Anderko, A. S. Yamamoto, and W. Rostoker 


| the corrosion resistance of magne- 

slum and its alloys is closely related to iron 
content, there has been no direct measurement of 
the solid solubility of iron in magnesium. Bulian 
and Fahrenhorst' and Mitchell’ agree that pure iron 
or a limited terminal solid solution crystallizes from 
the Mg-rich liquid. For this reason a magnetic- 
moment method was selected to estimate that por- 


tion of the total iron content which is not in solid — 


solution. Since iron in solid solution in magnesium 
cannot contribute to ferromagnetism, the difference 
between chemical and magnetic-iron analyses 
should yield the solid solubility. 

By experimentation it was found that the melting 
of pure sublimed magnesium (99.995 wt pct purity) 
in Armco-iron crucibles at about 800°C is a conven- 
lent way to introduce small amounts of iron. Melts 
retained 5, 10 and 20 min at 800°C analyzed 0.003,, 
0.005,, and 0.018 + 0.001 weight pct Fe, respectively, 
after being stirred, heated to 850°C, and cast into 
graphite molds. The as-cast alloys were pickled in 
acid (dilute HCl + HNO,), annealed at 600°C for 3 
days, scalped on a lathe to remove the pitted sur- 
face, pickled again, extruded at about 100°C to 3-mm 
wire, reannealed 4% days at 500°C, and water- 
quenched. The specimens were again scalped, 
pickled, and used both for chemical and for mag- 
netic analysis. Most of the precautions described 
were intended to prevent iron pickup by contact 
with tools or superficial iron enrichment by volatil- 
ization of magnesium during heat-treatment. It is 
believed that the specimens ultimately used for test 
were homogeneous and characteristic of phase equi- 
libria at 500°C. 

Magnetic Analyses 

A susceptibility apparatus of the Curie type was 
used for magnetic analyses. Field strengths of up 
to 10,400 oersteds could be generated. By this 
method, an analytical balance measures the force of 
attraction which a calibrated magnetic field exerts 
on a suspended specimen. The force equation is as 
follows 


where 
f/m = force per unit mass of sample 
M = magnetic moment per unit mass 
dH/dy = magnetic field gradient 


The dH/dy characteristic of the instrument is de- 
termined by the use of a standard palladium sam- 
ple, and the calibration is made independently for 
all values of H. 

Since a large finite field is required to saturate an 
assembly of ferromagnets, it is necessary to measure 
the apparent magnetic moment for increasing steps 
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of H until a saturation value is obtained. The per- 
centage of iron in the sample as free ferromagnetic 
iron may then be computed simply 


C = 100 (M,/M,) 
where 


C = percent content of undissolved iron in sample 


_M, = saturation magnetic moment of sample per 


unit mass 
M, = saturation magnetic moment of iron per unit 
mass taken as 217 emu-cm per gm 


There is no serious difficulty in applying this 
method except for the unusual magnetic behavior 
of very fine particles of ferromagnetic substances. 
It has been found and is the basis for a widely ac- 
cepted theory that with sufficient subdivision, the 
magnetic fields required to saturate and the coercive 
force after saturation rise to exceedingly high val- 
ues. Recent work on precipitates of Fe and Co from 
copper solid solutions*® showed that about 5000 
oersteds were necessary to approach saturation. 

The magnetic moments as a function of field 
strength measured in the present investigation are 
listed in Table I. Only the 0.018 wt pct Fe alloy 
yielded a magnetization curve with a fairly well- 
defined saturation plateau at 3.76 x 10° emu-cm/ 
gm. This corresponds to 0.017 + 0.001 wt pct Fe in 
the alloy. This indicates that the solid solubility 
must be of the order of 0.001 wt pct Fe. 

The magnetic-moment data of the other two al- 
loys are badly scattered, indicating that the amount 
of ferromagnetic iron in these samples is so low that 
the magnetic forces acting on them cannot be meas- 
ured accurately by the analytical balance used. 
Nevertheless, the fact that even the 0.003; wt pct 
Fe alloy shows ferromagnetism indicates that the 
solid solubility must be below that value. 


Table |. Magnetization Curves for Three Mg-Fe Alloys Annealed 


at 500°C 
Magnetic Moment, Emu-Cm/Gm x 10-* 
Field Strength 0.0035 0.0051 0.018 
(Oersteds) Wt Pct, Fe Wt Pct, Fe Wt Pet, Fe 
0 0 0 0 
935 0 0 1.68 
2105 1.18 1.52 1.82 
3740 1.38 2.13 
4780 1.65 2.13 2.99 
5840 1.36 1.76 3.16 
6720 1.20 2.06 3.72 
7710 1.08 0.46 3.61 
8875 0.97 0 3.76 
9800 0.85 0.73 3.72 
10400 0.30 3.81 
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Solubility of Nitrogen in Liquid Iron 
And Iron Alloys 


The solubilities of nitrogen in liquid iron and liquid Fe-Ni, Fe-Mo, Fe-V, and FS 
Mo-V alloys were measured by the Sieverts method. Measurements were made at i 
to 1800°C on binary alloys up to 20 pct Ni, 10 pct V, 10 pct Mo; and on ternary a oe 
containing 0 to 3 pct V with 0 to 5 pct Mo. The results on liquid iron confirm that ee 
verts’ law is obeyed in the range 50 to 750 mm pressure. The measured solubilities an 
their temperature coefficients are in general agreement with other modern authors. me 
logarithms of the activity coefficients of nitrogen in the binaries are approximately lin- 
ear functions of the pct of alloying element. A method suggested by Wagner, Chipman, 
and others for predicting gas solubilities in complex alloys from solubility data on bi- 
naries was applied to the Fe-Mo-V alloys. Reasonably good agreement was obtained be- 


tween calculated and experimental solubilities. 


by Vikash C. Kashyap and Norman Parlee 


ITROGEN’S solubility in liquid iron has been 

studied by a number of investigators.” It is 
reasonably well established that the solubility of 
nitrogen follows Sieverts’ law at least up to 1 atm 
partial pressure and that the solubility increases 
gradually with temperature. 

The solubility of nitrogen in Fe-X binary liquid 
systems has been investigated in only a few cases. 
Only the systems Fe-Cr,** * Fe-V,® Fe-Mn,”’ Fe-Ni,”‘ 
Fe-Si,” * Fe-C,* ° and Fe-P’* appear to have received 
any study. The only work on liquid Fe-V was done 
by Brick and Creevy.’ This was limited to 13.5 pct 
and 26.5 pct V, but no exact temperatures were re- 
corded. No work whatsoever appears to have been 
done on liquid Fe-Mo alloys and even work on 
Fe-Ni alloys is rather scant. The work on liquid 
ternary systems is still more limited, and the only 
publication available appears to be that of Wentrup 
and Reif,’ who studied the Fe-Cr-Mn and Fe-Cr-Ni 
alloys. Rassbach, Saunders, and Harbrecht” have 
reported work on the solubility of nitrogen in stain- 
less steel but this was not a systematic study of any 
particular system. 

Commercial alloys usually contain several alloy- 
ing elements. Thus, it often becomes important to 
be able to predict the nitrogen solubility in systems 
containing two or more added elements without the 
necessity of making measurements. Wagner,” Chip- 
man,” Darken and Gurry,” and Morris and Buehl™ 
have suggested means by which this may be accom- 
plished, and Langenberg” has recently applied one 
of these methods to nitrogen solubility in complex 
liquid alloys. 
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This paper reports the results of nitrogen solu- 
bility determinations on Fe-Ni, Fe-Mo, Fe-V, and 
Fe-Mo-V alloys and compares calculated and ex- 
perimental solubilities in the ternary alloy. At- 
tempted measurements on Fe-Cr alloys were not 
successful by the experimental method employed. 


Experimental Method 

The general method of solubility measurement 
was that of Sieverts.. The apparatus and procedure 
were essentially the same as used by Liang, Bever, 
and Floe.* The equipment consisted of a small vac- 
uum furnace heated by a 6 kw induction unit, gas 
measuring apparatus, and a gas purification train. 
The crucibles used were Norton Alundum with 
alumina sand around them for insulation. The cru- 
cibles were charged with 100 to 200 g of material, 
about 180 g or nearly filling the crucible being found 
most satisfactory. Hot volumes were determined 
with argon and ranged from 95 to 130 cu cm (stp). 
Temperature measurements were made with a 
Leeds and Northrup optical pyrometer which was 
calibrated periodically against the melting point of 
iron in the same apparatus.“ 

Good quality nitrogen, hydrogen, and argon gases 
were further purified and dried in standard purifi- 
cation trains. The sources of the high purity iron 
and other alloying elements used were as follows: 


Table I. Solubility of Nitrogen in Iron at 1600°C, 


Py = 1 Atm 
2 
No, Pet Cu Cm (Stp) per 100 G Source 
0.040 32.0 Chipman and Murphy 
0.038 30.4 Brick and Creevy 
0.046 36.8 Kootz 
0.039 31.2 Saito, Method I 
0.044 35.2 Saito, Method II 
0.032 25.6 Sieverts, Zapf 
0.042 34.0 This Research 
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/PRESSURE NITROGEN , MM. 
Fig. 1—Effect of pressure on the solubility of nitrogen in 
iron at 1600°C. Corrections to 1600°C are comparable with 
experimental error. 


Fe, 99.95 pct purity (Ferrovac E), Crucible Steel 
Co.; Ni, 99.81 pct purity, International Nickel Co.; 
V, 99.6 to 99.8 pct purity, Vanadium Corp. of Amer- 
ica; Mo, 99.0 pet minimum purity, Fisher Scientific 
Co.; Mo, about 99.9 pct purity, General Electric Co.; 
Mo, 99.9 pct purity, Fansteel Metallurgical Co. In- 
dividual charges were prepared by weighing ap- 
propriate amounts of pure iron and alloying metals 
into the crucible. 

Before measurements were started the charges 
were melted, completely deoxidized with hydrogen, 
and carefully vacuum degassed. Hot volumes were 
always determined before nitrogen admission and in 
many cases were redetermined after nitrogen ab- 
sorption measurements were complete. In any par- 
ticular series of runs the procedure was so arranged 
to confirm that the same equilibrium was reached 
by approaching from both sides. 

Certain experimental difficulties were encoun- 
tered. Most of these are inherent in the method. Hot 
volumes drifted gradually with time, particuarly 
during evacuation. It was found that when the cru- 
cible was nearly filled and the hot volume corre- 
spondingly reduced, the drift was minimized con- 
siderably and did not amount to more than 1 cu cm 
per hr of evacuation. Limiting evacuation time to 
the minimum necessary kept this drift within rea- 
sonable bounds. This and certain other difficulties 
appeared to be related to the formation of a ring of 
solid metal on the walls of the crucible above the 
liquid. Most of this buildup was apparently due to 
the condensation of iron vapor on the walls and 
gradually increased in size as the run or heat pro- 
ceeded. At the end of a heat this ring of solid metal 
sometimes amounted to 10 pct or more of the total 
charge, being particularly large if the series of runs 
was a long one or involved much evacuation. As 
some of this loss from the molten pool surely took 
place during the final hot volume determination and 
during the final evacuation before solidification it 
seems unlikely that the amount of loss to the upper 
wall exceeded 5 pct at the time the average solu- 
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Fig. 2—Effect of temperature on the solubility of nitrogen in 
iron at 750 mm gas pressure. 


Table II. Solubility of Nitrogen in Fe-Mo-V Alloys 


Ne Solubility, 


Heat Composition No Pressure, §Temper- Cu Cm (Stp) 
No. Mo, Pct WV, Pct Mm Hg ature, °C per 100G 
46 aL 1 747 1868 43.7 

1588 42.7 

1884 43.2 

1674 43.5 

47 3 1 748 1926. 46.6 
1612 45.6 

1866 46.7 

1700 46.8 

1822 46.7 

48 5 1 747 1856 49.2 
1549 48.2 

1944 49.2 

1786 49.3 

1716 50.2 

49 2, 1 753 1824 46.5 
1675 46.8 

1598 47.7 

1768 46.4 

1859 46.3 

50 5 2 749 1884 58.1 
1738 61.1 

1506 62.2 

1816 58.8 

1702 61.8 

51 3 2 747 1886 55.0 
1716 56.7 

1608 59.8 

1820 55.5 

1736 56.4 

52 1 2 748 1808 52.2 
1720 55.2 

1570 

1636 55.8 

1870 51.5 

53 3 743 1842 
1726 79.4 

1647 84.7 

1765 78.3 

1880 73.2 

54 3 3 750 1781 Valls) 
1707 74.5 

1628 78.9 

1752 72.0 

1882 67.1 

55 1 3 740 1874 65.7 
1788 67.5 

1707 70.9 

1638 73.8 

1883 66.5 


bility determination was made. A careful consider- 
ation of the effects of this condition leads to the con- 
clusion that there is a partial compensation of errors 
involved when dealing with most of the alloys stud- 
ied in this work. In spite of these compensations the 
reproducibility of the results can be regarded as 


only fair. 
Solubility of Nitrogen in Liquid Iron 


In order to gain confidence in the apparatus and 
in the experimental method it was decided to make 
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Fig. 3—Solubility of nitrogen in Fe-Ni alloys at 750 mm gas 
pressure. 


the first determinations on liquid iron and to com- 
pare the results with those of other investigators. 
Accordingly, Fig. 1 illustrates a series of solubility 
measurements at about 1600°C and at pressures 
ranging from 50 to 750 mm Hg. Fig. 2 illustrates a 
series of measurements at 750 mm, but at different 
temperatures. Fig. 1 confirms that Sieverts’ law is 
obeyed over the pressure range of 50 to 750 mm, 
and the results are in reasonably good agreement 
with the work of Kootz.* The best fitting line in Fig. 
2 indicates that solubility increases with tempera- 
ture at the rate of about 1.2 cu cm per 100 g per 
100°C. Chipman and Murphy’ give a value of 1.17 
cu cm per 100 g per 100°C. Saito, Kootz, and others 
have shown similar relationships. 
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Fig. 5—Solubility of nitrogen in Fe-Mo alloys at 750 mm gas 
pressure. 


The values of nitrogen solubility as reported in 
the literature’ are given in Table I for comparison. 
The results of this work are in reasonably good 
agreement with the work of others. 


Solubility of Nitrogen in Fe-Ni Alloys 

Fig. 3 gives the volumes of nitrogen soluble in 
various Fe-Ni alloys at 750 mm pressure and a 
wide range of temperatures. In general, the solu- 
bility decreases with increasing nickel content. The 
deviations from this behavior observed in the al- 
loys from 0 to 2 pet Ni may indicate an opposite 
trend at very low nickel contents but since this 
cannot be understood and since there was some 
doubt about the accuracy of the 1 pct Ni run the au- 
thors have chosen to ignore the anomaly. 

Temperature has no effect on the solubility when 
the nickel content is 2 pct or more. In fact it may 
be said that, within experimental error, none of 
these data discloses a significant change in solubility 
with temperature in the range 1600° to 1800°C. 
Accordingly, average figures were taken for each 
alloy composition and plotted in Fig. 4. This figure 
shows a comparison with Wentrup and Reif’s’ re- 
sults at 1600° and 1700°C. They found solubility to 
decrease with increasing temperature. Saito® re- 
corded a temperature effect in the opposite direc- 
tion. 


Solubility of Nitrogen in Fe-Mo Alloys 

The results of nitrogen solubility determinations 
in Fe-Mo alloys at 750 mm pressure and tempera- 
tures from 1500° to 1900°C are given in Fig. 5. Fig. 
5 indicates that for an alloy containing 3 or more 
pet Mo the solubility is independent of temperature. 
The effect of molybdenum content on the solubility 
at 750 mm pressure and 1700°C is shown in Fig. 6. 
With the exception of the unexplained anomaly at 
1 pet Mo the solubility appears to increase as ap- 
proximately a straight line function of molybdenum 
content in the range studied. No published data on 
Fe-Mo alloys seem to be available for comparison. 
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Fig. 6—Effect of molybdenum content on the solubility of 
nitrogen in iron at 750 mm gas pressure. 


Solubility of Nitrogen in Fe-V Alloys 

The results of nitrogen solubility determinations 
on Fe-V alloys at 750 mm pressure and tempera- 
tures in the 1600° to 1900°C range are given in Fig. 
7. In melts containing 1 pct V, temperature has no 
effect on the solubility of nitrogen, but at higher 
vanadium contents, the solubility decreases with in- 
crease in temperature and the higher the vanadium 
content the more marked this effect becomes. The 
effect of vanadium content on the solubility of ni- 
trogen in these alloys is summarized in Fig. 8. Up 
to 3 pet V, the solubility appears to increase in di- 
rect proportion to the vanadium content. Above this 
the solubility rises more rapidly with increase in 
vanadium content. 

The only other data available on the solubility 
of nitrogen in Fe-V alloys are those of Brick and 
Creevy® at 13.5 and 21.6 pct V. They reported solu- 
bilities of 510 and 805 cu cm (stp) per 100 g re- 
spectively for these compositions at temperatures 
about 50°C above the liquidus temperature. In view 
of the uncertainty about temperature in their work 
further comparison does not seem profitable. 

The solubility of nitrogen in the 10 pct V alloy at 
1600°C is somewhat beyond that predicted from the 
solubility product for vanadium nitride as estimated 
by one author. It is hoped to clear up this point in 
the course of a research now in progress. 


Solubility of Nitrogen in Fe-Mo-V Alloys 

In studying the solubility of nitrogen in the liquid 
Fe-V-Mo system, it was decided to use vanadium 
percentages low enough so that they would be in 
the region where solubility is directly proportional 
to vanadium content. With this in mind, solubility 
of nitrogen was determined in nine ternary alloys 
containing 1, 2, or 3 pct V, and 1, 3, or 5 pct Mo. 
The results of these runs appear in Table II and Fig. 
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Fig. 7—Solubility of nitrogen in Fe-V alloys ‘at 750 mm gas — 
pressure. 


9. Solubilities in the alloys containing 1 pct V and 
up to 5 pct Mo were not affected by temperature. 
With higher vanadium concentrations the effect of 
the vanadium was apparently great enough to cause 
the solubility to decrease with increase in tempera- 
ture. There was an unexplained inconsistency in the 
effect of 1 pet Mo; generally its presence resulted 
in a mild decrease in solubility, but in one case it 
showed an increase. This was similar to the unusual 
behavior of the 1 pct Ni alloy discussed previously. 
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Fig. 8—Effect of vanadium content on the solubility of 
nitrogen in iron at 750 mm gas pressure. 
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Fig. 9—Solubility of nitrogen in Fe-Mo-V alloys at 750 mm 
gas pressure. 


Activity Coefficients 
The dissolution of nitrogen in liquid iron can be 
expressed by the following equation 


— N. 


Equilibrium conditions are given by 


\/ pre 
and 


fx > Cx = K 


where ay is the activity; fx, the activity coefficient; 
Cy, the concentration of dissolved nitrogen; K, the 
equilibrium constant; and p»., the partial pressure 
of nitrogen gas over the melt. Since it has been con- 
firmed that Sieverts’ law is obeyed up to 1 atm 


pressure of nitrogen, i.e., that Cy « \/pm, it may be 
concluded that fx is not affected by pressure in the 
ranges under consideration. Therefore, in evaluating 
K, the activity coefficient fy: may be taken as unity 
and ax = Cy for solutions of nitrogen in pure liquid 
iron. 

If the solubility measurements at any given tem- 
perature are all referred to a standard nitrogen 
pressure such as 750 mm it is easily shown that the 
activity coefficient of nitrogen in any iron alloy can 
be calculated by the following relation: 


Cy” = for pure iron 


in alloy = - 
Cy™ for alloy 


[1] 


This equation was used to calculate the activity co- 
efficients of nitrogen in the various binary alloys 
studied. Fig. 10 is a plot of log fx vs percentage of 
alloying element, calculated from the solubility data 
at 1700°C. The relations appear to be approximately 
linear. The same formula can be used to calculate 
activity coefficients for nitrogen in ternary or more 
complex alloys. 


Prediction of the Solubility of Nitrogen in Complex 
Alloys 


Wagner™ and Chipman” have shown that when a 
solvent metal, 1, contains a number of solutes, Dy Bhs 
4, etc., the activity coefficient of one of these may be 
expressed as a product of factors that represent the 
effect of each of the components. Their simple math- 
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ematical treatment, which is correct for infinitely 
dilute solution, forms a satisfactory basis for calcu- 
lations concerning more highly alloyed steel baths. 
Their method leads to the following relation for the 


activity coefficient of nitrogen, in Fe-Mo-V . 


alloys 
log fx" = log + log + log fx". [2] 


Here fx® is the activity coefficient of nitrogen in 
pure iron, fx™° is the activity coefficient of nitrogen 
in an Fe-Mo alloy containing the same amount of 
molybdenum, and fx” is the activity coefficient of 
nitrogen in an Fe-V alloy containing the same 
amount of vanadium as the ternary alloy. Taking 
fy"® = 1 the equation reduces to 


log log fis log [3] 


Combining Eqs. 1 and 3 the following expressions 
are obtained for the solubility of nitrogen in Fe- 
Mo-V alloys 


(é 70 mm Fe 
N 


Cx mm Fe-Mo-V __ [4] 


or 


The logarithmic form, Eq. 5, is probably more satis- 
factory to use because activity coefficients are most 
often recorded in this form. 

Undoubtedly there are limitations to the use of 
Eqs. 4 or 5, but since the logarithms of the activity 
coefficients of nitrogen in the binary alloys followed 
roughly straight line relations with alloy concen- 
tration, the conditions for the application of these 
equations seemed quite good. 

Accordingly, this method was used to calculate 
solubilities of nitrogen in the Fe-Mo-V alloys stud- 
ied. The results of the calculations for 1700°C ap- 
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Fig. 10—Effect of alloying elements on the logarithms of 
the activity coefficient of nitrogen. 
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Fig. 11—Experimental and calculated values of solubility of 
nitrogen in Fe-Mo-V alloys at 750 mm gas pressure. Lines 
show calculated values and points show experimental values. 


pearing in Fig. 11 were obtained by using the ac- 
tivity coefficients for the binaries given in Fig. 10 
and a figure of 35 cu cm (stp) for the solubility of 
nitrogen in pure iron at 750 mm and 1700°C. The 
calculated values appear as lines in Fig. 11 and the 
points represent experimental values shown for 
comparison. 

Taking all things into consideration the agree- 
ment between the experimental and calculated sol- 


ubilities is probably as good as can be expected. Al- 
though the method can only be expected to be truly 
applicable to cases where the relation between log 
fx” and pct X is a straight line, it may be very useful 
where the deviation from a straight line is small— 
as it is in most cases. Langenberg’s” more elaborate 
method gives the same results when applied to the 
present data. 
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Technical Note 


Rectangular Cracking in Lead 
by Ic.U): Snowden and J. N. Greenwood 


RACKS which form in lead exposed to fluctuat- 
ing stress frequently follow a rectangular pat- 
tern. It is well known that under ordinary atmos- 
pheric conditions these cracks are intercrystalline. 
-On the other hand after fabrication the crystal 
grains in lead are in general irregular polygons. 
The observed facts appear to be mutually contra- 
dictory. 
Re-examination of some lead failures has con- 
firmed that the rectangular cracks are intercrystal- 
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search Professor of Metallurgy in the Baillieu Laboratory, Uni- 
versity of Melbourne, Melbourne, Australia. , 
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line. It follows therefore that under fluctuating 
stress some of the grains lose their irregular outlines 
and become approximately regular polygons of 
cubic type. G. R. Gohn and W. C. Ellis* suggest that 


* G. R. Gohn and W. C. Ellis; ASTM Trans, 1951, vol. 51, p. 721. 


this is due to recrystallization during the life of the 
part, in such a way that the new grain boundaries 
are aligned at 45 deg to the longitudinal strain prior 
to the formation of the fatigue crack. 

Experiments at Baillieu Laboratory—Some re- 
cent experiments carried out in the Baillieu Lab- 
oratory in conjunction with the Broken Hill Associ- 
ated Smelters have thrown some light on this tran- 
sition. 

A test piece of pure lead was polished chemically 
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Fig. 1—(Left) Test area at X100 after 3x10‘ cycles. Fig. 2—(Cen 


polished, then further 0.6x10° cycles. 


direction of stress. 


and submitted to alternating flexure at the rate of 
500 cycles per min (cpm). Selected areas were re- 
corded photographically. 

During the early stages of cycling there was con- 
siderable boundary activity but this slowed down 
noticeably after about 7 pct of the life; i.e., after 
about 10° cycles. The boundary migration was not 
regular, as indeed it rarely is, but the important 
point is that some of the grains assumed rectangular 
outlines. The sides of the rectangle made 45-deg 
angles (approximately) with the stress axis. The 
stress cycles were interrupted at various stages so 
that the progress of structural changes could be ob- 
served. 

Results—The changes can be followed from the 
accompanying micrographs. Fig. 1 shows the test 
area after repolishing following 3 x10‘ cycles. Fig. 2 
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ter) Same area after 10° cycles. Fig. 3—(Right) Same area re- 


Fig. 4—Same area (center) after fracture at 1.5x10° cycles followed by slight bend to open crack. X100. Arrow, upper right, shows 


shows the same area after 10° cycles (i.e., 7 x 10* 
further cycles) while Fig. 3 is again the same area 
after an intermediate chemical polish and 1.6 x 10° 
cycles. This represents aprpoximately 10 pct of the 
life. Fig. 4 shows the same area (center) with two 
adjoining areas after fracture at 1.5 x 10° cycles. In 
this case the specimen was bent slightly to open up 
the crack. The stress direction is indicated by the 
arrow in Fig. 4. 

From this it is evident that the rectangular pat- 
tern found in lead fatigue failures can be caused 
by boundary migration. Apparently the boundaries 
which have reached a location making a 45-deg 
angle with the stress are particularly subject to 
atmospheric attack. A crack starts and this locks the 
boundary from further migration. 

The work is continuing. 
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IMPROVED VACUUM-FUSION METHOD 
FOR THE DETERMINATION OF 
OXYGEN AND NITROGEN IN METALS 


The construction and operation of a simple and accurate vacuum-fusion 
apparatus are described in detail. Absolute accuracy of the oxygen analysis 
has been determined by the reduction of oxides weighed to +£0.01 mg. The 
Bureau of Standards steel samples have been analyzed repeatedly, and their 
inadequacy for the acceptable range of oxygen is presented. The limits of 
interference of manganese, aluminum, and titanium, and the effects of tin 
and water-cooling of the furnace tube have been investigated in detail. 


by Nev A. Gokcen 


NALYSIS by the vacuum-fusion method con- 

sists of melting a sample in a degassed graphite 
crucible under high vacuum and extracting oxygen 
as carbon monoxide, and nitrogen and hydrogen as 
gaseous elements. The resulting gas mixture is 
analyzed for its constituents, from which oxygen, 
nitrogen, and frequently hydrogen may be deter- 
mined within ¥% hr or less. 

The history and summary of methods’ and ex- 
tensive reviews of literature’* for the determination 
of gases in metals have been published in detail. 

The foundation of the modern vacuum-fusion 
method of analysis was laid by Jordan and Eckman,’ 
and Oberhoffer and his associates.*” Diergarten,”” 
Meyer,” Thanheiser et al.,““” Ericson and Benedicks,” 
Ziegler,” Sloman,”” Thompson et al.,” and later 
many others contributed to the improvement, ac- 
curacy, and limitations of the method. In some in- 
vestigations, however, the limitations of the pro- 
cedure and the errors involved in the analysis re- 
quire further critical examination and evaluation. 
In many apparatuses, unnecessarily complicated and 
cumbersome features and elaborate precautionary 
measures do not have conclusive advantages. The 
purpose of this investigation was, therefore, a) to 
construct a very simple and accurate apparatus, b) 
to determine the absolute accuracy of results, c) to 
establish the limits of interference of manganese, 
aluminum, and titanium, d) to reexamine critically 
the reduction and recovery of oxygen from oxide 
powders of various sizes, and e) to evaluate criti- 
_cally the eight steels of the Bureau of Standards.” 


Apparatus 

The apparatus used in this investigation is shown 
in Fig. 1. It has been used for over three years, dur- 
ing which several modifications were made. 

N. A. GOKCEN, Member AIME, formerly Associate Professor of 
Metallurgy, Michigan College of Mining and Technology, is now 
Associate Professor of Metallurgy, University of Pennsylvania, Phila- 
delphia. 
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A brief description of the apparatus is as follows. 
The transparent silica or Vycor tube, E, is joined to 
the Pyrex head, B, by mean of a face to face ground 
joint sealed with mercury. A similarly sealed ball 
and socket joint would also have been satisfactory. 
A standard tapered ground joint, successfully used 
by some investigators, was tried, but in the absence 
of grease or vacuum cement it was very difficult to 
disassemble the joint. The graphite crucible, G, 
15/16 or 14% in. OD, 2% or 3 in. high, 1/10 in. wall, 
shown enlarged in Fig. 3a, is made from the rods 
containing less than 0.08 pct ash. Two baffles, over- 
lapping sufficiently to prevent spattering, are in- 
serted in two opposite slots cut on a band saw. Two 
small holes in the baffles permit the temperature 
measurement of the melt. A second type of crucible, 
Fig. 2, G, shown enlarged in Fig. 3b, is also satis- 
factory, though not as convenient as the crucible 
shown in Fig. 3a. Somewhat similar but more elabo- 
rate crucibles with baffles were first tried by Ericson 
and Benedicks,” but were abandoned in favor of a 
crucible with a stopper and a peripheral graphite 
powder filter. Various versions of their crucible with 
a stopper have later been used by other ana- 
lystse 

The crucible is packed directly in E, Figs. 1 and 2, 
with —35 +48 graphite powder for shielding and in- 
sulation. A minimum layer of 7 mm of powder is 
necessary for keeping E cool and minimizing the 
blank. The first use of graphite powder was made 
by Sloman,”* who found that —200 mesh was the 
most satisfactory. The author tried various size 
powders from +20 to —100 mesh and found that a) 
particles of 28 mesh or larger were not sufficiently 
insulating and were heated by the induction cur- 
rent, b) the powder finer than 60 mesh packed too 
much and did not readily permit the escape of gases 
even when the crucible was heated very slowly; 
hence, the powder was occasionally blown out of 
the side in the crucible and in the mercury pump. 
The optimum size powder is, therefore, 35 to 48 
mesh size or 0.4 mm in average diameter. The fur- 
nace is designed to eliminate excessive amounts of 
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Fig. 1—Diagram of apparatus. A, optical pyrometer; B, Pyrex 
head; C, sample storage arm; D, rubber mercury retainer; 
E, Vycor or clear silica tube; F, induction coil, 15 turns, con- 
nected to Ajax 8-kw, 20 kc, converter; H, gas storage, 1.2 
liters; 1 to 6, cutoffs; J, mercury sealed ball and socket 
joints; K, manometer, 4 mm ID; L, ascarite; M, calibrated 
flask; and N, three-way stopcock. 


powder, complicated and massive graphite parts, 
and refractory thimbles and shields. 

A short wide neck 30 mm ID and 75 mm long 
connecting the glass head to the mercury vapor 
pump No. I, as well as the small volume and sim- 
plicity of the furnace side, permits rapid pumping 
of gases. Pump No. I is of the two-stage Kurth- 
Ruggles type,” designed to pump against 20 mm of 
pressure and, modified according to Copley et al.,” to 
attain a speed of 14 liters per sec. This speed was 
measured by the constant leak method.” For this 
purpose a McLeod gage was attached to the furnace 
head and the necessary leak was provided by the 
ground joint without the reservoir of mercury. The 
rate of leakage of air was determined by collecting 
and then measuring it with the manometer, K. 

The copper oxide train, which oxidizes CO and H,, 
was prepared as follows. Approximately 300 g of 
very fine, 30-gage, pure copper wire was rolled into 
loose balls roughly %4 in. in diam and packed loosely 
into the Pyrex furnace tube. It was heated to 250°C 
several times, alternately oxidized slowly with air 
and then reduced with a rapid stream of 5 pct H, in 
N., and finally oxidized with air and used at 300°C. 
Since a small amount of oxide, reduced after each 
run, was automatically regenerated when air was 
admitted to break the vacuum, no further care was 
necessary. No difficulty was encountered in the re- 
activity of CuO, presumably on account of the large 
mass of fine copper wire. Therefore, there was no 
need for preparing the CuO by other elaborate 
methods.” The usual temperatures at which the 
oxide train is kept by various investigators range 
from 300° to 340°C, except in two cases, where 600° 
and 400°C respectively are preferred.” Oxidation 
of gases can also be accomplished by ignition with 
oxygen,”** or by manganese dioxide.” 

The gas mixture, now consisting of H.O, CO,, and 
N., is analyzed by selective absorption of H,O with 
P.O;, and CO, with ascarite. The P.O; tower, 51 mm 
OD and 14 cm high, is charged with three layers 
of 8 mm hollow beads. The first and third layers 
are clean; the middle layer is shaken first with a 
small amount of P.O; in a bottle and then poured 
in position with a long-stem funnel in order to avoid 
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any contact of P.O, with the upper portion of the 
neck. The tower is connected to the apparatus with 
two ball and socket joints, J, 15 mm ID, which are 
tightened with special neck clamps and then sealed 
with mercury retained in the rubber cups. Each 
charge of P.O, is sufficient for analyzing at least 80 
samples. Magnesium perchlorate, recommended 
elsewhere,” “ ” was tried, but later abandoned be- 
cause it yields a high blank by releasing moisture 
in view of the fact that the equilibrium pressure of 
water above this compound is 2x10° mm Hg. The 
tower, L, was charged with —8 +20 mesh ascarite 
previously dried and degassed under vacuum and 
mixed with coarse BaO over which pressure of 
water vapor is 10“ mm Hg. Each charge of ascarite 
was sufficient for analyzing 60 to 80 samples.* 


*In a new apparatus, built at the University of Pennsylvania a 
liquid air cooled U-tube was substituted for ascarite tower. Simi- 
larly, PxO; tower was substituted by a U-tube cooled with either 
partially frozen methyl? or ethyl alcohol. It is felt that P2O; and 
ascarite are less laborious than the refrigerants. Selective freezing 
alone!7, 28, 34, 36, 37, 40,43 or in combination with selective absorp- 
tion,” 39, 42 mass spectrometry,44 and isotopic dilution‘. 46 have also 
been used by various investigators. 


Mercury vapor pump No. II is used for circulating 
the gases and evacuating the system in series with 
a mechanical pump. It has a well defined outlet and 
a speed of 3 liters per sec, and it is capable of 
pumping against 20 mm of pressure. 

Six cutoffs permit the manipulation of extracted 
gases. The cutoff 2 is at a higher level than 6 so 
that either 6 alone or both 2 and 6 can be closed 
from the same mercury reservoir. The cutoffs are 
easier to maintain and to operate, and safer than 
the vacuum stopcocks. 

The stopcock, N, has one large hole of 14 mm for 
evacuation and two small holes for admitting puri- 


Table I. Reduction of Oxides 


Reduc- 
Run Wtin Size of tion, Error, Graphite 
Alloy No. Mg Mesh Pet Ppmg Oxide# 
AlsOz 33 6.58 —80 +100 82.4 — 13.7 
43 4.20 —150 +200 90.2 — 9.5 
44 3.04 —150 +200 85.0 — 115 
46 1.57 —150 +200 87.5 — 10.8 
20* 0.58 —400 101 + 0.3 0 
25* 0.93 —400 102 +0.9 0 
297 3.89 —600 100 0.0 0 
307 3.10 —600 99.7 —0.4 0 
317 3.02 —600 99.0 —1.4 0 
327 2.71 —600 99.6 —0.5 0 
21 7.58 —600 92.0 —- 0 
22¢ 6.00 —600 74.6 0 
23t 4.07 —600 70.0 — 0 
24t 2.90 —600 72.0 — 0 
26 1.50 —400 97.6 —1.5 ST 
28 1.93 —400 99.6 —0.4 1.8 
27 9.65 —600 98.4 —7.3 4.1 
34 6.43 —600 99.0 —3.0 11.5 
35 6.08 —600 99.5 —1.4 8.3 
40 7.40 —600 98.3 —6.0 15.3 
: 41 15.26 —600 98.9 —7.9 3.95 
SiO» 52 5.05 —150 +200 98.7 —3.5 10.0 
47 5.47 —400 86.0 — 0 
387 5.34 —400 100.2 +0.6 0 
42+ 5.44 —400 98.4 —4.6 0 
50 5.32 — 400 98.6 —4.5 8.9 
53 11.05 —400 99.2 —4.2 4.3 
54 6.24 —400 98.5 —5.0 10.9 
8* 11.01 —600 100.1 + 0.4 0 
45 9.51 —600 99.2 —3.0 0 
U3Os 65 6.02 —600 98.5 —1.4 0 
FesO3 62 3.60 —600 97.0 —3.2 0 
64 1.57 —600 100 0.0 0 
66 6.22 —600 98.4 —3.0 0 
67 15.23) —600 100 0.0 0 


*In crucible A, Fig. 3, all others in crucible B. 


j Without graphite powder but distributed in five small holes in 
one capsule. 


t Without graphite powder but in a regular capsule, i.e., the 
powder was in one hole. 


§ Ppm = parts per million O on a 10-g sample. 
# Graphite powder, —325 mesh, contains 0.0025 mg O per mg; 
the capsules, 0.002 mg O per mg. ry 
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Fig. 2—Alternate 
arrangement of 
furnace. A, disk of 
sheet steel shield, 
held and moved with 
a small magnet; D, 
steel mercury re- 
tainer; F, graphite 
stopper; G, graphite 
crucible; and H, 
magnet. 


INCHES 


fied air to break the vacuum. It is connected to a 
Cenco Hyvac pump capable of yielding a vacuum 
of 0.1p. 

The measurement of gases is made by using the 
n-butyl phthalate manometer, K, described by Hick- 
man and Weyertz" and used in some analytical ap- 
paratuses.” * * The manometer contains only 3 ml 
of the fluid previously boiled under vacuum. The 
advantage of the manometer is that, unlike the vac- 
uum gages, it measures the pressure readily, directly, 
and continuously. 

A McLeod gage, originally connected to the glass 
head, B, was later dismantled because any change 
of pressure in the furnace is related to the rate of 
gas collection measured with the manometer, K. 

Extracted gases are measured in two volumes 
designed to contain 200 and 1600 ml, and calibrated 
with an accuracy of +0.4 pct by admitting known 
amounts of dry nitrogen from two calibrated bu- 
rettes. Temperature correction of the calibration 
is made by using the ideal gas law, and the varia- 
tion of density of butyl phthalate with temperature.” 
The small volume is bounded by the cutoffs 3, 4, 
and 5, and the large volume by 3, 4, and 6. 

The apparatus is mounted on a rigid, all-steel 
frame, 40 x 60 in., with only 10 clamps. Excessive 
clamping or wiring is undesirable. With this arrange- 
ment, no failure of the glassware was observed over 
three years of operation. 

It should be noted that the apparatus has a mini- 
mum number of joints, and the shortest possible 
connections. It is simple, compact, easy to maintain 
and to operate, and free from unnecessary traps, 
volumes, vacuum gages, stopcocks, mercury vapor 
pumps, and time-consuming Toepler pumps. 


Operation 


The graphite crucible and powder were degreased 
and dried by heating to 600°C in an oven and then 
packed loosely into the previously cleaned furnace 
tube, E. The samples were polished to “00” paper, de- 
greased, weighed, and loaded into C with forceps. 
In sampling, care was taken to obtain a representa- 
tive section with a minimum ratio of surface to 
weight since iron and steel*” and molybdenum” 
may contain 1.5x10° to 4x10° g per sq cm; cast 
iron,” 8.9x10~ g per sq cm; and the steel shavings,” ™ 
up to 5x10~ g per sq cm oxygen. The furnace tube was 
assembled and the apparatus was evacuated with 
the mechanical pump. The cutoffs 1, 2, 5, and 6 
were closed; CuO furnace was turned off and pump 
No. I was turned on. The induction current was 
turned on to degas the graphite at 2100°C, at which 
the optical reading of the exterior of E was less than 
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Fig. 3—Graphite 
crucibles. 
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950°C. One hr later the CuO furnace and pump 
No. II were turned on and, shortly after, 2 and 6 
were opened. At the end of 2% hr of degassing, 
2, 3, and 6 were closed and 1 was opened, and the 
crucible was brought to the operating temperature 
of 1570°C. A blank was taken by closing 4 and 
starting a stopwatch. If the rate of gas collection 
was less than 0.01 ml in 15 min, degassing was dis- 
continued. 

The apparatus was then ready for analysis. The 
cutoff 1 was closed, and a stopwatch was started. 
The power was turned off for 1144 min to cool the 
crucible to 1200°C. The cutoff 4 was opened to dis- 
card the blank. A sample was dropped by means 
of a magnet into the crucible, and the power was 
turned on to heat it slowly to 1570°C. After 8 min, 
4 was closed, and 1 and 3 were opened to circulate 
the gas through CuO and P,O;. The extraction of 
gases was almost complete in 10 min but experience 
shows that an additional period of 10 min makes the 
blank much lower and consistent. At 12 min, 3 was 
closed and gases were collected in the small volume. 
When the manometer, K, read more than 18 cm, 5 
was opened to expand the gases into the large vol- 
ume. At the end of 20 min of total extraction time, 
1 was closed and another sample was dropped in 
the crucible. While the gases from the second sample 
were being extracted, the cutoffs were brought to 
the marked levels, and the manometer was read. 
Then 6 and 2 were opened for circulation through 
the ascarite, L, for 2 min. The remaining gas, 1.e., 
nitrogen, was collected for 2 min by closing either 
5 or 6 only, and the manometer was recorded. Later, 
4 and 6 were opened and 5 was closed to evacuate 
the system for 3 min, and then 2 and 4 were closed 
and 1 was opened to admit the next gas sample. In 
this manner, during each day 10 to 15 samples were 
consecutively analyzed. 

Usually, after the first, seventh, and twelfth sam- 
ples, blanks were taken and analyzed in exactly the 
same manner as a metal sample. The blank was of 
the order of 0.05 ml per hr, and contained approxi- 
mately equal amounts of CO and N,, which are 
equivalent to 0.6 ppm O and 1.0 ppm N in a 10 g 
sample analyzed in 20 min. The analytical side con- 
tributed no measurable blank. 

Comparison with Blanks in Other Apparatuses— 
The amount of blank depends, among other factors, 
mainly upon the size of graphite parts and the 
manner of shielding, degassing time and tempera- 
ture, the extracting time and temperature and, par- 
ticularly, spattering. Some investigators report the 
blank from the furnace only and not from the entire 
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Table II. Oxygen Contents of the Bureau of Standards 


Samples 
Bureau of 
Bureau of Maximum Standards 
Standards Oxygen, Determi- Deviation, Acceptable 
No.* Pct nations Ppm+ Range 
0.0180 5 £5 0.016 to 0.020 
3 0.0176 6 +5 0.012 to 0.018 
0.0196 6 +9,—7 0.014 to 0.020 
4 0.0031 5 +2, —3 0.001 to 0.004 
5 0.0101 en +3, —6 0.007 to 0.011 
6 0.0073 5 =E3 0.005 to 0,008 
7 0.1116 4 +6, —15 0.100 to 0.110 
8) 0.0183 5 +8, —5 0.015 to 0.019 


* Steels 2, 3, and 4 contained 1.15, 0.72, and 0.65 pct Mn; others, 
less than 0.5 pct. 
+ Ppm = parts per million = 0.0001 pct. 


apparatus. It should be noted that the apparatus 
in Fig. 1 was designed to combine a substantially 
large blank of 0.02 ml per hr from CuO with 0.03 
ml per hr from the furnace, which represents the 
entire blank in the system except for a small amount 
of hydrogen. In some cases, only the blank from 
the empty crucible is reported. The author found 
that the blank from the empty crucible increased 
from 0.015 to 0.03 after dropping a sample. Simi- 
larly, Alexander et al.“ found an increase of 0.03 
to 0.06 ml per hr; and Mallett and Griffith,” 0.006 
to 0.03 ml per hr. The blank in the present appa- 
ratus is comparable to that in other apparatuses 
containing similar masses of graphite. For detailed 
comparison reference should be made to the sum- 
maries of blanks by Thompson et al.” and Alexander 
et al.* 

For accurate determination of gases, blank pre- 
ferably should be less than 0.1 ml per hr and con- 
sistent. Recent apparatuses, using induction heating, 


Reduction of oxides and absolute 


accuracy of results 


The absolute accuracy of the vacuum-fusion anal- 
ysis has not been directly established. Previous in- 
vestigators attempted to correlate the results with 
those obtained by the hydrogen reduction and the 
wet extraction method in order to determine the 
accuracy. While this has been quite fruitful in the 
analysis of nitrogen, the oxygen values were not 
sufficiently concordant to establish a reasonable 
limit of accuracy as reported, for example, by 
Thompson et al.” 

Previous attempts to extract oxygen from encap- 
sulized oxides have not been precise and complete 
enough to be used as a means of determining the 
accuracy of analysis. 

The absolute accuracy was established as follows: 
1) The conditions were determined under which it 
was possible to recover oxygen completely from the 
powders of SiO., Al,O;, TiO,, Fe,O,, and U,O;. 2) 
Known amounts of these oxides were encapsulized 
and analyzed in order to determine the accuracy of 
the method. The oxygen contents of the Bureau of 
Standards steels were standardized by analyzing 
them with these capsules. 3) The limits of inter- 
ference of manganese, aluminum, and titanium with 
oxygen and nitrogen determinations were estab- 
lished by using the standardized steels. 

Reduction of Oxides—Numerous attempts were 
made by various investigators to recover oxygen 
from various oxides. The results 
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were erratic, incomplete, or not reproducible, mainly 
because the violent initial reduction ejected the 
oxides from the open top crucibles, and the powder 
coagulated in the retaining capsule and in the 
graphite crucible. 

Ericson and Benedicks” found that the recovery 
of oxygen was 40 to 70 pct because some powder 
was ejected from their open crucible. However, by 
using a crucible with a lid, they were able to obtain 
quantitative yields for a number of oxides, though 
the yield for Al,O, was 92 pct or less. If the initial 
temperature of their crucible was high, the reaction 
was so violent that the ejection of oxide was un- 
avoidable. Sloman” used a similar crucible with 
a lid and concluded that quantitative recovery of 
oxygen was accomplished for all the oxides, except 
86 to 95 pet of Al,O.. 

Ziegler” showed that —600 mesh powders of 
SiO, and Al,O, were almost entirely unreduced at 
1600°C; by increasing the temperature to 1800°C, 
SiO, was partially reduced and Al,O, was virtually 
unreduced. He observed that the coagulation of 
powder into a small bead apparently made the re- 
duction difficult. By mixing the powder with in- 
creasing amounts of graphite powder, thereby pre- 
venting coagulation, he was able to obtain up to 
96.6 pct O from SiO, and 91.5 pct O from Al,O,, 


though a part of this oxygen must have been ob- 
tained from the graphite powder, as pointed out by 
Reeve” and confirmed in this investigation. 

Experimental Procedure—Pure analyzed oxides 
of various particle sizes were prepared and dried. 
The cylindrical capsules, ¥% x % to 5/16 x 5/16 in. 
and weighing 0.3 to 3.5 g, with holes sufficiently 
large to leave a thin sturdy shell, were made from 
double vacuum-melted 0.3 pct C steel containing 
0.002 mg O per g. A tightly fitting, precision-ma- 
chined plug was scratched superficially to permit 
the escape of trapped air. 

The oxide was carefully placed into the capsule 
and weighed on a microbalance to +0.01 mg, i.e., 
roughly equivalent to +% ppm O in a 10-g sample. 


Graphite powder was also charged and weighed 
similarly if its addition was desired. The charge 
was mixed thoroughly and carefully with the head 
of a cleaned pin and reweighed to note any loss, 
which was ordinarily of the order of 0.03 mg or less. 
A correction was made by assuming that the graph- 
ite and the oxide were lost proportionately by ad- 
hering to the pin. The plug was forced in halfway 
and the capsule was placed in the apparatus and 
dropped into a crucible containing 20 g degassed 
iron for reduction. Each crucible was used for the 
reduction of a single capsule, except when the re- 
covery of oxygen was complete. 


Table III. Nitrogen Contents of the Bureau of 
Standards Samples 


Bureau of Standards 


Bureau of 


Maximum Vacuum Solution- 

Standards Nitrogen, Deviation, Fusion, Distil- 
No. Pet* Ppm Averaget lation 
1 0.0028 +4 0.0026 0.003 
2 0.0039 +4 0.0039 0.006 
3 0.0162 +4, —6 0.0135 0.016 
4 0.0040 cE6 0.005 0.005 
5 0.0042 +6, —5 0.004 0.005 
6 0.0045 +4, —5 0.0044 0.005 
7 0.0053 +4, —5 0.005 0.005 
8 0.0041 +4, —2 0.0038 0.004 


* Based on the number of determinations in Table II. 
+ Average of six cooperators. 
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All the preliminary results on SiO, and Al,O, 
ground to various size powders of —80 mesh showed 
that without the graphite powder the yield was 1) 
incomplete and erratic, more in crucible A than in 
B, 2) somewhat higher at 1800°C, but still incom- 
plete, 3) lower with increasing weight of oxide from 
5 to 30 mg, 4) considerably lower when the sample 
was dropped into a crucible at 1570° than when the 
temperature was first lowered to 1200° and then in- 
creased to 1570°C slowly. When a capsule was 
dropped into a hot crucible without lowering the 
temperature, the initial reduction was so violent 
that, even when the crucible B was used, the pow- 
der was ejected. For example, 10 sec after a capsule 
containing 18.14 mg Fe.O, was dropped into such a 
crucible the reaction was so rapid that the lid was 
pushed up by the surging gas and nearly half of the 
oxide was blown out, as indicated by only 62 pct O 


recovery. Further, it was possible to observe the 
ejected red powder on a swab rubbed on the upper 
portion of the furnace tube. After each sample the 
crucible was broken and examined carefully. It was 
found that the powders of Al,O; or SiO,, but not 
Fe.O;, were apparently sintered into very small 
globules and had been either floating on the metal 
- or spattered on the inner surface of the crucible. 
Addition of graphite powder, as suggested by Zieg- 
ler,“ increased the recovery considerably, but the 
results were still erratic. 

On the basis of the preliminary results, it was 
found that the conditions necessary for complete 
recovery of oxygen are 1) mixing the oxide thor- 
oughly with the graphite powder of —325 mesh, 2) 
using the crucible B, especially for large amounts of 
oxides, and 3) lowering the temperature to 1200° 
before dropping the capsule and then heating slowly 
tor 

Results—tThe results are presented in Table I. Re- 
duction of various particle size Al,O; shows that, 
even after 30 min of extraction, the oxides coarser 
than 200 mesh reduced slowly and incompletely. 
Also, —80 +100 mesh oxide reduced much slower 
and less completely than —150 +200 mesh oxide. 
The reduction continued beyond the values given 
in the table, but complete recovery would have re- 
quired 2 hr or more. For example, run No. 43 
reached 99 pct reduction after 110 min. Since large 
inclusions of —150 +200 mesh size, ie., 0.1 mm, 
have very seldom been observed in any steel, there 
should be no cause for concern. In addition, when 
the reduction was not complete, the blank was five 
to ten times higher than the usual value. Therefore, 
the presence of any such unreduced inclusions 
should be detectable. 

The oxide in run Nos. 20 and 25 was not mixed 
with graphite powder but, because of its small mass, 
it was reduced without difficulty even in crucible A. 
In run Nos. 29 to 32, the oxide was distributed in 
a capsule containing five separate holes, and again 
the reduction was rapid and complete, but when 
similar amounts of oxides were placed in one hole, 
as in run Nos. 21 to 24, the reduction was slow and 
incomplete because of the coagulation of particles. 
In the remaining runs the oxide was intimately 
mixed with the graphite powder and in every case 
satisfactory oxygen recovery was made. Since the 
inclusions are distributed throughout the metal, it 
is impossible for them to agglomerate before being 
reduced on the basis of evidence presented in Table 
I. Actually, without graphite powder, AlO,; and 
SiO, were agglomerated before they were released 
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Table IV. Interference of Manganese 


Run Pct Mn* Standard 
No. in Melt Steel No. Oxygen, Pct Nitrogen, Pct 
ral 6.3 2 0.0116 0.0039 
72 3.9 2 0.0116 0.0040 
7 0.0990 0.0052 
81 2.8 2 0.0159 0.0041 
81 2.8 2 0.0160 0.0038 
73 2.2 2 0.0146 0.0038 
73 7 0.1095 0.0050 
74 1.6 2 0.0173 0.0040 
74 1.6 2 0.0174 0.0043 


* Carbon-free basis. 


from the capsule and spread uniformly on the sur- 
face of the melt, as observed in a simple cylindrical 
crucible without lid. 

Examination of the data on the reduction of SiO, 
shows that SiO, and Al.O, behave in a similar man- 
ner. 

Reduction of TiO., U,Os, and Fe,O, did not present 
any difficulty whatsoever. Mixing these oxides with 
graphite powder was apparently unnecessary. 

Absolute Accuracy of Analysis—The absolute ac- 
curacy of oxygen analysis, estimated from Table I, 
is +0.9 and —8 ppm in a 10 g sample, and the error 
is less than +2 and —3 pct of the entire oxygen. The 
average error is +0.6 and —3 ppm. The graphite 
powder introduced additional errors in weighing 
and in gas content by yielding 0.0025 mg O per mg. 
Therefore, the capsules without the graphite powder 
are subject to lower errors. Thus, it may be signifi- 
cant that the accuracy without the added graphite 
powder is identical with the average error, and that 
the absolute error in oxygen determination, there- 
fore, is probably closer to +1 and —3 ppm than the 
maximum error of +1 and —8 ppm. 

Reduction of oxides in steel capsules dropped into 
a graphite crucible containing various alloying ele- 
ments is expected to simulate the conditions for the 
oxygen analysis of iron and steel. Similarly, titanium 
capsules charged with TiO, and analyzed in the 
same manner should also simulate the analytical 
conditions for titanium, as will be reported later. 


Analysis of the National Bureau of 


Standards steel samples 


The National Bureau of Standards selected eight 
steels, described by Thompson et al.,” for an exten- 
sive cooperative study of various methods for the 
determination of oxygen and nitrogen. The results 
for oxygen were reviewed and an acceptable range 
was established for each steel. For comparison, ex- 
tensive results on oxygen and nitrogen contents of 
the eight steels have been obtained in this investiga- 
tion. Representative samples from both ends of each 
bar were prepared as recommended. The diameter 
of 1-in. bars was reduced uniformly to 0.95 in. and 
that of No. 7 bar to 1.25 in. on a lathe. A disk weigh- 
ing 10 g was cut on a lathe, polished, sheared (not 
sawed) to two or four pieces, degreased, and used 
entirely for a single determination. 

Analysis of Oxygen—tThe results for oxygen are 
shown in Table II.’ Two or three determinations for 
each steel were made in crucible A and three or 
four in crucible B. Close agreement in the results 
show that both crucibles are equally satisfactory. 


- The maximum deviation is only slightly higher than 


the maximum absolute errors determined by the 
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Table V. Effects of Water Cooling and Tin on 
Manganese Interference 


Run Pct Mn* Standard Oxygen, Nitrogen, 
No. in Melt Steel No. Pet Pct Remarks 
88 _- 2 0.0176 0.040 No water 

2 0.0180 0.039 cooling, 

2 0.0177 0.043 crucible 
empty at 
start. 

Add 1.5¢g 
Sn. 

2 0.0176 0.030 

3 0.0198 0.146 

3 0.0195 0.150 

83 —_— 2 0.0172 0.0044 Water cool- 

2 0.0157 0.0042 ing, crucible 

2 0.0134 0.0041 empty at 

2 0.0130 0.0039 start. 
Add1.5¢g 
Sn. 

2 0.0178 0.0023 

89 5.4 2 0.0177 0.0020 No water 

2 0.0177 0.0018 cooling, add 
2 g Sn be- 
fore each 
sample. 


* Carbon-free basis. 


encapsulized oxides. It is believed that part of the 
deviation must be due to the heterogeneity from one 
disk to another, as judged from the excellent re- 
producibility in 41 duplicate analyses reported else- 
where for specially prepared small and homogene- 
ous ingots.” Three capsules of Fe,O;, run Nos. 64, 
66, and 67 in Table I, were analyzed with the stand- 
ard samples to ascertain the accuracy of results. 

Comparison with the Bureau of Standards accept- 
able range shows that the author’s values either 
exceed or lie very near the upper limit. The accept- 
able range was based upon 14 complete reports from 
the cooperators using various vacuum fusion ap- 
paratuses. In four of these reports, representative 
entire disks were not taken from the bars. The 
necessity for using the entire cross section is il- 
lustrated as follows: 

a) Steel 1: complete cross section, 0.019 pct; the 
core (0.357 in diam), 0.033 pct. Steel 7: complete 
cross section, 0.112 pct; the core (0.494 in.), 0.128 
pet, as reported by Thompson et al.” 

b) Steel 2: the core (0.375 in.), 0.032 pct; and 
the ring (0.95 in. OD, 0.20 in. wide), 0.014 pct. Steel 
7: the core (0.494 in.), 0.127 pct; the ring (0.125 in. 
OD, 0.25 in. wide), 0.099 pct, as obtained by the 
author. 

Further, the microetched cross sections show that 
the segregated area is neither circular nor located in 
the center. Therefore, samples other than the entire 
disks cannot be satisfactory, (see Fig. 1, Ref. 26). One 
cooperator reduced the diameter of each bar to 1 cm 
by forging, and three others had high blanks rang- 
ing from 0.0033 to 0.008 pct O per sample. The re- 
maining six cooperators used crucibles without ade- 
quate precaution against spattering. For similar rea- 
sons, no comparison is made with other results since 
1937. The low results were undoubtedly due to 
spattering, which not only causes the loss of metal 
but also makes the blank high and quite erratic. 
The author’s preliminary experiments with simple 
cylindrical crucibles showed that when steels 3, 2, 
and especially 7, were melted, spattering ejected 
globules of metal as large as % in. in diam and the 
results were quite low. Accordingly, and on the 
basis of new results in Table II, the acceptable 
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range, which was chosen arbitrarily and based upon 
questionable results, is no longer acceptable. It is 
suggested that the present set of standard samples 
be abandoned, and a new set be established. In pre- 
paring the new standard samples, it wolud be de- 
sirable to have 1) the ranges of composition in the 
neighborhood of 0.005, 0.02, 0.05, and 0.15 pct O, 


0.005, 0.02, 0.05, and 0.1 pet N, and possibly with 


various amounts of manganese, aluminum, chro- 
mium, and titanium; 2) the steel bars in the neigh- 
borhood of 1% in. for convenience in handling, rather 
than the existing standard bars of 1 and 1% in., and 
3) the cooperative analytical results correlated with 
those from the new and recent methods which have 
been considerably improved since 1937. 

Analysis of Nitrogen—The results for nitrogen in 
Table III agree with the average values of the co- 
operators in the fourth column for all steels except 
No. 3, for which the loss of nitrogen by spattering 
was indicated by Thompson et al. The agreement 
with the results by the solution-distillation method 
of one cooperator is fairly good in all but one case. 

The accuracy of nitrogen determination is prob- 
ably of the order of +5 ppm, although this has not 
been determined by analyzing nitride powders in 
capsules. 


Analysis of other metals and alloys 


The analysis of various metals and alloys can be 
carried out by using an iron bath of sufficient mass 
to dilute the nonferrous metals. The accuracy of re- 
sults may now be checked by analyzing one of the 
standardized steels after each sample. Titanium has 
successfully been analyzed in this manner, as will 
be described in a forthcoming paper. Similarly, 
copper, nickel, and cobalt samples have been ana- 
lyzed without any difficulty. 

- Details of analysis have been published for cop- 
per,“*® titanium,”** molybdenum,*®” and_ other 
metals? 


Interference of elements 


Volatile elements, such as manganese and alumi- 
num, vaporize and then condense on the cooler parts 
of the apparatus where they absorb the gases 
evolved from the crucible. Titanium, zirconium, and 
some other metals, however, interfere by their 
great affinity for oxygen and nitrogen. In this sec- 
tion, the interference of manganese, aluminum, and 
titanium is presented, and the effects of other met- 
als are briefly reviewed and discussed. 

The experimental procedure consisted of melting 
45 to 50 g of an alloy of iron, containing known 
amounts of the interfering metal, in a degassed cru- 
cible with a lid, and then allowing 40 min for ade- 
quate vaporization of the volatile metals. A blank 
was then taken for 20 min, and the standard steel 
samples were analyzed to determine the interference 
with oxygen and nitrogen. 

Interference of Manganese—The results for man- 
ganese, given in Table IV, show clearly that the 
interference with oxygen at 1.6 pct Mn disappears. 
It is recommended that manganese be kept below 
1.5 pet. At 2.2 pct Mn, a sample of steel 2 shows the 
interference better than steel 7 containing much 
higher oxygen. 

The effect of water cooling of the furnace tube on 
the intensity of manganese interference is presented 
in Table V by the results on steel 2, which contains 
1.15 pet Mn. In run No. 88, without water cooling, 
the three successive analyses of steel 2 gave very 
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nearly identical results whereas, in run No. 83, 
with water cooling, only the first result is satisfac- 
tory; the remaining three are definitely low. It is 
evident, therefore, that the water cooling is undesir- 
able. (Compare also run Nos. 73 and 81 with run 
No. 83.) Further, the addition of a water-jacket un- 
necessarily complicates the apparatus and the ma- 
nipulation of the furnace tube. It appears, however, 
that water cooling decreases the blank by one third, 
but this is a minor advantage. 

The beneficial effect of tin, fully recognized by 
Ericson and Benedicks,”“ and later used by others, 
is illustrated by run No. 89, and the last sample of 
run No. 83. In all cases, a small amount of tin was 
dropped into the crucible, degassed 15 min, and a 
blank taken before analyzing the steel sample. After 
the addition of tin, the blank was more than 
doubled. Larger amounts of tin were found to be 
objectionable since they make the blank undesir- 
ably high because of arcing on the metallic film. 
While tin permits complete recovery of oxygen by 
covering the film of manganese, it decreases the 
amount of nitrogen by 12 to 21 ppm. Therefore, it 
is recommended that manganese be diluted when- 
ever possible. It may also be added that manganese 
does not interfere with nitrogen, as shown by the 
agreement between Tables III and IV. 

Interference of Aluminum—Similar results on 
aluminum are given in Table VI. They indicate that 
at 0.9 to 2.2 pct, not only oxygen but also very large 
amounts of nitrogen were lost. It is suggested that 
aluminum in the bath be kept at or below 0.2 pct, 
and that the aluminum bearing samples be analyzed 
laste 

Interference of Titanium—The results show that 
below 1 pct Ti the recovery of oxygen and nitrogen 
are satisfactory, but at 1.2 pct Ti both are slightly 
but noticeably low. At 8 pct Ti in the melt, steel 2 
gave only 0.0027 pet O and no nitrogen. 

Comparison with Other Investigations—A com- 
parison of the interference of manganese, alumi- 
num, and titanium in this investigation with other 
investigations cannot lead to quantitative conclu- 
sions due to the fact that the details of apparatus 
and operation play important roles. A brief review 
and discussion of other investigations is therefore 
sufficient. 

Bardeheuer and Schneider” and Ericson and 
Benedicks” operated successfully up to 1 pct Mn in 
the crucible, Diergarten”” up to 0.6 pct Mn, and 
Vacher and Jordan” up to 0.25 pet Mn. Thanheiser” 
observed that 0.5 pct Mn in steel did not vitiate the 
oxygen values of 0.023 pct, provided that the fur- 
nace tube was not water cooled. When 2.4 pct Mn 
was added with the same steel samples, he ob- 
tained 0.019 pct O without water cooling, and only 


0.0007 pet O with water cooling. Similarly, Korber® 


showed that the standard steel No. 2 yielded 0.007 
and 0.018 pct O with and without water cooling, 


respectively. 

Sloman,” on the basis of consecutive analyses of 
a 13 pct Mn steel, claimed that only one, at the most 
two, samples of 12 to 15 pct Mn steel may be ana- 
lyzed safely. Because of the very low oxygen con- 
tent of his steel, i.e., 0.002 or 20 ppm, this conclusion 
is questionable. He also analyzed* an 8 pct Mn 
steel and stated that, with water cooling, the results 
were satisfactory up to four consecutive samples 
and that without water cooling only the first sample 
was reliable. Unfortunately, this statement is not 
accompanied by the individual oxygen analyses and, 
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besides, it is in disagreement with this and other in- 
vestigations.”’* 

Hessenbruch and Oberhoffer’” pointed out that 
rapid extraction of gases from the furnace mini- 
mizes the interference of metallic films. Raine and 
Vickers” showed that with approximately 4 pct Mn 
in the melt, and a pumping speed of 15 liters per 
sec, four consecutive samples were satisfactory, but 
when the pumping speed was decreased by a factor 
of 6, results were strikingly lower. 

The interference of aluminum in excess of 0.2 pct 
in the crucible was observed by Diergarten.”” Eric- 
son and Benedicks™ considered that aluminum up to 
2 pct in the melt was harmless, though their oxygen 
values were somewhat scattering. Sloman” stated 
that for safety the limiting concentration of alumi- 
num should be 10 to 15 pct. This statement, how- 
ever, is not based on rigorous experimental data. 

Interference of Other Elements—Sulfur up to 0.17 
pet does not volatilize from the melt, as shown by 
Jordan and Eckman.’ Hessenbruch and Oberhof- 
fer" observed no effect up to 0.05 pct S, but above 
this concentration they detected CS, and H.S in 
their gases. Hamner and Fowler” claimed that sul- 
fur in excess of 0.05 pct is lost as COS and they 
proposed a preliminary method for analyzing this 
gas. 

Thanheiser and Muller,“ Eilender and Diergar- 
ten,” and Vacher and Jordan” reported that silicon 
up to 4 pct in the melt does not affect the recovery 
of oxygen. Diergarten,”” Bardenheuer and Schnei- 
der,” and Derge and Omori” observed no difficulty 
with their melts containing 6.4, 6.7, and 2.5 pct Si, 
respectively. 

Wolfram, molybdenum, chromium, cobalt, nickel, 
and vanadium at moderate concentrations are not 
expected to interfere.” 

Severe interference of 5 pct Cr in an iron bath, 
seemingly observed by Horton and Brady,” who 
analyzed encapsulized Cr.O;, is questionable be- 
cause of the loss of Cr.O; powder from their open 
crucible. Phosphorus apparently does not cause any 
difficulty up to 0.26 pet.” 

Remarks on the Analysis of Hydrogen—The ap- 
paratus described here has also been used for the 
analysis of hydrogen by dropping the samples into 
a bath of tin and extracting hydrogen only. For this 
purpose the P.O; tower was replaced with a refrig- 
erated U-tube for freezing H.O and later vaporizing 
it for analysis. 


Summary and conclusions 


The description and operation of an accurate, 
simple, and convenient apparatus, designed and im- 
proved during the past three years, have been pre- 
sented in detail. A fairly comprehensive review of 
literature has been valuable in this work. 

It has been demonstrated that the recovery of 
oxygen from the powders of Al,O;, SiO., TiO., UzO., 


Table VI. Interference of Aluminum 


Run Pet Al Standard 
No. in Melt Steel No. Oxygen, Pet Nitrogen, Pct 
17 2.2 3 0.0156 0.0019 
3 0.0170 0.0017 
73 2.0 2 0.0118 0.0010 
75 0.9 2 0.0132 0.0017 
92 0.4 2 0.0160 0.0042 
2 0.0165 0.0040 
80 0.2 2 0.0179 0.0044 
3 0.0195 0.0156 
78 0.1 3 0.0190 0.0156 
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and FeO, is complete under carefully controlled 
conditions. 

The absolute limits of error in oxygen deter- 
mination, established by means of encapsulized 
oxides, is +1, —8 ppm maximum, and +1, —3 ppm 
average on the basis of 10-g samples. 

The Bureau of Standards steels have been repeat- 
edly analyzed for oxygen and nitrogen. The results 
show that the acceptable range for oxygen is low 
and undesirably wide, and therefore a new set of 
standards is needed. 

Complete recovery of oxygen necessitates the use 
of crucibles capable of eliminating spattering en- 
tirely. 


It has been shown that 1) the presence of man- 
ganese, aluminum, and titanium in the iron melt, 
up to 1.6, 0.2, and 1.0 pct, respectively, does not 
interfere with the determination — of oxygen and 
nitrogen, 2) the interference of manganese 1s mag- 
nified by the water cooling of the furnace tube, and 
3) addition of tin eliminates the absorption of oxy- 
gen by manganese, but the tin absorbs a noticeable 
quantity of nitrogen. 
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Technical Note 


Prolonged Oxidation of Zirconium at 350° and 450°C 


by Robert G. Charles, Sidney Barnartt, and Earl A. Gulbransen 


INETICS of the reaction of zirconium with pure 

oxygen at elevated temperatures have been 
studied by several workers for periods of time up 
to 6 hr."* In two cases,” * the experimental values 
of oxygen uptake, w, as a function of time, t, were 
best fitted to the parabolic rate law w® = k,t + con- 
stant. In others,* * the cubic rate law w* = k,t + 
constant, showed better agreement. The most re- 
cent data of Gulbransen and Andrew‘ indicate that 
the choice between the parabolic and cubic laws for 
empirical representation of the data will often be 
arbitrary. This is particularly true if the first few 
minutes of the reaction with a clean zirconium sur- 
face is attributed to a different oxidation mechanism, 
_for deviations from either rate law were found pri- 
marily during the initial period. Thus, the kinetics 
of this reaction have been too uncertain to permit 
safe extrapolation to oxidation periods of practical 
interest (many hundreds of hours). 

The data to be described are of interest, for they 
indicate that the cubic rate law applies over long 
oxidation times. The reaction of zirconium with 
oxygen at.1 atm pressure was followed at 350° and 
450°C for 500 and 200 hr, respectively. Abraded 
test specimens of pure zirconium sheet* 3.0 x 2.0 X 
0.012 cm in size were oxidized by the procedure 
previously described,” which included periodic cool- 
ing to room temperature for weighing. The surfaces 
were polished to a 4/0 finish using polishing paper 
wet with kerosene, then wiped with petroleum ether 
and washed in redistilled acetone. 

Fig. 1 shows plots of log w vs log t. Each curve 
represents the average of duplicate measurements, 
and deviations from the average were generally less 
than 3 pet. The cubic rate law (slope = 1/3) is 
closely followed. The rate constants, 5.2; X 10° and 
24, 10¢ (mg per hr at 350° and 450°C, 


il 
respectively, are plotted as log k, vs 7 in Fig. 2, 


together with cubic constants calculated from the 
data of Gulbransen and Andrew‘ for abraded speci- 
mens from the same lot of zirconium. Their data 
refer to runs of 6-hr duration at a pressure of 0.1 
atm O and under conditions of uninterrupted heat- 
ing. In spite of these differences, the latter data 
yield a straight line which appears to apply equally 
well to the new extended time data. The energy of 
activation for the oxidation process, calculated from 
the slope of this line, is 38 kcal per mole. This may 
be compared with the value of 47 kcal per mole 
' found by Belle and Mallett*® at higher temperatures. 
It may be concluded tentatively that extrapolation 
of short-term oxidation data for zirconium to obtain 
the long-term behavior is best done through the 
cubic equation w* = k.t + constant. 


R. G. CHARLES, S. BARNARTT, and E. A. GULBRANSEN, 
Member AIME, are associated with the Research Laboratories, 
Westinghouse Electric Co., Pittsburgh. 

TN 364E. Manuscript, July 9, 1956. 
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Fig. 2—Variation of cubic rate constant with temperature 
for oxidation of zirconium. 


References 


1, A. Gulbransen and K. F. Andrew: AIME Trans., 1949, vol. 
185, p. 515; Journat oF METALs, August 1949. 
2D. Cubicciotti: Journal Amer. Chemical Soc., 1950, vol. 72, Dp. 


4138. 
3J, Belle and M. W. Mallett: Journal Electrochemical Soc., 1954, 


vol. 101, p. 339. f 
and K. F. Andrew: Oxidation of Zirconium 


Between 400° and 800°C. AIME Trans., 1957, vol. 209, p. 394; JouR- 


NAL OF Metats, April 1957. 
5S. Barnartt, R. G. Charles, and E. A. Gulbransen: Oxidation of 


50 weight pct uranium-zirconium alloy, Journal Electrochemical 
Soc., 1957, vol. 104, p. 218. 


FEBRUARY 1958—101 


1.0 
8 
6 
4 


Activity Measurement in the System Iron-Chromium 


The activities of iron and chromium in their binary system have been measured by 
the Knudsen orifice technique. The system is close to ideal at 1200-1250 C ae plane 
positive deviations. The effect of this on the liquidus and solidus is discussed an ee 
are calculated for two limiting assumptions. The vapor pressure of pure iron, pure chro- 
mium, and one alloy is compared with that obtained by the Langmuir free-evaporation 
technique. The results agree, indicating a vaporization coefficient close to 1. 


by C. L. McCabe, R. G. Hudson, and H. W. Paxton 


HERE are no reported data on the thermody- 

namic activity of iron and chromium in the solid 
portions of the phase diagram. It is generally as- 
sumed’ that the liquid solutions of iron and chro- 
mium obey Raoult’s law. Chen and Chipman® have 
inferred that the liquid solution obeys Raoult’s law. 
The minimum’ in the solidus-liquidus curves for the 
iron-chromium system shows that there are devia- 
tions from ideality in either the solid or liquid or 
both. Because of the importance of developing re- 
liable techniques for obtaining activity data in alloy 
systems at high temperatures and of the data so ob- 
tained, an investigation of the activity of iron and 
chromium in the binary at 1200-1250 C was under- 
taken using the Knudsen cell. 


Experimental 

The apparatus and experimental procedures used 
in this investigation were described in a previous 
paper.” The various materials used for the con- 
struction of the Knudsen cell are listed in Table I. 

The metal used for the determination of the vapor 
pressure of chromium was 99.9 pct pure, obtained 
from A. D. Mackay, Inc. The iron was obtained as 
electrolytic grade from Fisher Scientific Company. 
The Fe-Cr alloys used are shown in Table II. 

The largest error and controlling factor in the ac- 
curacy in the experiments reported here are intro- 
duced because of temperature uncertainty, which 
is estimated to be +3 deg C. This introduces an un- 
certainty of +6 pct in the measured pressure. 


Experimental Results and Calculations 

The vapor pressures of pure iron and pure chrom- 
ium were calculated from the measurements by the 
Knudsen equation® on the assumption that only Cr 
or Fe atoms were present in the gas phase. For metal 
vapors, at the high temperatures and low pressures 
involved in these measurements this should be a 
reasonable assumption. Whitman’ corrections for the 
cells were made. The data and results of pressure 
calculations are presented in Table I, and are plot- 
ted in Fig. 1. In addition the heat of vaporization at 
the absolute zero, AE’, has been calculated for 


C. L. McCABE, Associate Member AIME, R. G. HUDSON and 
H. W. PAXTON, Junior Member AIME, are associated with the 
Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. 

TP 4471E. Manuscript, Aug. 30, 1956. 
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chromium. These calculations are summarized in 
Table III. The data used in these calculations are 
as follows 


Kelley” ( Speiser, et al 


where 
F° — standard free energy at temperature T. 


It was necessary to calculate the total pressure 
above the alloys from the total weight loss W of the 
cell during a run, because of the fact that all at- 
tempts to collect and analyze the chromium and 
iron vapor effusing from the cell in the apparatus 
available failed. The failure resulted from the re- 
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Fig, 1—The vapor pressures of pure chromium and pure iron 
by Langmuir and Knudsen techniques. 
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Fig. 2—Ratio of observed and calculated total pressure 
around 1207°C and 1249°C. 


action of the chromium vapor with the hot refrac- 
tory tube. 


We then have, from Knudsen, the total pressure p 


( Wer 
At \/M ye 


where 
Pcr,; Pre = Pressure of chromium, iron 
R = gas constant 
A = orifice area 
t = time of the run 
T = temperature, deg K 
Wce,, Wre = weights of chromium, iron effusing in 
time t 
M_-,, Mye = molecular weights of chromium and iron 


Since we lack Wo, and W;. separately and have 
only W = We, + Wy., the assumption that \/Me, = 
\/My. was used to solve for p. This does not intro- 
duce serious error, since Fe and Cr have similar 
molecular weights. The values of p obtained with 
VM = [(Me, + My.)/2]” are shown in Table IV. 

A comparison of the total pressure calculated 
from the Knudsen-cell data in the manner just de- 
scribed with that calculated on the basis of ideal 
solution behavior for the Fe and Cr (with the aver- 


age value of \/M) is shown as a ratio in Fig. 2. If the 
solution were ideal, the results would fall on the 
solid, straight line. The ordinate is not of course an 
activity coefficient. The data give a suggestion of 
small positive deviations from Raoult’s law. The ex- 
perimental accuracy does not merit an exact es- 
timate of the magnitude of the deviations as a func- 
tion of composition. However, having observed that 
the system is close to ideal, it is possible to approxi- 
mate the activity of chromium and iron as a func- 
tion of composition by assuming regular solution 
behavior;® i.e., ideal entropy of mixing. This as- 
sumption should be reasonable. 

~ We observe by rearranging Equation [1] 


At 


2 
Wr = (Dor VMer + Pre VM In RT [2] 


And from the assumption of regular solution be- 
havior 


Yer eBN?re [3a] 
Yre — eBN?cr [3b] 
Thus 
Wr (p’cr Nor eBN*re V Mer 
At 
Nee \/My.) 4] 
+ DP ve V re) (22 [ 
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Where p’., and p’y. are the pressure of pure iron and 
chromium at temperature T and £ is constant. 8 can 
be evaluated from the other known quantities in 
Equation [4] either graphically, or, since it is small, 
by expanding efN*re as (1+ 8N*,.) and ignoring 
higher terms in £. 

These values of 6 are shown in the last column 
of Table IV. The average of the seven’ values around 
1207 C is 0.23. The values of dc, and dy., calculated 
from Equations [3a] and [3b], at 1207 C and that at 
1249 C with 8 = 0.028, are shown in Fig. 3. It will 
be observed that the maximum deviation from 
Raoult’s law in the a field is 19 pct. 

The value for do, at 1249 C is indistinguishable 
from that corresponding to ideal behavior. 


Discussion 

Fig. 2 and 3 show that the system iron-chromium 
in the range 1200-1250C shows, at most, only 
small positive deviations from Raoult’s law. It is 
interesting to see the consequences of this when 
coupled with the Fe-Cr phase diagram. The fact 
that there is a minimum‘ in the solidus-liquidus 
portion of the phase diagram shows that there is 
some deviation from Raoult’s law in the solid solu- 
tions and/or liquid solutions of Fe and Cr. This 
can be expressed quantitatively in the equation. 


Don Y or [5] 


where p’c, and p’°o, are the vapor pressure, respec- 
tively, of pure supercooled liquid chromium and 
pure solid chromium. yc, and yo, are the activity co- 
efficients of chromium at the minimum in the phase 
diagram. Equation [5] is derived from the knowl- 
edge that, at the minimum, the pressure of chro- 
mium is the same above the liquid solution and the 
solid solution and the mole fractions of chromium in 
the liquid and solid solutions are equal. From the 
heat of fusion of chromium,” the temperature of the 
minimum,‘ and the melting point of chromium,* one 
can calculate that the ratio of the pressure of chro- 
mium over pure solid chromium to that over the 
pure supercooled liquid chromium would be 0.81. 


There are two limiting possibilities here. If the 
solid retains 19 pct positive deviations at Nc, = 0.25, 


1.0 
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A 
cA 
7 
7 
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Fig. 3—Activities of iron and chromium around 1207°C 
with 8 = 0.23 and 1249°C with B = 0.028. 
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Table I. Summary of Experimental Data on Chromium and Iron 


i x 10+ 
Run No. Type of Cell Orifice Area, Sq Cm Grams Effused Time of Run, Min Pressure Atm Log p 1/T 
i i 5 6.973 
6 Zirconia 0.018449 0.0070 5426 1.365x10-7 6.86 
7 Zirconia 0.018449 0.0107 9442 1.198x10-7 
9 Zirconia 0.018449 0.0093 3900 2.547x10-7 a 502 6.775 
10 Zirconia 0.018449 0.0160 5460 3.145x10-7 =20 7 7241 
11 Zirconia 0.018449 0.0078 19750 4.099x10-8 7.158 
12 Zirconia 0.018449 0.0061 12760 4.991x10-8 6.667 
13 Zirconia 0.018449 0.0148 2530 6.209x10-7 ag? oe 6.645 
15 Molybdenum 0.012827 0.0113 2445 7.217x10-7 —6 a ane 
16 Molybdenum 0.012827 0.0111 2445 7.091x107 —6 
Zirconia 0.019438 0.0102 6635 1.52 x10-" —6.8 
4* Zirconia 0.019438 0.0100 8100 1.22 x10" —6.915 7 


* Iron; all others are chromium. 


the composition of the minimum,‘ then the liquid is 
ideal. On the other hand, if the positive deviations 
decrease with increasing temperature—a more 
likely occurrence—then the liquid must show nega- 
tive deviations to a maximum of 19 pct in the limit 
of ideal solid-solution behavior. While the results 
of this investigation are somewhat equivocal, the 
authors incline towards the possibility of at least 
some negative deviations in the liquid. The maxi- 
mum deviations from ideality, as established from 
this investigation, are in any case sufficiently small 
to be relatively unimportant for most purposes. 

From the assumption of ideality in the solid solu- 
tion, and taking the temperature and composition of 
the minimum in the liquidus and solidus curves 
quoted by Adcock,* it is possible to calculate the liq- 
uidus and solidus across the diagram, Fig. 4, on the 
assumption of regular solution behavior’ in the 
liquid—an assumption which seems reasonable for 
these small deviations from ideality. The calculated 
curves disagree, particularly at both ends of the 
diagram, with the experimental curves of Adcock. 
His high-chromium values, however, were ques- 
tionable and no other values exist. The melting 
point of chromium used in the calculations reported 
here was 1903 C.* At the high iron end, a discrep- 
ancy exists, the reason for which is not clear. The 
calculated fit is no better even if we assume ideal 
solution in the liquid and 20 pct positive deviations 
in the solid. Possibly here also Adcock’s experi- 
mental results may be in error although this does 
not seem too likely. 


\ 
\ 
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Fig. 4—Comparison of experimental and calculated values 
of the solidus and liquidus of iron-chromium alloys. 
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Fig. 1 shows that the Knudsen orifice and the 


Langmuir free-evaporation”’” techniques give the 
same vapor pressure in the case of iron and in the 
case of chromium. The consequences of this agree- 
ment are indeed important. It demonstrates that the 
vaporization coefficient for iron and for chromium 
is almost certainly between 0.8 and 1 and that the 
rate of vaporization for these two metals is essen- 
tially independent of whether or not there is re- 
turning vapor. This implies that the structure of 
the surface of the metal is substantially the same in 
the equilibrium case, the Knudsen cell, or in the 
nonequilibrium case, 
The general problem involved here has been dis- 
cussed and reviewed by Schrage.* 


the Langmuir experiment. 


Some preliminary experiments were carried out 


to see if the vaporization coefficients for iron and 
chromium are changed as a result of the iron and 
chromium being present as an alloy. The experi- 
ment consisted in determining the weight loss of a 
slab of an approximately 15 pct Fe-Cr alloy placed 
in the apparatus described previously in the same 
position as the Knudsen cell. It was found within 
the experimental error, +10 pct, the chromium 


Table II. FeCr Alloys Used in Tests 


Composition 
Nominal Actual : 
% Cr % Cr %™Mn % Si % C Supplier 
80 77.1 Nil Nil 0.06 ND* Fulmer Research 
Institute 
56 54.5 0.01 Nil 0.02 0.0034 Electro Metallurgi- 
cal Company 
40 40.6 0:30. 0/0215 Allegheny Ludlum 
Steel Corporation 
30 30.3 0.62 0.61 0.025 0.039 Allegheny Ludlum 
Steel Corporation 
17 17.9 0.49 0.65 0.033 0.021 Allegheny Ludlum 


Steel Corporation 


* ND.—not determined. 


Table III. Summary of Calculation of E° for Chromium 


FO — Fo — 

gas solid E%, 

Run No. T°K Cal/Mol Cal 
6 1434 31.41 — 33.949 65.36 93,726 
7 1430 31.68 —33.951 65.63 93,851 
9 1461 30.17 —33.933 64.10 93,650 
10 1476 29.75 —33.922 63.67 93,977 
11 1381 33.80 — 33.971 67.77 93,590 
12 1397 33.41 — 33.965 67.38 94,130 
13 1500 28.40 — 33.898 62.30 93,450 
15 1505 28.11 — 33.892 62.00 93,310 
16 1505 28.14 — 33.892 62.03 93,355 


E% (mean) = 93,671 + 280 cal. 
Value of Speiser, et al.4 93,500 - 400 cal. 
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Table IV. Summary of Experimental Data on lron-Chromium Alloys 


Type of Cell Orifice Area, Grams Time of x 107 
Run No. and Orifice Sq Cm Effused Run, Min ren ‘ T°C Ner B 
3 Zirconia 0.018449 0.0105 3820 2.930 
: conta 0.018449 0.0109 6765 1.718 1206 0.271 0.216 
0.019438 0.0108 6920 1.581 1208 0.177 0.326 
ae irconia 0.019438 0.0106 7080 1.515 1205 0.178 0.528 
a Zirconia 0.019438 0.0094 3825 2.488 1206 0.558 0.127 
Fee Molybdenum 0.015160 0.0089 5240 2.208 1211 0.409 —0.109 
i a Molybdenum 0.015160 0.0103 9810 1.363 1207 0.133 0.314 
Tb Molybdenum 0.015160 0.0096 3810 3.320 1249 0.165 0.028 


which vaporized from the surface was that calcu- 
lated on the assumption that the surface concentra- 
tion of chromium was the same as the bulk concen- 


tration and also that the ratio of the vaporization — 


coefficient of Cr to Fe was 1. Since this was a ran- 
domly selected composition, and it has been found 
that for the pure metals the vaporization coefficient 
is 1, it is reasonable to conclude that the vaporiza- 
tion coefficient probably is 1 throughout the whole 
of the composition range for both Fe and Cr. 


Summary 


1) The vapor pressures of pure Fe and pure Cr 
measured by the Langmuir and Knudsen methods 
agree within experimental error at 1200 C. 

2) Knudsen cell experiments show that Cr and 
Fe show thermodynamic behavior close to ideal at 
1205 and 1250 C in the system Fe-Cr. 

3) The vaporization coefficients of Fe and Cr are 
both between 0.8 and 1.0 at 1200 C for the pure 
metals. Indications are that this is true for alloys of 
Fe and Cr. 

4) Using the foregoing measured activities of Fe 
and Cr in the solid, and reasonable assumptions for 
those in the liquid, the liquidus and solidus for the 
system Fe-Cr have been calculated. 
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Technical Note 


Anelastic Measurements on the Alloy Cu,Au 
by W. A. Goering and A. S. Nowick 


N spite of considerable interest in the kinetics of 

ordering of the alloy Cu,Au there is no direct in- 
formation available on the activation energy for 
atom movements in this alloy, such as that obtainable 
by radioactive tracer-diffusion studies or by internal 
friction measurements. Accordingly, this alloy was 
examined to find out whether it displays an internal 
friction peak resulting from stress-induced order- 
ing, similar to that studied extensively in other alloy 
systems.’* Measurements of the internal friction as 
a function of temperature were made in a torsion 
pendulum similar to that described by Ké.* Wire 
specimens 0.032 in. diam and 11 in. long were used. 
The wire, obtained in the cold-drawn condition,* 


* The authors are indebted to A. Damask for this material. 
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was annealed at 900C in a quartz tube to obtain a 
large grained sample, and then mounted in the tor- 
sion pendulum furnace. Internal friction is reported 
here as the lag angle, ¢, which is equal to the loga- 
rithmic decrement divided by z. 

Fig. 1 shows the internal friction at three fre- 
quencies (the frequency given for each curve is the 
value measured at the peak). The data for these 
curves were obtained on cooling one specimen from 
460C to just above the critical temperature for long- 
range ordering, which is about 390C for this alloy. 
In this way, the internal friction is measured under 
conditions where the alloy is in the disordered con- 
dition throughout the run. The curves obtained at 
frequencies of 2.15 and 1.29 cps show peaks in the 
range of measurement. The corresponding peak for 
the 0.78-cps curve is estimated, from the shift of 
this curve relative to the others, to be located slightly 
below the critical temperature (at 385C). The fact 
that the peak can be observed above the critical 
temperature is good evidence for the belief that it 
is a stress-induced ordering phenomenon similar to 
that which is observed in other disordered alloys. 
The fact that the peaks in Fig. 1 are not the same 


FEBRUARY 1958—105 


— 

a. 


TEMPERATURE, °C 
Te 400 425 450 


FREQUENCY 


215 cps 
129 cps 
a 0.78 cps 


x 26h 

25 Fig. 1—Variation 
of internal friction 
with temperature 
2 in range above Tc. 
Fe 

& 


nN 
ny 
T 


15 145 735 
1000 /T 


height may be due to the strong variation in short- 
range order with temperature which occurs just 
above the critical temperature. After subtracting an 
estimated background the relaxation strength was 
estimated to be 3.6x10° from the peak at 410C. 
The relaxation time, 7, for each peak is 1/(2zf), 
where f is the frequency at the peak. 

In order to obtain relaxation times at lower tem- 
peratures elastic after-effect measurements were 
employed in the range below the critical tempera- 
ture, T,. These measurements were carried out by 
holding the wire sample twisted for a time sufficient 
to allow most of the relaxation to take place, then 
releasing the wire and observing the recovery of 
the anelastic strain.. Both disordered and partly 
long-range ordered specimens were tested in static 
runs. The disordered specimens were obtained by 
quenching from 420C. The ordered specimens were 
obtained by annealing at 370C for 60 hr and fur- 
nace-cooling to room temperature, as recommended 
by Sykes and Evans.’ Disordered specimens tested 
at 270C showed values for the relaxation strength 
in agreement with those obtained from the internal 
friction peaks of Fig. 1. The long-range ordered 
specimens showed a relaxation strength approxi- 
mately 1/5 as large as the disordered specimen. This 
Indicates that the relaxation in an ordered structure 
is small, in agreement with the findings of Lulay 
and Wert’ for Mg-Cd alloys. These results are con- 
sistent with the prediction of the theory of Le Claire 
and Lomer’* that the relaxation strength goes to zero 
for a perfectly ordered alloy.+ 


y+ It is well known that the treatment at 370C which produces 
sharp superlattice lines in the alloy CusAu nevertheless leaves the 
alloy with a value for the long-range order parameter somewhat 
less than 1.0. 


The relaxation time, 7, is conveniently determined 
from elastic after-effect data as the time to reach the 
inflection point on a plot of strain versus logarithm 
of the time after release of the twisted specimen.’ 
The values of 7 for the disordered specimens in- 
creased slowly in successive runs at constant tem- 
perature. This result was attributed to the gradual 
onset of ordering, since measurements were being 
made below T,.. In order to obtain a value which 
would be representative of the completely disordered 
structure, the observed relaxation times were plotted 
against total time at temperature and extrapolated 
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back to zero time. These extrapolated values as well 
as values of 7 from the internal friction data of Fig. 
1 are plotted against the reciprocal absolute tem- 
perature to form the solid straight line of Fig. 2. 
From the slope of this line an activation energy, Q, 
of 43.0 kcal per gm atom was determined. The value 
for the pre-exponential constant, 7, in the ex- 
pression, 7 = 7, exp (—Q/RT) was found to be 1.2 
x 10” sec (logy 7 = —14.93) for the disordered al- 
loy, in good agreement with 7,—values obtained for 
other disordered alloys.*” 

Fig. 2 also presents the data for ordered Cu,Au. It 
is not possible to utilize internal friction to study the 
ordered alloy since preliminary measurements show 
that the peak for the ordered specimen for a fre- 
quency near 1 eps is located well above T., i.e., in 
order to trace out the peak it would be necessary to 
destroy the condition of long-range order. Two reli- 
able values of 7 were obtained, however, from static 
data. Since these points were too close in tempera- 
ture to permit a precise determination of both z and 
Q, a straight line was drawn using these points with 
the same 7 as found for the disordered case (the 
dashed line in Fig. 2). The activation energy found 
from the slope of this curve was 44.8 kcal per gm 
atom, slightly higher than that found for the dis- 
ordered structure. Although it is possible that the 
assumption of equal 7 for the ordered and dis- 
ordered states may not be exactly correct, it seems 
more likely that the factor of 5 in r between the two 
states arises because of a difference in activation en- 
ergy than because of a difference in 7. A slight 
rise in activation energy for the long-range ordered 
sample might be explained on the basis of tighter 
binding and smaller lattice parameter relative to the 
disordered state. In this respect the present results 
may be compared with the increase in activation 
energy for diffusion in B-brass between the ordered 
and the disordered states.’ 
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Steady-State Diffusion in Substitutional 


Solid Solutions 


A study was made of the effects of a prolonged flux of zinc atoms through the a solid solution 
of zinc in copper. The experimental arrangement consisted essentially of a copper disk about 0.01 
in. thick, at one of whose surfaces a gaseous atmosphere containing zinc atoms was maintained 
and at the other surface a gaseous atmosphere with a minimum of zinc atoms was maintained. 
During prolonged exposure at high temperatures the zinc content of the copper disk gradually 
built up to the steady-state concentration distribution and then remained at this value. The con- 
centration-distribution curves for various conditions were determined by chemical analyses. The 
results showed that the condition of steady-state diffusion was achieved. The diffusion coefficients 
calculated from the experimental data, although not of high precision, agreed with the values ob- 
tained by other workers using unsteady-state methods. Relatively slight porosity developed in the 


specimens in the course of diffusion. 


by A. S. Yue and A. G. Guy 


LTHOUGH most diffusion studies have been 

made under unsteady-state conditions, it is 
known’ that the steady-state method is often super- 
ior with respect to the directness and accuracy of 
interpretation of the data. Steady-state diffusion of 
gases through metal diaphragms is well known. 
Also, Harris” and Smith’ have used the steady-state 
method in studying the diffusion of carbon in aus- 
tenite. The accepted mechanism in this system in- 
volves the motion of the interstitial carbon atoms in 
the rigid framework of the lattice of iron atoms. 
Thus, there is little difficulty in visualizing the 
steady flow of the small carbon atoms through the 
austenite. 

The situation in substitutional diffusion is quite 
different. Here the atoms are comparable in size, 
and it is not evident how a steady flow of one of the 
atoms through the solid solution might be achieved. 
At the time the present research was started, it was 
known that a previous exploratory attempt to pro- 
duce steady-state diffusion in a substitutional alloy, 
the Au-Ag system,* had been unsuccessful and had 
indicated that perhaps there were basic difficulties 
that could not be overcome. Therefore, the present 
research began as a study of the effect of a pro- 
longed flux of metal atoms through a substitutional 
solid solution. Eventually, it was possible to produce 
actual steady-state diffusion in the system chosen 
for study, the a Cu-Zn alloys. 


Experimental Procedure 
The aim in the experiments was to maintain a high 
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zinc content, about 30 pct, at one surface of a copper 
sheet, and to maintain a low zinc content, near 0 
pet, at the opposite surface. The zinc would then 
diffuse into and through the copper, first building 
up to the steady-state concentration distribution and 
then maintaining this distribution. The three types of 
specimens that were used are shown in Fig. 1. In type 
A specimens the copper disk through which dif- 
fusion occurred was welded to the top of a cylindri- 
cal molybdenum tube, the bottom of which also was 
sealed by welding. At the diffusion temperature the 
brass chips in the molybdenum container were the 
source of the zinc vapor which maintained the lower 
surface of the copper disk at 30 pct Zn. The upper 
surface was maintained at 0 pct Zn by the vacuum 
in which type A, and also type B, specimens were 
diffused. Since the molybdenum container was im- 
pervious to zinc vapor, it was intended that the only 
path of escape for the vapor from the brass chips 
would be through the thin copper diffusion disk. 
However, it was found that small leaks often de- 
veloped at the welded joints during the diffusion 
treatment, and in most specimens some of the zinc 
was lost in this manner. Although even small losses 
of this kind were a serious handicap in attempting 
to determine the flux through the disk, they did not 
prevent the maintenance of satisfactory boundary 
conditions for the attainment of the steady-state 
condition. 

Type B specimens differed from type A in having 
a weight of about 300 g supported on the copper 
disk by 15 to 20 short quartz rods. This change was 
made when it was observed that the copper disk was 
being bowed upward by the difference in the pres- 
sures acting on its two surfaces. Since the grain- 
boundary cracking which occurred in the bowed 
specimens could be attributed largely to the accom-_ 
panying creep,’ it was desirable to minimize this 
effect. The counterweight was effective in signifi- 
cantly decreasing both bowing of the disk and 
cracking at grain boundaries. 

Type C specimens differed considerably from the 
others in that the low-zine atmosphere at one sur- 
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TYPE TYPE 


Fig. 1—Types of 
specimens used in 
producing steady- 
state diffusion in 
a-brass. 


Copper weight 
Molybdenum rings 
0.125" Quartz rods 
Copper diffusion disk 
+ Molybdenum container, 10. 
5" long x 1” diam. qs 
x 0,125" wall 


OFHC Copper chips 
OFHC Copper ring 


face of the copper disk was maintained by the use 
of copper chips (rather than a vacuum) as the sink 
for the flux of zinc atoms. Little bowing of the cop- 
per disk occurred in these specimens, indicating 
that the stresses were relatively low. 

The diffusion disks were punched from commer- 
cial OFHC copper sheet and were annealed in vac- 
uum for 2 days at a temperature somewhat higher 
than the diffusion temperature to stabilize the grain 
size. Prior to welding they were polished on metal- 
lographic paper through No. 600 Microcut paper and 
their thicknesses were measured to +£0.0001 in. 

About 100 g of cleaned brass or copper chips 
were compacted under a pressure of 4000 psi into 
the form of a cylinder that would fit inside the mo- 
lybdenum container. The compacted chips were 
outgassed in vacuum for one day at 450°F. Analy- 
ses of the alloys used are given in Table I. 

The molybdenum containers were cut from tub- 
ing supplied by Fansteel Metallurgical Corpora- 
tion and were outgassed by heating in vacuum at 
1650°F for 4 days. The ends of each container were 
made accurately parallel and were polished prior 
to welding. 


Table |. Chemical Analyses of Alloys 


Composition, Weight Pct 


Alloy Copper Lead Iron Nickel Zince 
COpper 99.99 — — 
70/30! brass (lot 69.70 <0.07 <0.05 —- balance 
70/30 brass (lot 2) ........ 68.84 <0.01 <0.01 <0.01 balance 


«Zine contents were obtained by difference. 


Sealing of the containers was effected by pres- 
sure welding, using a vacuum welding device de- 
veloped for making customary diffusion “sand- 
wiches.”’” After outgassing for 1 hr at 450°F at 
about 10° mm of Hg, welding was done for 30 min 
at about 1600°F. Welds were tested under pressure 
with a soap solution to insure the absence of leaks. 
A similar welding procedure was used in completing 
the assembly of the specimens. Although it was not 
possible to test the final weld for leaks before the 
diffusion run, all welds were tested when the speci- 
mens were sectioned after the run. Specimens of 
type C were sealed in Vycor tubes evacuated to 5 
x 10° mm of Hg prior to being given diffusion 
treatments in a horizontal-tube furnace. Specimens 
of types A and B were given diffusion treatments in 
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Fig. 2—Concentration-distribution curves for various times of 
diffusion through 0.012-in. copper disks at 1520°F. 


a vacuum of 10° mm of Hg. Temperatures were 
measured with calibrated chromel-alumel thermo- 
couples, and the reported temperatures were judged 
to be accurate to +5°F. 

The weights of the chips and of the assembly 
were determined to +0.001 g before and after dif- 
fusion. At the completion of a diffusion run the sur- 
faces of the diffusion specimen were examined at 
about X50 for evidence of plastic flow, grain-bound- 
ary cracking, and so on. The thickness of the dif- 
fused specimen was measured, and it was punched 
out of the molybdenum container and flattened in 
preparation for chemical analyses. Since the dif- 
fused specimen was generally bowed, the thickness 
increased by about 5 pct during the punching and 
flattening operation. 

The determination of concentration-distribution 
curves for the small diffusion disks (about 0.75 in. 
diam and 0.015 in. thick) presented special prob- 
lems. It was decided to use the usual technique of 
machining off layers for chemical analyses since the 
reliability of this method offset the somewhat low 
precision that it yielded. A disk was given physical 
support for the machining operation by being 
fastened to the end of a short cylinder of nickel 
using a plastic adhesive, Darex Compound No. 101, 
in film form. The nickel cylinder was then mounted 
in a precision lathe so that the plane of cutting 
coincided with the low-zince face of the specimen to 
within less than 0.0005 in. Cuts of about 0.001 or 
0.002 in. were then taken, and the depth of cut was 
measured to £0.0001 in. The center 4% in. and the 
outer edge of the specimen were not machined off, 
and machining was stopped when 0.002 in. of the 
specimen remained. The center piece was copper- 
plated, mounted in bakelite, and prepared for mi- 
croscopic examination. The chips which weighed 
about 0.040 g were analyzed for copper by electro- 
deposition and the zinc was determined by differ- 
ence. 

The specimens for microscopic study were pol- 
ished through 1 » diamond dust and were then 
chemically polished® for 6 seconds in.a mixture of 
1:1:2 glacial acetic, orthophosphoric, and_ nitric 
acids at 175°F. Measurement of the depth of burial 
of the original surface was made with a precision 
of +0.0001 in. using a traveling-stage micro- 
scope. (7). 


Experimental Results 


Experimental data on the diffusion runs are listed 
in Table IT. The diffusion times given have been cor- 


Transactions of The Metal- 
lurgical Society of AIME 


A N N VA B 
VAN 
WAN NAN 
TYPE 
Brass chips 
Molybdenum sheet 
— 
| 
| 
| 
| 
| 


28 


© SPECIMEN 69, TYPE A 
SPECIMEN 73, TYPE B 
i SPECIMEN 83, TYPE C 


— CALCULATED STEADY-STATE 
CURVE 


08 


ZING CONCENTRATION 
IN 


04 


0.2 04 06 08 10 
FRACTIONAL DISTANCE THROUGH DISK 


Fig. 3—Steady-state concentration distribution at 1520°F 
obtained with each of the three types of specimen. 


rected for the diffusion that occurred during weld- 
ing. The amount of zinc that was lost by the brass 
chips was determined by weighing, and check de- 
terminations by chemical analysis verified the re- 
liability of this procedure. The amount of zinc 
gained by the copper chips in type C specimens also 
was determined by weighing. 

The concentration-distribution curves obtained 
from the chemical analyses are shown in Figs. 2-5. 
The four sets of experimental points in Fig. 2 illustrate 
the development of the steady-state condition at 
1520°F. After 13 hr, diffusion was still of the ‘‘semi- 
infinite solid” type and no zinc had passed completely 
through the specimen. The observed loss in weight 
was attributed to slight leakage at a weld. In 30 hra 
measurable amount of zinc had passed through the 
specimen but the steady-state concentration distribu- 
tion had not been achieved. With the aid of the cal- 
culated curves, which are discussed later, the time 
for attainment of the steady-state condition was es- 
timated to be 50 hr. The data for the 59-hr specimen 
support this conclusion, since they lie along the 
calculated steady-state curve. Also, the data for the 
92-hr specimen confirm the fact that the steady- 
state condition had been reached prior to 59 hr 
since the concentration-distribution curve was es- 
sentially unchanged by the additional 33 hr of dif- 
fusion. 

Concentration distributions at the steady-state 
condition obtained using the three types of speci- 
mens, A, B, and C, are shown by the sets of ex- 
perimental points in Fig. 3. Since the differences 
among these three results are within experimental 
error, valid comparisons could be made using con- 
centration-distribution curves obtained with speci- 
mens of various types. The data of Fig. 4 show that 
the thickness of a specimen is also without appre- 
ciable effect on the concentration distribution that 
is established under steady-state conditions. 

The effect of diffusion temperature on the concen- 
tration distribution established at the steady state 
is shown in Fig. 5. Although the differences among 
the curves are small and there is overlapping of the 
experimental points, there appears to be a real in- 
fluence of temperature. The estimated maximum 
uncertainty of the experimental points is indicated 
by the dashed lines around four typical points, and 
is can be seen that the observed differences along 
these portions of the curves are greater than the 
estimated experimental error. The data of Horne 
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Fig. 4—Steady-state concentration distribution at 1520°F 
obtained with specimens of various thickness. 


and Mehl* show a similar effect of temperature on 
diffusion. 

The photographs in Fig. 6 show the appearance 
of the surfaces of typical specimens after diffusion. 
Even during the unsteady-state period, Fig. 6(a), 
the surface exposed to zinc vapor had developed 
slip lines and considerable local irregularities, with 
especially sharp changes in height at grain bound- 
aries. The surface exposed to the vacuum still had 
polishing marks of the No. 600 Microcut paper used 
in the preliminary preparation, but it also showed 
numerous slip lines. The delineation of the grain 
boundaries at this stage was attributed partly to 
the etching effect of the vacuum atmosphere, since 
grain boundaries were visible even on the as-welded 
specimens. However, the high stresses in Type A 
specimens were largely responsible for the pro- 
nounced widening of the grain boundaries. 

Type A specimens which had been at the steady- 
state condition for long times, such as the one 
shown in Fig. 6(b), developed surface cracks at the 
grain boundaries. These cracks developed prefer- 
entially on the side of the disk that was exposed to 
the vacuum since this was the direction in which 
bowing occurred. Sometimes, as in this instance, 
surface cracking also was observed on the surface 
exposed to the zinc vapor. Many preliminary experi- 
ments with type A specimens were spoiled for the 
present purpose when cracking occurred through 
the entire thickness of the diffusion disk. Other 
structural features of these surfaces were deep pits 
and local irregularities in height. Slip-line markings 
had largely disappeared, but networks suggesting 
subgrain formation were often seen. 

As explained previously, specimens of types B 
and C had lower stresses acting on the diffusion 
disk than did the type A specimen. Although con- 
siderable deformation accompanied the diffusion 
process in these specimens also, the surfaces showed 
fewer slip lines and were generally less irregular. 
Fig. 6(c) is typical of the type B specimens. Type 
C specimens were similar except that the surface of 


-low-zine content had not been ‘‘vacuum etched,” 


since in this case the low-zinec atmosphere was pro- 
duced by a reservoir of copper chips rather than 
by a vacuum. 

In studying the microstructures of the diffused 
specimens, the results obtained by the foregoing 
chemical polishing technique were extended by al- 
ternative use of electropolishing,’ chemical etching 
with the customary H.O.-NH,OH mixture, or exam- 
ination of the un-etched surfaces. Typical structures 
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Table tl. Data on Diffusion Experiments 


Distance of Lines 


Final Zine 
Initial Final Content at 
Thickness Thickness Weight Loss Surface, In. x 10° 
i- Diffusion Diffusion of Disk, of Disk, of Brass of Copp , = f 
Bees Gectcee emp: oF Time, Hr In. x 108 In. x 108 Chips, G Chips, G Wt Pct 1st Line 2nd Line 
— 30.0 0.5 2:5 
67 A 1521 13 0.0084 3 
66 A 1528 30 11.6 14.0 0.0502 
69 A 1520 66 14.6 2.2704 — 
70 A 1520 92 11.3 14.0 2.9804 
B 1520 59 11.4 14.0 0.514 
80 B 32:5 11.4 14.5 0.571 — 31 
79 B 1580 97.5 14.5 4 
78 B 1636 59 11.4 14.3 2.285¢ 2 
83 Cc 1522 28 5.2 6.3 0.725 0.396 30. Pa Hs 
74 1430 173 9.0 1.290 1.065 28.7 
75 Cc 1520 237 18.9 24.0 1.185 0.280 29.3 . 5 


4 Weight loss obtained by weighing specimen before and after diffusion. 


are shown in Figs. 7 and 8. In these photomicro- 
graphs the copper plate used to preserve the edges 
of the specimen can be seen on either side of the 
diffusion disk. 

Although there was some formation of voids in 
all specimens, the observations suggested that 
stresses were a major cause and that the diffusion 
process itself need not be accompanied by appreci- 
able formation of voids. For example, Fig. 7(a) 
shows the voids which had formed in a type A speci- 
men that had experienced steady-state diffusion. 
The two elongated voids near the left-hand edge of 
the disk are in a grain boundary, and it was typical 
that such opening of grain boundaries occurred at 
the surface of the diffusion disk towards which 
bowing had occurred. Fig. 7(b) shows the voids 
which formed in a type B specimen that had experi- 
enced a comparable amount of diffusion but had 
been subjected to lower stresses. Although the 
amount of void formation was distinctly less in 
specimens of types B and C, there was still a tend- 
ency for preferential void formation at the surface 
under greater tensile stress. 

A second microstructural observation of consid- 
erable interest was the presence of two lines of etch 
pits near the high-zinc surface of the specimens. 
These were revealed most clearly by the chemical- 
polishing technique, Fig. 8, but they also could be 
seen, although more faintly, after electrolytic pol- 
ishing. The first line was interpreted as being the 
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Fig. 5—Steady-state concentration distributions established 
at several temperatures. The estimated maximum uncertainty 
of the experimental points is indicated by the dashed lines 
around four typical points. 
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original surface of the specimen, which had become 
buried during the diffusion process. Although no 
special “markers” were placed on the original sur- 
face, it was expected on the basis of the results of 
Balluffi and Alexander” that the inert particles nor- 
mally present would have performed this function. 
The observed depths of the first line are listed in 
Table II. The second line differed in appearance 
from the first in being formed by an almost contin- 
uous line of etch pits, while the etch-pit spacing in 
the first line was both wider and less regular. The 
data in Table II show that the distance of the second 
line from the low-zinc surface is roughly equal to 
the original thickness of the copper disk. 


Discussion of Results 


The results of this research showed that it is pos- 
sible to establish the steady-state condition for dif- 
fusion in a substitutional solid solution. The princi- 
pal evidences for this conclusion were: (1) The de- 
velopment of the concentration-distribution curves 
with time through the unsteady-state region and 
on to the steady curve predicted by previous data 
on diffusion in this system. (2) The attainment by 
the diffusion specimens of a limiting thickness as 
the steady-state condition was reached. (3) The 
absence of extreme void formation, or similar ef- 
fects, which might have altered the diffusion mech- 
anism significantly before the steady-state condition 
could have been achieved. The significance of the 
results will now be discussed in some detail. 

Since all of the diffusion specimens passed 
through an initial stage of unsteady-state diffusion, 
it was necessary to estimate the time required for 
this portion of the diffusion run. Using the diffusion 
data of Horne and Mehl for 1571°F* and a step-by- 
step method of calculation," concentration-distribu- 
tion curves were determined for a series of stages of 
diffusion between the initial condition and the 
steady-state condition. Three of those curves are 
reproduced in Fig. 2 for comparison with the experi- 
mental diffusion data. In spite of the differences 
between the calculated and experimental curves, 
the estimate of the time to reach the steady state, 
which was obtained in this way, was probably in 
error by no more than 10 pct. 

The diffusion equation that applies under steady- 
state conditions in a substitutional solid solution 
is somewhat different than the one that is commonly 
used in describing unsteady-state diffusion. Con- 
sider the case of one-dimensional, volume diffusion 
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Fig. 6—Surface appearance of diffused specimens, X30. Re- 
duced approximately 38 pct for reproduction. 
-(a) Type A specimen prior to reaching the steady state 
(specimen 67). 
(b) Type A specimen at the steady state (specimen 70). 
(c) Type B specimen at the steady state (specimen 76). 


in which it will be assumed that lateral changes in 
dimensions and formation of voids can be neglected. 
If diffusion is defined as the flow of a component 
past inert markers in the specimen, then the diffu- 
sive fluxes of the two components, 1 and 2, can be 
written 


0c 

[1] 
0x 
ac 

J, =—D, — [2] 


where the x’ co-ordinate system is a local co-ordi- 
nate system” moving with the marker. 


Fig. 7—Photomicrographs show- 
ing void formation in specimens 
that had undergone steady- 
state diffusion. Unetched. X150. 
Reduced approximately 38 pct 
for reproduction. The low-zinc 
surface is at the left. 

Left: (a) Type A (specimen 70). . 
Right: (b) Type B (specimen 76). 
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If the steady state has been attained, the flux of 
component 1 entering and leaving the specimen is 
constant and may be designated by K,. This same 
flux also must be crossing each plane in the speci- 
men at a fixed distance, x, from a surface of the 
specimen. But, if the velocity of the marker at x is 
v, then K, must be the sum of J,’, the diffusive flux, 
and the flux of component 1 due to “flow” of the 
metal, vc,, where c, is the concentration of metal 1 
in grams per cu cm; that is 


K, = J, + ve, [3] 
or 
[4] 
Ci 


The equation analogous to Equation [3] can be 
written for component 2, using the value of v given 
by Equation [4]. The result is 


K, = J.) + ————¢, [5] 
Cy 
0c OCs dc 
When —— and — are replaced by —— and ‘ 
Ox 0x Ox Ox 


and if the density is assumed to be constant so that 
OC; 0c 
= : , Equation [5] can be put in the form 


0x 0x 
Kae 
+ 


Cy 


1 
K, = — (D.c: + [6] 


For the system in question the loss of copper at 
either surface of the specimen is negligible* in 


* Calculation™® of the amount of copper that would be lost by 
vaporization in a vacuum in the course of 100 hr indicated that the 
corresponding decrease in thickness of a specimen would be 0.001 
in. at 1640°F and 0.0001 in. at 1520°F. The appearance of the speci- 
men surfaces exposed to vacuum indicated that some vaporization 
had occurred, but no effect on thickness was detected. 


comparison to the flux of zinc, and the diffusion 
process can be represented schematically as in Fig. 
9. Now, if the subscript 2 is considered to refer to 
zinc, Equation [6] becomes for this special case 


Cy Ox N, Ox 


where D is the usual chemical diffusion coefficient. 
It is noteworthy that this equation differs from that 
given by Darken” for unsteady-state diffusion by 
the factor of N,, the atomic fraction of copper. 
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Fig. 8—Photomicrograph of a type B specimen (specimen 73) 
that had undergone steady-state diffusion. Chemically pol- 
ished. X 150. The high-zinc surface is at the top. 


Although it was not intended that the present 
research should yield diffusion coefficients of high 
precision, it was possible to calculate indicative 
values from data of three kinds: 1) From the esti- 
mate of 50 hr as the time to reach the steady-state 
condition for the specimens of Fig. 2, the diffusion 
coefficient at 1520°F for low zinc concentrations was 
calculated to be 0.35 x 10° sq cm per sec. The cor- 
responding value reported by Horne and Mehl* was 
0.56 x 10°. 2) Data on the velocity of inert mark- 
ers were used to calculate the diffusivity of copper, 
D,. The equation employed was obtained by com- 
bining Equations [1] and [4] 


D, = ——— 8 
[8] 


Ox 


The data on the motion of the first line of etch pits 
in specimens 69 and 70 led to the value D, = 3 x 10° 
sq cm per sec for 1520°F and about 28 pct Zn, com- 
pared to the value 5 X 10° obtained by Horne and 
Mehl. 3) Potentially, the most precise calculations 
of diffusion coefficients from data on steady-state 
diffusion can be made using values of the steady- 
state flux, K., and the concentration. gradient at the 


0c. 
steady-state condition, Spr by means of Equation 
x 


[7]. The data for specimen 75, Table Il-and Fig. 4, 
gave a D-value of 10 X 10° sq cm per sec for 1520°F 
and 23 pct Zn. This value is the same as that ob- 
tained by Horne and Mehl, but the good agreement 
must be regarded as fortuitous in view of the un- 
certainties in the present experimental data. 

Since the stresses in type A specimens were rela- 
tively high, a special search was made for effects 
produced by these stresses, other than the void 
formation and grain-boundary cracking mentioned 
previously. The results of Buffington and Cohen” 
suggested that no significant increase in diffusion 
coefficient would be found for the low strain rates 
occurring here. The estimates of diffusion coefficient 
which could be made from the present data corrob- 
orated this view, since they fell in the general range 
of presently accepted values. It was considered un- 
likely that stress could be responsible for the exist- 
ence of the second line of etch pits, Fig. 8, in view 
of the following observations: These lines were as 
prominent in specimens of types B and C as they 
were in the more highly stressed type A. Also, this 
second line invariably appeared at the high-zinc 
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side even though in Type C specimens the disk 
bowed toward the brass reservoir in some instances 
and toward the copper reservoir in others. 

The reason for the appearance of the second line 
of etch pits is unknown. It may be a spurious effect 
since it was not observed by Balluffi and Seigle” 
when zinc vapor was diffused into copper under 
unsteady-state conditions. On the other hand, 
Barnes” found an analogous line of voids running 
parallel to the ordinary interface in Cu-Ni couples. 
However, these voids were much larger than the 
etch pits observed in the present work. 


Conclusions 
The manner in which steady-state diffusion pro- 
ceeded in the a Cu-Zn substitutional solid solutions 
was consistent with the behavior previously ob- 
served for unsteady-state diffusion. As in the case 
of interstitial diffusion,® the steady-state method 
showed promise of yielding results of high precision. 


Acknowledgments 

Drs. R. W. Balluffi and B. H. Alexander generous- 
ly shared their experiences in similar research. 
Many staff members at Purdue University have as- 
sisted in various ways. Among them are Drs. M. 
Golomb, R. E. Grace, R. Shuhmann, Jr., C. A. Tatro, 
Messrs. E. Boohults, L. Criswell, and R. Donovan. 
Research materials were generously supplied by 
American Brass Company, Chase Brass and Copper 
Company, and Revere Copper and Brass Company. 


References 


iL. S. Darken: ASM Trans., 1951, vol. 43A, p. 1. 

2F. E. Harris: AIME Trans., 1947, vol. 172, p. 531. 

8R. P. Smith: Acta Metallurgica, 1953, vol. 1, p._578. 

4R. W. Balluffi: Private communication, University of Illinois. 

5M. G. Lozinskii and E. I. Antipova: Metallovedenie i Obrabotka 
Metallov, 1955, No. 5, p. 9. 

6J. E. Burke and H. W. Schadler: Private communication, Gen- 
eral Electric Company. 

7A. G. Guy and A. S. Yue: Review of Scientific Instruments, 
1956, vol. 27, p. 239. 

8G. T. Horne and R. F. Mehl: AIME Trans., 1955, vol. 203, p. 88; 
JoURNAL oF MeErTats, January 1955. 

® ASM Metals Handbook, Supplement 1: Entry 6 on p. 170. 

OR. W. Balluffi and B. H. Alexander: Journal of Applied Phys- 
ics, 1952, vol. 23, p. 953. 

4A. G. Guy: ASM Trans., 1952, vol. 44, p. 382. 

#2L. S. Darken: AIME Trans., 1948, vol. 175, p. 184. 

BA. U. Seybolt and J. E. Burke: Procedures in Experimental 
Metallurgy, John Wiley & Sons, New York, 1953, p. 190. 

144F. S. Buffington and M. Cohen. Journat or Metats, August 
4. 

R. W. Balluffi and L. L. Seigle: Journal of Applied P i 
1954, vol. 25, p. 607. 

‘4 R S. Barnes: Proceedings, Physical Society, 1952, vol. 65B, 
p. 


ae. A. G. Guy and A. L. Eiss: Welding Journal, 1957, vol. 36, p. 
Ss. 


Discussion of this paper sent (2 copies) to AIME by April 1, 1958, 
will appear in AIME Transactions Vol. 212, 1958. 


Transactions of The Metal- 
lurgical Society of AIME 


| 
| 
| 


A Note on the Use of Aluminum for the 


Deoxidation of Palladium and its Alloys 


An improved technique has been developed for the deoxidation of palladium with 
aluminum which is especially suitable for use in making small castings with an induc- 
tion-melting and casting machine. The effect of various crucible linings on the effi- 
ciency of the residual deoxidizer and accompanying oxide film in protecting palladium 
against oxidation during remelting also has been examined; the preferred crucible lining 


consists of zirconia cement. 


by R. N. Rhoda and R. H. Atkinson 


AR HE objective of this work was to develop a sim- 
ple method of deoxidizing induction-melted pal- 
ladium which would be suitable for use by manufac- 
turers of jewelry and other small castings. In a com- 
mon method of deoxidizing torch-melted palladium 
a piece of aluminum foil is dropped on the surface 
of the molten metal. If a film is present, which is 
usually the case, it must first be removed by oxidi- 
zing the molten metal thoroughly because it would 
interfere with the entry of the aluminum into the 


melt. Removal of the film is probably facilitated by 


a mild fluxing action of the silica crucibles which are 
used for torch-melting. However, removal of an 
alumina film from molten palladium in the crucibles 
normally used for induction melting is a much slow- 
er process and it became necessary to modify the de- 
oxidation procedure. In the modified procedure the 
charge is simply melted and the desired amount of 
aluminum, crimped to one end of a tungsten wire, 
is plunged through the film into the palladium and 
the wire immediately withdrawn. The trace of tung- 
sten which dissolves along with the aluminum can be 
avoided, if considered objectionable, by using a pal- 
ladium wire. In view of the persistence of the alum- 
ina film under the conditions of induction-melting it 
also was decided to ascertain the efficiency of this 
film in protecting palladium against oxidation during 
repeated remelting and casting. 


Melting Equipment and Materials 


The equipment used for melting and casting con- 
sisted of an Ecco GC6, 6 to 8-kva high-frequency 
converter and an Ecco M34B centrifugal casting ma- 
chine. This unit is being increasingly used for mak- 
ing jewelry and dental castings and it also has 
been found useful in making exploratory melts of a 
variety of nickel alloys, for which purpose it is well 
suited on account of its speed of melting and econo- 
my of material. A description of the machine and 
its operation will be published elsewhere.’ 
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A common palladium jewelry alloy, 95.5 palladi- 
um-4.5 ruthenium (referred to as “palladium” in the 
trade), was selected for the deoxidation tests. It was 
available as melting stock which had been melted in 
air to free it from Oxidizable impurities, and also as 
clean scrap from previous melts which had been de- 
oxidized with aluminum. The latter was thought to 
be typical of clean “palladium” scrap to be found in 
a manufacturing jeweler’s establishment and it is 
also similar to one brand of ‘‘casting palladium.” By 
the same token, the oxidized melting stock corres- 
ponds to “casting palladium” after the latter has 
been melted and thoroughly oxidized: 

Pure aluminum wire (99.9 pct), 0.032 in. diam; 1 

0,036.87 
Serap tungsten wire, 0.014 to 0.020 in. diam. 
Argon, commercial water-pumped; 99.9 pct pure 


Experimental Procedure 

Samples of about 50 to 75 g of the palladium alloy 
were melted in a crucible lined with a proprietary 
refractory alumina cement. Some charges were melt- 
ed in air, others in argon. The oxidized melting stock 
was melted and solidified a number of times in order 
to remove as much oxygen as possible before de- 
oxidizing, but this treatment was unnecessary in the 
case of scrap. In either case the metal was deoxi- 
dized with aluminum (0.01 to 0.05 pct) by the 
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Fig. 1—Effect of various crucible linings on soundness of pal- 
ladium ingots after repeated remelting without additional 
deoxidizer. 
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Table |. Effect of Some Variables on Deoxidation of Induction-Melted 95.5 Palladium-4.5 Ruthenium 
with Aluminum 


Deoxidation Procedure Ingot 
Metal Atmosphere Deoxidizer, Pct Surface Sp Gr Hardness“ and Quality of Annealed Strip 
d; too porous 
idi Al (0.01 Porous 8.22 Ingot not worke 3 
Al (0.03) Smooth 91.9 Streaky surface; very 
Oxidized Air (0.08) Smooth Streaky surface! rough edges 
Mone Smooth 11.79 91.0 Some blisters; rough 
Scrap Argon Al (0.03) Smooth 11.99 100.0 Good surface; very smooth edges 
Scrap Air Al (0.03) Smooth 11.95 93.4 Good surface; seco ede 
Scrap Air Al (0.05) Smooth 11.90 90.0 Good surface; paar pie 
Oxidized Argon He + W Smooth 12.02 94.0 Good surface; smooth edg 


4 Vickers DPH with a 5-kg load. 


plunging method described previously. The melt 
was next brought to 2900°F (1595°C), an apparent 
temperature representing 300°F (170°C) of super- 
heat, and cast into a graphite-rod mold (% or % 
JUDY). 

The quality of the ingots was judged by visual in- 
spection and by measuring the specific gravity. As a 
further test of the adequacy of the deoxidation, the 
ingots were worked to strip and the quality of the 
annealed strip compared with a standard strip made 
at the same time from a parallel melt which had 
been deoxidized with hydrogen in conjunction with 
tungsten as indicator;* the latter method gives excel- 
lent metal, but is too elaborate for commercial cas- 
ters. 

Results 

All the ingots, except the one made from oxidized 
melting stock deoxidized with 0.01 pct aluminum, 
had smooth surfaces and would have been acceptable 
in the form of small castings. The castings made from 
scrap deoxidized with aluminum (0.03 or 0.05 pct) 
were denser (11.90 to 11.99) than the corresponding 
ones made from oxidized melting stock (11.58 to 
11.71) and yielded strip of substantially better qual- 
ity, Table I. In fact, the castings made from scrap 
metal appeared to be equal in quality to the compar- 
ison casting made from metal deoxidized with hy- 
drogen. These results amply demonstrate that with 
the aluminum-deoxidation technique the oxidation 
step may be omitted without any sacrifice in the qual- 
ity of either cast or wrought metal. 

As a result of these tests it appears that about 0.05 
pet aluminum by weight (equivalent to %4 grain of 
aluminum per troy ounce of palladium), will be 
enough for the deoxidation of “casting palladium;” 
less will be required if the charge contains much 
scrap. The recommended amount of aluminum is 
about half that used hitherto for deoxidizing torch- 
melted palladium. This new procedure makes it pos- 
sible to use clean scrap without running any risk of 
lowering the quality of the palladium through build- 
up of aluminum. 

The data also show that the castings produced 
from metal melted in air were as good as those from 
metal melted in argon. Consequently the commercial 
caster does not need to go to the trouble and expense 
of providing an inert melting atmosphere. 

Samples of several cropped ingots were analyzed 
in an attempt to determine the alumina and alumi- 
num contents. The analyses were not conclusive 
because these contents were below the accuracy of 
the method (0.005 pct); it can, however, be said 
safely that the total aluminum (free + combined) 
was below 0.01 pct. 
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Effect of Crucible Lining 


In view of the part played by the alumina skin in 
protecting the molten metal against reoxidation dur- 
ing melting and casting it was decided to ascertain 
how alumina linings compared with other crucible 
linings. Individual crucibles were lined with a re- 
fractory selected from proprietary zirconia, alu- 
mina, and magnesia cements, and also one with a 
lining made by mixing fused magnesia (—100 mesh) 
with a solution of magnesium acetate (32 g crystals 
in 100 ml water) and bonded by baking at high 
temperature. 

In order to test the persistence of the alumina skin 
on palladium which had been deoxidized with alu- 
minum, a batch of metal was remelted in air and, 
without further deoxidation, it was cast, and the 
operations repeated a number of times until the 
specific gravity of the cropped ingot fell to a value 
of 11.6, which from experience was known to be in- 
dicative of definite unsoundness due to oxygen. A 
different crucible lining was used for each series of 
melting and casting operations. The specific gravities 
of the ingots remelted in the various refractory lin- 
ings are shown in Fig. 1. For the alumina linings 10 
remelts were possible before the specific gravity fell 
below 11.6. The zirconia lining was even better, there 
being no significant change after 10 remelts, at which 
point the experiment was discontinued. In the case 
of the magnesia-cement lining, the specific gravity 
of the ingot fell below 11.6 after 6 remelts, but only 
2 remelts were possible in the fused-magnesia lining 
before a rapid decline in the specific gravity began. 
The poorer performance of the fused- magnesia 
lining may have been due to it being softer than the 
magnesia-cement lining. 

It is a fortunate coincidence that the alumina skin 
is least affected by melting in a crucible lined with 
zirconia because this is the lining of the so-called 
“platinum” crucible used in the trade for the induc- 
tion-melting of palladium. As a matter of conven- 
ience the commercial melter buys crucibles ready 
lined and preferably will use the same type of lin- 
ing for both palladium and platinum. 

Silica linings were not included in the tests, al- 
though silica crucibles, on account of their excellent 
resistance to thermal shock, are used when torch- 
melting palladium for making investment castings. 
In theory one would expect no difficulty in removing 
aluminum even from aluminum-containing scrap 
palladium by an oxidizing melt in silica crucible 
because of the fluxing action of silica on alumina at 
high temperatures. However, this expectation is not 
realized in practice; probably the silica crucible soon 
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acquires a thin coating of alumina-rich silicate 
which slows down the fluxing action. 
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Technical Note 


The Vapor Pressure of Palladium 


Haefling and A. H. Daane 


ECAUSE of the wide use of platinum in indus- 

try and research, the physical properties of this 
metal, including its vapor pressure, have been stud- 
ied in some detail.* The other members of the palla- 
dium-platinum group of metals have not been stud- 
ied as extensively, and only qualitative information 
is available on the vapor pressure of palladium. Data 
given in literature by Vines’ and Brewer’ on the 
vapor pressure of palladium are based on the quali- 
tative observations by Holborn and Austin*® and 
Crookes* on the rate of volatilization of palladium 
filaments in various atmospheres. The general obser- 
vation that palladium is the most volatile metal of 
the palladium-platinum metal group was corrobora- 
ted by Bell, Love and Normand’ who studied the 
separation of isotopes of the platinum-group metals 
by a mass spectrometric method. 

We have measured the vapor pressure of palla- 
dium using the Knudsen effusion technique. In this 
work, the effusion vessel was suspended from a 
quartz-fiber microbalance into an induction furnace, 
and the amount of vapor effusing from the vessel 
was determined by direct weighing of the vessel 
during the measured heating times. This technique 
has been described in a report from this laboratory.’ 
The vapor pressure of palladium was calculated 
from these measurements using the equation 


w 
a 


where w is the weight loss in grams of vapor of molec- 
ular weight m from a vessel having an orifice of a sq 
em, during t sec. The derivation of this equation from 
kinetic theory has been described in a previous re- 
port from this laboratory,’ as well as in texts discus- 
sing the kinetic theory of gases.” ° 

Test Vessel—In the search for a suitable material 
for the effusion vessel, it was found that tantalum 
reacted with palladium metal to form intermetallic 
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compounds, and graphite was readily dissolved in 
palladium metal to form what appeared to be a 
liquid phase at a temperature several hundred de- 
grees below the melting point of palladium. On 
cooling, the graphite gathered into spherical balls in 
the palladium, with crystals extending radially from 
the center of these balls, some of which were a 
millimeter or more in diameter. However, palladium 
metal vapor did not attack the graphite vessel, so 
graphite could be used where it did not contact 
condensed palladium. Tungsten did not appear to 
react with palladium vapor or molten palladium at 
its melting point, but it was not convenient to use a 
tungsten-vapor pressure vessel because of the diffi- 
culty of fabricating this metal. Since the vapor-pres- 
sure range to be studied (10° to 10% mm) did not 
appear to extend above the melting point of pallad- 
ium, a combination of tungsten and graphite served 
to provide a very satisfactory effusion vessel. The 
lower half of the graphite vessel was lined with 
some strips of tungsten foil and the sample of pallad- 
ium consisting of a coil of sheet was placed in the 
tungsten liner; in this way, no contamination of the 
palladium by carbon occurred. 


Procedure 


After outgassing at 1500C, the tungsten-lined 
graphite effusion vessel was loaded with 300 mg of 


40;— 


Fig. 1—The vapor pressure of palladium. 
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Table |. Experimental Data for Vapor Pressure of Palladium 


1 
—x10 Weight 
Run Time, Sec Temp, °K ae Loss, Mg —log Pmm 
1 5400 1388 7.205 0.2089 3.794 
2 2100 1497 6.675 0.4203 3.064 
3 1630 1538 6.502 0.7413 2.701 
4 1220 1603 6.238 1.7068 2.204 
5 4480 1426 7.012 0.3780 3.449 
6 3400 1442 6.935 0.3133 3.409 
7 1989 1518 6.581 0.7021 2.814 
8 3700 1485 6.734 0.7388 3.067 
9 960 1572 6.361 0.9334 2.367 
10 800 1639 6.101 1.8535 1.980 
11 800 1665 6.006 2.6830 1.816 
12 630 1675 5.970 3.0458 1.721 


palladium metal obtained from the American Plati- 
num Works; analysis of this metal showed it to con- 
tain less than 0.1 pct platinum as the major impurity. 
The induction furnace in which the vapor-pressure 
vessel was suspended consisted of a beryllia cruci- 
ble and lid, lined with a tantalum radiation shield, 
with a niobium crucible inside this, serving as the 
heater for the vapor-pressure vessel. The niobium 
served as a getter for the incident palladium vapor, 
preventing its re-evaporation and return into the 
effusion vessel. While maintaining a vacuum of 10° 
mm or less, the furnace temperature was raised to 
the desired range and allowed to become constant, 
and the vapor-pressure vessel was weighed. After 
a measured interval of time, the vessel was re-weigh- 
ed, and the weight loss represented the amount of 
vapor effused from the cell. The temperature of the 
vessel was measured with a calibrated optical pyro- 
meter; black-body conditions prevailed in the fur- 
nace as evidenced by the lack of detail observable 
inside the niobium heater by means of the pyrome- 
ter telescope. 
Results 

The experimental data obtained in this study are 
given in Table I. From these data, the values of the 
vapor pressure at the various temperatures were 
calculated, using Equation [1], which becomes 


Prom = 1.1175 X 10° [2] 


on substituting the orifice diameter of 1.4847 x 107 
cm’ for a, and 106.7 as the value of the molecular 
weight of the vapor species m. The logarithm of the 
vapor pressure plotted against the reciprocal of the 
absolute temperature is shown in Fig. 1, where 


the straight line has been drawn to correspond to 
the least-squares treatment of the data. The equa- 
tion for this line is 


—16860 + 85 
The heat of vaporization of solid palladium metal 
and the free energy of vaporization, calculated from 


the slope of this line and the heat-capacity data 
given in literature’ are: 


AH° =80,000—0.9097 T—0.6431 x 10° T° 
AF° =80,000+ 2.095 T log T + 0.6431 x 10° T°—34.36 T 


= 


Discussion 


We have found the vapor pressure of palladium 
to be higher than the estimated values in literature 
by a factor of about 15. This is not surprising, con- 
sidering the very indirect path required to translate 
into vapor-pressure data the qualitative observations 
of Holborn and Austin on the evaporation of palla- 
dium filaments which were heated to temperatures 
that could not be measured directly, in a chamber 
“pumped out to a water vacuum.” 

The higher binding energies and heats of vapori- 
zation of the transition metals have been correlated 
with the enhanced binding due to the d-electrons 
that are being added to form these metals.” It has 
been observed that the binding energies in the tran- 
sition metals increase with the number of d-elec- 
trons present, until a maximum (or perhaps a 
closely-spaced double maximum) is reached, and 
then decrease as the d-shell fills.” 

The explanation for the fact that the —80 kcal per 
mole heat of vaporation of palladium is so much 
below the values of —148 and—127 kcal per mole, 
respectively, for ruthenium and rhodium’ which 
immediately precede it in this second long period 
may lie in the unique 4d” ground state, of the neu- 
tral palladium atom.” Even in the condensed state, 
there is evidence that the d-shell of palladium is 
more completely filled than in the case of the com- 
parable metals nickel and platinum of the Ist and 
3rd long periods. 

A comparison of the values of the thermal expan- 
sion, compressibility, and atomic volume for the 
iron, cobalt, nickel—ruthenium, rhodium, palla- 
dium—and osmium, iridium, platinum groups” indi- 
cates an abnormally weak binding in the case of 
palladium, which is consistent with the lower value 
of the heat of vaporization that we have found. 
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Ettect of Composition and Heat-Treatment on the 
Uniform Elongation and Flow Properties of 


Alpha-Beta Titanium Alloys 


The flow characteristics and uniform elongation of alph itani i i 

y ¢ pha-beta titanium alloys in the sol - 
ee condition were shown to be markedly affected by the solution emnararine Two ligstecrat 
ap a-beta alloys were distinguished, based on the effect of solution temperature on the uniform 
elongation. Martensitic alpha-beta alloys, which are relatively weakly beta-stabilized, showed de- 
creasing values of uniform elongation as the solution temperature was initially increased. However 
after solution-treatment at still higher temperatures in the alpha-beta field, the uniform elonga- 
tion of these alloys was again high, and often attained its maximum value. Nonmartensitic alpha- 
beta alloys, which are more heavily beta-stabilized, showed a continuous decrease of uniform elonga- 
tion with increasing solution temperature. The behavior was rationalized in terms of the alpha-beta 
ratio and the alloy content of the beta existing at the solution temperature. The data indicate that 
in commercial practice close temperature control may be required to get maximum uniform elonga- 
tion, and hence, maximum potential formability, in solution-treated sheet. Bend-test data also were 


obtained for the solution-treated conditions. 


by A. J. Griest, H. A. Robinson, and P. D. Frost 


MOST important objective of current titanium 

research is the development of age-hardenable 
alloys with superior formability in the solution- 
treated condition. Alpha-beta titanium alloys have 
been shown to be amenable to high-strength aging 
treatments after solution-treatment in the alpha-beta 
field. However, heat-treatment data on the proper- 
ties of solution-treated sheet, such as uniform elon- 
gation, minimum bend radius, and flow properties, 
which have a bearing on the potential formability, 
have not been widely available. This paper presents 
only the most significant results of a research pro- 
gram conducted at Battelle for the Air Force in an 
effort to develop sheet alloys that can be formed 
readily as solution-treated and subsequently aged to 
very high strengths. Data for 10 compositions repre- 
sentative of the more than 25 alloys studied in this 
program are presented. A primary objective of the 
paper is to demonstrate the pronounced dependence 
of the flow characteristics and uniform elongation on 
solution-treatment temperature. This effect is be- 
lieved to be vitally important in the commercial 
heat-treatment of age-hardenable titanium sheet 
alloys. 


Experimental Procedures 
Melting and Fabrication—The nominal and actual 
compositions, beta transi temperatures, and rolling 
temperatures of 10 of the 30 alloys studied are pre- 
sented in Table I. Stock for two of the alloys, E (Ti- 
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8Mn) and J (Ti-6Al1-4V) was obtained from com- 
mercial heats. The remaining heats, except D and I, 
were double melted as 10-lb heats in a consumable- 
electrode furnace. Melting stock was 120 Brinell 
hardness sponge. The oxygen and hydrogen analyses 
spotted throughout the heats indicate the range of 
interstitial levels resulting from the melting practice 
used. Heats D and I were melted as 20-lb ingots with 
the same grade of sponge. These ingots were cut in 
half and one portion used in the present evaluation. 

The ingots, which were about 4 in. diam and 4 in. in 
height, were upset forged and drawn at 1750°F to 
sheet bar % in. thick by 2% in. wide in such a man- 
ner that the top of the ingot corresponded to the top 
of the sheet bar. Slabs of the sheet bar, 5% in. in 
length were scalped to ¥% in. thickness and rolled at 
the temperatures indicated in Table I to approxi- 
mately 0.055 in. sheet. Elongation during rolling took 
place at 90° to the original forged length. The 
fabrication procedure used is described in some 
detail since the experimental heats showed consid- 
erable directionality in mechanical properties. The 
rolling procedures for the commercial heats were 
unknown, but were such as to produce essentially 
isotropic properties. All heats, as rolled, showed 
microstructures typical of alpha-beta alloys worked 
in the alpha-beta field; that is, the structures con- 
sisted of equiaxed alpha particles in a beta matrix. 

Heat Treatment— The effects of solution and aging 
heat-treatments on the properties of the alloys were 
evaluated using longitudinal and transverse tensile 
and bend coupons sheared from the sheet. Two or 
three solution-treated conditions were evaluated for 
each alloy. In addition, the alloys were also tested 
after annealing at 1200°F for 4 hr and furnace cool- 
ing. The solution-treated and annealed conditions 
were those in which the alloys might be expected to 
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Fig. 1—Effect of annealing or solution temperature on uni- 


form elongation of alpha-beta titanium sheet alloys. Proper- 
ties are for longitudinal specimens. 


be relatively soft and ductile and represent the con- 
ditions in which forming operations would be carried 
out. Solution and annealing treatments were carried 
out in a helium-atmosphere furnace. In addition, 
aging treatments were carried out after selected 
solution-treatments to determine the extent to 
which the alloys developed high strength and duc- 
tility. The aging treatments were carried out in a 
circulating air furnace. 

After heat-treatment, the tensile and bend blanks 
were vapor-blasted to remove scale. Tensile speci- 
mens, ¥% in. wide with a 2-in. gage length, were 
then machined from the blanks. Bend specimens, 4 
in. in length, were finished to 1% in. width. After 
machining, all specimens were pickled in a 70 pct 
HNO,-10 pct HF-20 pct H.O solution to remove 
about 0.002 in. off each surface. Negligible hydrogen 
pickup has been shown to result from this bath. 

Tensile Tests—Tensile tests were conducted on a 
Baldwin-Southwark universal testing machine. A 
constant head speed of 0.02 ipm was used to yielding 
and a head speed of 0.1 ipm from that point to frac- 
ture. Strain measurements were made with a loop- 
type extensometer constructed at Battelle. This 
instrument translates the extension of the test 
specimen into elastic deflections of a pair of semi- 
circular copper-beryllium loops to which are affixed 
SR-4 strain gages. The instrument is calibrated with 
precision gage blocks and the strain-gage readings 
corresponding to given specimen extensions deter- 
mined. The design is such that the elastic and plastic 
strains up to fracture can be determined without 
damage to the extensometer. 
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Fig. 2—Effect of annealing or solution temperature on uni- 
form elongation of alpha-beta titanium sheet alloys con- 
taining 2 pct aluminum. 


Tensile tests were conducted in duplicate. The 
results of several hundred sets of tensile tests made 
during the course of the research showed that the 
reproducibility of the measurements was quite 
satisfactory. 


Uniform Elongation Measurements—For the an- 
nealed and solution-treated specimens, true stress 
(o)-true strain (8) data were calculated for the plas- 
tic-strain range up to the maximum load point. The 
data were plotted on specially prepared log-log 
graph paper on which the true stress scale ran from 
90,000 to 200,000 psi over a length of 7-% in., and 
the true strain scale ran from 0.005 to 0.30 in. per 
in. over a distance of 6-%in. In determining the 
strain-hardening exponent n, the large scale graph 
paper was found to be necessary to permit taking 
full advantage of the accuracy inherent in the stress- 
strain measurements. 


The value of strain, 8 ax, at the maximum load of 
the load-elongation curve is numerically equal to the 
slope of the log stress-log true strain curve if the 
latter curve is linear over a range of strain contain- 
ing Oma. Assuming that necking begins at the 
maximum load point, the values of 8... and the 
strain-hardening exponent, n, provide independent 
measurements of the uniform elongation. 

In the present work, the agreement of n and 8 max 
was quite satisfactory, and both measurements are 
reported. For a large number of specimens, the max- 
imum in the load-elongation curve extended over 
several per cent of strain. The range of 8 »ax was re- 
corded in these cases. The n-values reported are 
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Table I. Compositions, Beta Transi, and Rolling Temperatures of Experimental Sheet Alloys 


intended Composition as Analyzed, Wt Pct Beta Rolling 
cation Composition Mn Vv Mo Fe Cr Al oO H Cc N Transus, Tg’, °F Temp, °F 
A Ti- = 
D Ti-3Mn-1Mo-1Fe- = = == — 1525<Tg<1550 1400 
E 0.92 1.04 0.84 0.02 0.012 1450<Tg<1475 1375 
Ti-3Mn-1Mo-2A1 = = 0.148 0.0073 0.04 0.016 -1500 
G 3.23 0.98 2.27 0.103 0.0044 0.01 0.010 1500 
H Ti-3Mn-3Mo-2A1 = 0.102 0.0034 0.01 0.009 1550<Ts<1575 1425 
I Ti-3Mn-1Mo-1Fe- 0.138 0.0057 0.01 0.016 1600 1500 
-1V-2Al 3.33) 0.95 0.98 1.20 0.81 2.0 — — 1550<T, 

J Ti-6Al1-4V> — 4.97 6.00 0.125 0.0070 0.03 0.017 


@ Not determined. 
> Commercial heat. Rolling temperature not known. 


those for the portion of the flow curve containing 


maxe 


For a number of specimens, the uniform elonga- 
tion also was checked by measuring the residual 
strain outside the necked portion of the tensile speci- 
men. Gage marks spaced at % in. were stamped on 
the reduced section of the specimen for these meas- 
urements. In general, these measurements checked 
the nm and $,.x-values within the limits of accuracy 
-of the residual-strain measurements. 


In view of the foregoing considerations, the uni- 
form elongation was believed to be reasonably well 
represented by the values of n and 64,,.x obtained. 
Various authors have questioned the validity of 
these parameters as measures of the uniform 
elongation. However, for the purposes of this evalu- 
ation, the measurements are believed to be com- 
pletely satisfactory. 

Bend Tests—All specimens were examined at 
X20 for cracks, the smallest radii at which no failure 
occurred being reported as the minimum bend 
radius in terms of the sheet thickness. Guided bend 
tests were conducted with a 75-deg V-bend test die. 
Reverse bends were made on opposite ends of du- 
plicate specimens. Thus, the minimum bend radii 
reported are the average of four values. 


Experimental Results 


The data of Table II present values for the uni- 
form elongation, minimum bend radius and total 
elongation for longitudinal specimens of a number 
of solution-treated and annealed conditions for 10 
alpha-beta alloys. The total elongation measure- 
ments were made using dividers, and in some in- 
stances these values are lower than $,,.x aS measured 
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with the loop extensometer. The discrepancy, how- 
ever, is within the limits of accuracy of the meas- 
urement of the dividers. In addition, strength and 
elongation values are given for selected aged con- 
ditions following some of the solution treatments. 

The first nine alloys of Table II fall into two 
groupings as regards aluminum content; the first 
five are aluminum-free and are listed in the ap- 
proximate order of increasing equivalent beta- 
stabilizer content. Iron is a much more potent beta 
stabilizer than molybdenum, which accounts for 
the relative positions of the Ti-4Fe and Ti-8Mo 
alloys in the foregoing order. The next four alloys 
of Table II contain 2 pect aluminum and are again 
listed in order of increasing beta stabilizer content. 
The last alloy of Table II is Ti-6Al1-4V, a commer- 
cially produced composition. 

The uniform elongation data of Table II are 
summarized graphically in Fig. 1 for the first five 
alloys (A-E), and in Fig. 2 for those of the second 
group (F-I), containing 2 pct aluminum. 

Referring to Fig. 1, the data show that the alloys 
of this group may be divided into two subclasses. 
For alloys A and B (Ti-3Mn-3Mo and Ti-8Mo) the 
uniform elongation decreased initially as the solu- 
tion temperature was increased. As the solution 
temperature was increased still further, however, 
the uniform elongation increased once again. Flow 
curves for the Ti-8Mo alloy are shown in Fig. 3. 
As solution-treated at 1450 F, the $,,.. range of this 
alloy was 0.201-0.230 and the n-value for this range 
of strain was 0.233. Alloys which exhibit this type of 
behavior are called martensitic alpha-beta alloys 
for reasons which will be presented in the “Dis- 
cussion.” These data show clearly that, during a 
solution-treatment, relatively small variations in 
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Table II. Effect of Annealing or Solution-Treatm 


ent Temperature on Strain-Hardening Exponent, n, and Strain at 


Maximum Load, Sinax, of Various Alpha-Beta Titanium Alloys 


Total 
Elongation 


if Elongation 
Measures of Uniform g 


train- 
Alloy Annealing or Exponent Maximum 
Designation Nominal Composition Solution-Treatment n Load, dmax 
14.0 
i= 1200°F-4 hr-FC 0.111 0.100-0.119 
1375°F-% hr-WQ 0.045 0.038 
1450°F-% hr-WQ a 0.137 
i= 00°F-4 hr-FC 0.083 0.075-0.09 . 
1300°F hr-WQ 0.053 0.045-0.070 33 
1375°F-% hr-WQ <0.01 
1450°F-'% hr-WQ 0.233 0.201-0.230 
i- 1200°F-4 hr-FC 0.104-0.126 35 
= 1300°F- hr-WQ 0.093 0.094-0.117 2.0T 168 
1375°F-'% hr-WQ 0.086 0.089-0.093 
1450°F-1%2 hr-WQ 0.045 0.043-0.059 
i- -1V- - - 1200°F-4 hr-FC 0.119 0.113-0.124 F : 
1400°F-% hr-WQ — 0.016 
i= 1200°F-4 hr-FC 0.124 0.136 ; 
1300°F-'% hr-WQ 0.127 0.115 
1375°F-'%2 hr-WQ 0.090 0.093 
1450°F-'4%2 hr-WQ 0.045 0.038 
i- 1200°F-4 hr-FC 0.121 0.092-0.104 2.5 
1350°F-% hr-WQ 0.100 0.092-0.108 2.0T 
1450°F-%% hr-WQ 0.125 0.127-0.143 
1550°F-%2 hr-WQ a 0.119 
i- = 1200°F-4 hr-FC 0.121 0.115-0.130 
1300°F-1%2 hr-WQ 0.103 0.102-0.124 2.5T 
1400°F-% hr-WQ 0.086 0.094-0.104 
1500°F-% hr-WQ a 0.125 
i- - -2Al 1200°F-4 hr-FC 0.117 0.111-0.133 5 5 
1350°F-'% hr-WQ 0.079 0.084-0.096 2.0T 
hr-WQ a 0.021 2.5T 
1550°F-% hr-WQ a 0.108 3.0T 12 
14.5 
I Ti-3Mn-1Fe-1Mo-1V-1Cr-2Al 1200°F-4 hr-FC 0.089 0.085-0.104 2.0T 
1300°F-1%% hr-WQ 0.086 0.088-0.098 
1475°F-'¥%2 hr-WQ 0.033 0.033 3.5T 
J Ti-6Al1-4V 1200°F-4 hr-FC 0.041 0.034-0.050 6.0T a 
1400°F-%2 hr-WQ 0.093% 0.035° 
1600°F-12 hr-WQ a 0.101 3.0T 9.5 
1750°F-%2 hr-WQ 0.049% 0.058-0.066” 6.5T 4.0 


¢ Condition in which strain induced f > a’ transformation presumably occurred. Stain-hardening exponent cannot be used as a measure 


of uniform elongation in this case. 
> Single value. 


temperature may produce large changes in uniform 
elongation. 

Referring again to Fig. 1, alloys C, D, and E (Ti- 
4Fe, Ti-3Mn-Complex, and Ti-8Mn) are typical of 
a second subclass of alpha-beta alloys. For these 
alloys, the uniform elongation decreases continu- 
ously with increasing solution or annealing temper- 
ature. These alloys are sufficiently beta-stabilized 
so that the beta to alpha-prime reaction (martensite 
reaction) does not occur on quenching from the 
alpha-beta field or on straining at room tempera- 
ture. These alloys are termed nonmartensitic alpha- 
beta alloys. 

Flow curves are shown in Fig. 4 for the Ti-8Mn 
alloy. It is seen from these flow curves that the 
flow stresses for a given strain increase with in- 
creasing annealing or solution temperature. 

Fig. 2 presents in the same manner as that of 
Fig. 1 the data for the second group of alloys con- 
taining 2 pct of aluminum (heats F-I). Of these 
alloys, the first three, F, G, and H, fall into the mar- 
tensitic class of alpha-beta alloys. For alloys F and 
G, the minimum in the uniform elongation curve is 
not very sharp. This is believed to result from the 
choice of solution temperatures. Alloy I is the only 
one of this group which shows behavior typical of 
nonmartensitic alpha-beta alloys. 

Fig. 5 presents flow curves for alloy G (Ti-5Mn- 
2Al). For this alloy (and for the Ti-3Mn-3Mo-2Al 
alloy also) the flow curves for the three lower solu- 
tion temperatures are in accord with the previously 
discussed data. That is, for a given strain the flow 
stress increased with increasing solution or annealing 
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temperature. For these three solution temperatures, 
the values of n and 8... were in good agreement. For 
specimens quenched from the highest solution tem- 
perature, 1500°F, however, the initial flow stresses 
fell to very low values and the strain-hardening was 
very rapid beyond about 0.04 strain. Values of n 
determined for the latter portion of the curve were 
very much greater than $,,,x, and could not be used 
as a measure of the uniform elongation. This condi- 
tion is typical of martensitic alpha-beta alloys solu- 
tion-treated at temperatures in the alpha-beta 
field at which the beta contains sufficient alloy to 
be retained on the quench, but not enough to pre- 
vent transformation on straining. 


Fig. 6 presents flow curves for the nominal Ti- 
6A1-4V alloy. This alloy is a martensitic alpha-beta 
type. The aluminum, which partitions primarily to 
the alpha phase, causes the uniform elongation to 
be somewhat low as annealed at 1200°F, and as solu- 
tion-treated at 1400°F. However, the flow curves of 
the specimens solution-treated at 1600°F show the 
behavior typical of strain-induced martensite for- 
mation and in this condition the uniform elonga- 
tion is relatively high. 

Bend-Test Measurements—Referring to Table II, 
it is seen that the minimum bend radius for most 
alloys was about 1.5 to 2.5 T when annealed at 
1200°F or solution-treated at temperatures low in 
the alpha-beta field. For a number of alloys, the 
minimum bend radius was about 1 T higher when 
treated at the highest solution temperature investi- 
gated in this work. 
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Of particular note are the poorer bend radii f 
the Ti-6Al1-4V alloy, which ranged from 3 to éT. 
For this alloy, the best value of minimum bend ra- 
dius, 3T, was obtained after solution-treatment at 
1600°F. This was the condition in which the uniform 
elongation attained its highest value. Thus, insofar 
as the uniform elongation and minimum bend radius 
influence potential formability, it appears that solu- 
tion-treatment in this temperature range will pro- 
duce the best forming characteristics for the Ti- 
6A1-4V alloy. 

Directionality in Experimental Sheet Alloys—The 
properties presented for all alloys are for longitudi- 
nal specimens. The fabrication procedure used for 
the experimental heats produced marked direction- 
ality. In general, strength was higher and ductility 
and uniform elongation were lower in the transverse 
direction. Although the precise shape of the uniform 
elongation-solution temperature curves, such as 
those of Figs. 1 and 2, will depend on fabrication pro- 
cedure, and so on, the curves for martensitic alpha- 
beta alloys will show a minimum, while those for 
the nonmartensitic alloys will not. 


Discussion 

The behavior of the uniform elongation with re- 
spect to the solution temperature can be rationalized 
in terms of the alpha-beta ratio and the alloy con- 
tent of the beta existing at the solution temperature. 
Fig. 7 is a portion of a schematic phase diagram of a 
binary titanium system with a beta-stabilizing ele- 
ment. The range of composition indicated by A-D is 
that of the alpha-beta alloys of this system. Alloys 
to the left of the cross-hatched area, such as B, are 
martensitic alpha-beta alloys. The uniform elonga- 
tion behavior of this class of alloy is illustrated by 
the schematic inset diagram I. For these alloys, as 
the solution temperature is increased from T; through 
T, to T,, the uniform elongation continues to fall. 
At these temperatures, the tie lines (b-b’, etc.) show 
that the beta-phase composition, as indicated by 0’, 
c’, and d’, falls to the right of the cross-hatched area. 
Alloys such as B, when quenched from these tem- 
peratures, will contain beta phase sufficiently alloyed 
to be retained on quenching or on straining. Marten- 
site formation, therefore, does not occur in this alloy 
when solution-treated at these temperatures. The 
decrease in uniform and total elongation as the 
temperature is increased from T, to T, is probably 
due to the increasing amounts of beta phase in the 
microstructure, and the decrease in the alloy content 
of the beta phase to the composition range where 
omega formation is a product of beta decomposition. 

At temperature T;, however, the beta-phase com- 
position of alloy B falls to the left of the cross- 
hatched area and the alloy would quench out to 
alpha prime. If the beta-phase composition falls 
near or in the cross-hatched area, beta may be re- 
tained on the quench, but may transform to marten- 
site on straining. Simultaneously, the uniform elon- 
gation is again high for specimens solution-treated 
at temperatures analogous to T;, as shown in the 
inset diagram I. 

For nonmartensitic alpha-beta alloys, such as C, 
the beta-phase composition lies to the right of the 
cross hatched area for all solution temperatures, as 
indicated by the lines a-a’, b-b’, and c-c’. The uni- 
form elongation decreases continuously with in- 
creasing solution temperature as shown in the inset 
diagram II in Fig. 7. 

The range of composition in which the cross- 
hatched area falls depends on the alloy system. For 
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Fig. 7—Titanium-rich end of a schematic phase diagram of 
a titanium-beta stabilizer system. Inset diagrams | and II 
show schematically behavior of uniform elongation with 
solution temperature for martensitic and nonmartensitic 
alpha-beta alloys, respectively. 


the binary titanium-manganese system it is probably 
about 6 to 7 pct manganese, and for the binary mo- 
lybdenum system it is approximately somewhere 
between 9 and 10 pct molybdenum.* 


Summary 

The flow characteristics and uniform elongation of 
alpha-beta titanium alloys in the solution-treated 
condition were shown to be markedly affected by 
the solution temperature. The uniform elongation of 
martensitic alloys decreased as the solution temper- 
ature was initially increased, but then increased 
again on solution-treatment at still higher temper- 
atures, perhaps attaining its maximum value. Non- 
martensitic alpha-beta alloys, on the other hand, 
showed a continuous decrease of uniform elongation 
with increasing solution temperature. The behavior 
was rationalized in terms of alpha-beta ratio and the 
alloy content of the beta existing at the solution 
temperature. The uniform elongation was lower the 
greater the amount of metastable beta in the micro- 
structure. 

The data indicate that in practice, very close con- 
trol of the solution temperature may be necessary in 
order to attain maximum uniform elongation, and, 
hence, maximum formability in solution-treated 
sheet. 
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Technical Note 


Twinning and Cleavage in Tantalum 


by C. S. Barrett and R. Bakish 


1 Ee experiments on tantalum strained in tension, 
Bechtold did not observe deformation-twin- 
ning even at a temperature as low as that of liquid 
air.’ This is an unexpected behavior for a metal of 
body-centered-cubic structure. Therefore, it is de- 
sirable to determine whether the lack of twinning 
is an inherent characteristic of this particular metal, 
or whether the reluctance to twin can be overcome 
under suitable conditions. The following experi- 
ments were performed under conditions favorable 
to twinning and cleavage in their competition with 
slip, namely, with impact loading on large-grained 
sheet at low temperatures. 

The crystallography of cleavage in tantalum 
sheet was also investigated carefully because of the 
remarkable ductility of tantalum at low tempera- 
tures and because recent tests on oxygen-embrittled 
tantalum had disclosed unusual cleavage behavior 
for a metal of this structure: cleavage primarily on 
{110} planes and only occasionally on {100}.’ 

The tantalum, supplied by Fansteel, was of 99.9 
pet purity, with the chief impurities being iron 
(0.03 pct) and carbon (0.03 pct). Coarse grains 
were produced by the strain-anneal method, the 
anneal being 4 hr at 2000°C in a vacuum of 10° mm 
Hg, followed by furnace cooling. 

Impact deformation was applied in various ways: 
a) by hammer blows on an anvil, the specimen 
and anvil being immersed in liquid nitrogen 
( —196°C), b) by driving a precooled center- 
punch into the sheet, and c) by bending around a 
crystallographically determined axis with a ham- 
mer blow. 

The impact-deformation produced bands and 
slip lines on the surface, Fig. 1. The bands have 
every appearance of being deformation twins. 
a) They are tilted with respect to the untwinned 
surface. b) They have the appearance of Neumann 
bands in iron, thin lens shape, some having serrated 
edges. c) The orientation in each is different from 
that of the surrounding matrix and uniform with- 
in a given band, see slip lines within them in Fig. 1. 
d) Upon repolishing and etching, the difference in 
orientation and the resemblance to Neumann bands 
is again evident, Fig. 2. (In this micrograph the 
slight bend in the bands as they cross grain boun- 
daries was noted frequently and results from the 
high degree of preferred orientation in the sheet.) 
e) The bands persist after annealing treatments that 
would have removed them had they been a low- 
temperature martensitic phase, e.g., after an anneal 
of % hr at 900°C. 

When back-reflection Laue data were plotted for 
single-surface analysis of several grains, every trace 
of the bands in each grain could be explained by 
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{112} planes. In addition, two of the bands were 
located in space by traces on two surfaces, and these 
also were found to lie on {112} planes within the 
error of the stereographic plot. Since {112} is the an- 
ticipated composition plane for deformation twins 
in body-centered-cubic metals it is felt that the ob- 
servations listed above are conclusive evidence for 
the identification of the bands as twins. 

Similar tests with impact at —77° and at 25°C pro- 
duced no twinning. It is concluded that the critical 
shear stress for slip at the rates of straining used 
was always low enough to prevent the applied stress 
from reaching the value required for twinning at 
these temperatures. 

It was noted that the serrations along the edges 
of the twin bands exhibited parallel crystal facets. 
Several similarly oriented notches are visible in Fig. 
1, and a remarkable set is shown in Fig. 3. It ap- 
pears from Fig. 1 and similar areas that notches 
are frequently associated with the intersection of a 
slip line with a twin, although not all such intersec- 
tions are at notches. In some instances a slip line ap- 
pears to enter the twin, cross it, reflect from the 
opposite side and recross it, producing a pattern re- 
sembling a notch but without producing the notch 
itself, see Fig. 1. 

It is suggested that the stress concentration at the 
end of a slip line is responsible for these details. The 
strain energy associated with the pile-up of disloca- 
tions at a twin boundary may be lessened by untwin- 
ning or failing to twin a portion of the twin band, or 


EMMA 
Fig. 1—Strain markings in tantalum after impact deforma- 


tion at —196°C. Unetched. X500. Enlarged approximately 10 
pct for reproduction. 
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Fig. 2—Other grains of the same sample. Mechanically pol- 
ished, etched in equal parts NH.F and HF. X500. Enlarged 
approximately 10 pct for reproduction. 


by partially or fully compensating for the shear of 
twinning by the movement of dislocations along the 
boundaries of the notches. The fact that some of the 
notches show shades of gray, indicating an orienta- 
tion intermediate between matrix and twin, and the 
fact that the boundaries of the notches are usually 
parallel to neighboring slip lines in a twin, suggest 
that the notches are associated with the slip process 
mentioned above rather than the untwinning process. 
It is also possible that some of the notches result 
from inclusions that interfere with twinning in their 
immediate vicinity. 

In Fig. 3 a series of notches are seen that are cor- 
related on the two sides of a twin band in such a way 
that they meet accurately along the center-line of the 
twin, dividing it into a row of segments that are 
diamond-shaped in cross section. This unusual 
geometry cannot be explained if notches originate at 
random on the two sides, but would be explained if 
it is postulated that a twin starts as a very thin disk 
that later thickens on both sides, and that the 
notches start on both sides of the thin twin and 
grow with the thickening of the twin. Dislocations 
could distribute themselves along the boundaries 
of the notches in such a way as to lessen strain 
energy and eliminate twin-boundary energy. 

Neumann twins in iron also commonly exhibit 
similar parallel-sided, saw-toothed edges. A study 
of these that had been produced in large grains of 
hydrogen-purified low carbon steel by impact at 
—196°C disclosed also that many of the notch- 
edges lie in directions that can be accounted for by 
intersections of {112} planes with the surface. 

When samples of tantalum were hammered at 
liquid nitrogen temperature, cracks were not formed 
in abundance nor were the cracks always straight, 
but many examples were finally obtained that were 
suitable for crystallographic analysis. By single- 
surface analysis of grains oriented by X-rays, 14 
different cleavage cracks were found to lie in direc- 
tions that could be explained by {110} planes. Of 


Transactions of The Metal- 
furgical Society of AIME 


Fig. 3—Crystallographic notches in a mechanical twin in 
tantalum. Mechanically polished, etched. X500. Enlarged 
approximately 10 pct for reproduction. 


these, the directions in four could also have been 
accounted for by {100} planes within estimated er- 
rors in direction determination; none required 
{100} without the possibility of {110}. 

In a more rigorous series of tests, seven broken 
fragments were mounted in a Laue back-reflection 
camera with the cleavage surface of each aligned 
normal to the beam using an optical goniometer 
technique. On six of these the cleavage plane was 
found to be (110) within a probable error of 1° to 
2°. One small fragment had a cleavage face within 
1° of (100). 

The tests firmly established that the primary 
cleavage of tantalum at liquid nitrogen tempera- 
ture is on {110} and indicate that a very minor 
cleavage is on {100}. Since cleavage in body-cen- 
tered-cubic metals is usually found to be on {100} 
planes only, it must be concluded that the cleavage 
habit varies among the different metals with this 
structure. 


Summary 


Impact deformation of tantalum sheet (99.9 pct 
purity) produces twins at —196° but not at —77° or 
25°C. The twins are on {112} planes; they resemble 
Neumann twins in iron; some have saw-toothed 
edges that may be accounted for by local conditions 
around piled-up dislocations and around inclusions. 
Small amounts of crystallographic cleavage were 
observed under impact at —196°C. Cleavage facets 
were chiefly on {110} planes, unlike cleavage in 
other body-centered-cubic metals; there was also a 
minor tendency to cleave on {100}. 


Acknowledgment 
This work was supported in part by the sponsors 
of the Institute for the Study of Metals, University 
of Chicago. 


References 


1J. H. Bechtold: Acta Metallurgica, 1954, vol. 3, p. 249. 
2R. Bakish: To be published. 


FEBRUARY 1958—123 


Tensile Strength of Sintered Iron Powder as a 
Function of Surface Area and Particle Shape 


The relationship between areas of iron powders, briquettes, and sintered compacts and nis 
strength has been determined. It has been found necessary to distinguish between two pe oO eas 
which exist in such powders—a macroscopic area due to the shape and size of particles on ia 
microscopic area due to pores and cracks in the surface. Only the macroscopic area, speci pee 
the area due to particle irregularity, contributes to tensile strength; the microscopic area cone ; e 
forced into contact with adjacent particles and does not participate in bond formation. Of t i wo 
methods of area measurement employed in this study—permeability to liquids and gas-phase cleats 
tion—only the former is useful for determining the roughness factor. A measure of this roug pa 
(area measured by permeability to liquid) + (area of powder with the same size distribution, . 
made up of spherical particles), is shown to be uniquely related to tensile strength at constan 
density. The other important factors in determining the strength of sintered-metal compacts are 
the density and presence or absence of surface oxide. 


by P. R. Basford and S. B. Twiss 


AR HE manufacture of metal parts by the process of 
powder metallurgy is an important and rapidly 
growing industry. Progress has been rapid and con- 
tinuous, largely because of the excellent research in 
the field. Nevertheless, the process remains inher- 
ently complex and empirical. Several investigators 
have shown that the properties of the final compact 
must depend on many variables; namely, shape,* 
size distribution,’” and composition® of the original 
particles, the pressure necessary to compress to the 
desired density, the density of the compact, the time 
and temperature of sintering, and so on. Through 
the application of some new techniques to the study 
of powders and compacts, and the correlation of a 
number of observations of known variables, the 
present paper attempts to clarify and simplify the 
underlying theory of the powder-metallurgy process. 

Any theory must start with the obvious fact that 
the strength of a compact, its most useful property, 
is due to the formation of welded areas between 
adjacent particles, and attempt to deduce what 
effect other variables will have on (a) the area and 
(b) the intrinsic strength of these welds. Such 
welded areas can be demonstrated by electron 
micrographs, as in Fig. 1. It was believed that (a) 
could be most directly studied by means of surface- 
area measurements on the original powders and on 
the compacts made from them; the area decrease 
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should be related closely to the welded area. A 
representative group of eleven iron powders from 
commercial sources, and made by a variety of proc- 
esses, was chosen for this study. In addition to the 
surface-area measurements, correlations were estab- 
lished between the tensile strength and all the 
known variables which might possibly affect it. 

The results are quite unexpected. They indicate 
that the situation is much simpler than the authors 
had anticipated. The strength of the sintered com- 
pact is determined, indeed, by no more than three 
variables; viz., the irregularity of the original par- 
ticles, the density of the compact and, in excep- 
tional cases, the amount of surface oxide. All three 
had been recognized previously as having some 
effect on the tensile strength, but in the absence of 
the special techniques and interpretations to be de- 
veloped here, there could be no suspicion that they 
were the only relevant variables. 


Materials and Methods 

Material—All the iron powders were commercial 
products obtained from the Amplex Division of 
Chrysler Corporation. Powders A, B, C, and J were 
very pure electrolytic iron. Powder D was made 
from oxidized scrap reduced by heating with an 
excess of cast iron. Powder E was a high-grade iron 
ore reduced by hydrogen. Powder I was prepared 
by atomizing molten cast iron in an air blast, 
quenching the droplets in cold water, and crushing 
the coarse powder. Mill scale (oxide) is added and 
the mixture heated to reduce the high carbon con- 
tent. The other powders were all prepared by re- 
duction of iron oxides, such as mill scale. They 


Transactions of The Metal- 
lurgical Society of AIME 


| 
| 
| 
| 
— | 


showed wide differences in analysis, size distribu- 
tion, and appearance under the microscope. 

; All tensile specimens were sintered 2 hr at 2100°F 
In a cracked-gas atmosphere. Before use, the pow- 
ders were extracted exhaustively with dry ether 
and dried in a vacuum oven. Care had to be taken 
to secure representative samples, since segregation 
of sizes can occur very easily. 

The krypton and nitrogen used for the area meas- 
urements by absorption were obtained from Linde 
Air Products Company. The krypton was of spec- 
troscopic grade, and was not purified further. The 
nitrogen, of dry oil-pumped grade, was passed over 
heated copper gauze and P.O, to remove traces of 
oxygen and water. 


Surface Area Measurements by Adsorption—It 


was found that area measurements of the necessary _ 


precision could be obtained by nitrogen adsorption’ 
only for the —325-mesh fraction of the powders. 
The volumetric adsorption apparatus which was 
used presents no unusual features. 

The much lower surface areas of the unfraction- 
ated powders, and of the briquetted and sintered 
samples, could be measured with excellent precision 
by the adsorption of krypton at liquid nitrogen 
temperatures.* 

The apparatus differs from the usual volumetric 
type in that a McLeod gage of low sensitivity is used 
to measure the pressure, and a gas lock is included 
to facilitate control of the small increments. Sam- 
ples (30 to 50 g) were evacuated at 200°C until the 
pressure fell to 1 x 10° mm. If the pressure remained 
below 2x10° mm after 24 hr with the pump cut 
out, measurements could be started. At least 3 hr 
were allowed after the addition of each increment, 
since equilibrium was established rather slowly. No 
further change could be detected, even after ex- 
tended periods. Fig. 2 shows typical rates of ad- 
sorption. 

Surface areas were calculated from the isotherms 
by use of the Brunauer-Emmett-Teller (BET) 
method. The area per krypton atom was measured 
on three powders of known area (anatase, 13.8 sq 
m per g, rutile, 9.4 sq m per g and Fe.O;. 7.5 sq m 
per g and found to be 19.4, 19.4 and 19.6 sq A, re- 
spectively. The average, 19.5 sq A, agrees with 
Beebe’s figure, and was used for the calculations. 

A typical isotherm and BET plot are shown in 
Fig. 3 to illustrate the precision attainable. The re- 
sults are given in Table I. 

Surface Areas by Permeability Measurements— 
For reasons discussed later, it was desirable to com- 
pare the surface areas from gas adsorption measure- 
ments with those from permeability measurements. 
It has been shown by P. C. Carman® who originated 
the method, and others” that the permeability of a 
bed of powder either to liquid or gas is related to 
the surface area by the equation 


14 ( il é 
= 1 
d, Kw (l1—e)’ [1] 


where K, = Vh/ap (V = rate of efflux, h = height 
of bed, a = cross-sectional area, and p = pressure 
drop across bed); d, is the density of the solid par- 
ticles, v is the kinematic viscosity of the fluid, and 
« is the volume fraction of voids in the bed. Since 
the apparatus for use with liquids is much simpler, 
acetone was chosen for the experiments. Fig. 4 
shows this apparatus. Essentially, it is a 25-ml 
Teflon-stoppered burette through which the liquid 
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Fig. 1—Welded areas in sintered sample of Powder G. 
X15,000. Reduced approximately 40 pct for reproduction. 


flows under the influence of gravity alone. It is pro- 
vided with a removable vacuum-tight mercury seal, 
and means for introducing the liquid while the pow- 
der is under vacuum. Trapped air bubbles, which 
could not be avoided otherwise, led to very erratic 
results. The efflux time, At, was noted for each of 


a series of 1-cc volumes at various heights. When V 
(i.e., 1/A t) is plotted against the burette reading at 
the midpoint of each volume, straight lines like 
those shown in Fig. 5 are observed. K, is determined 
from the slope of these lines 


Soke ( height of bed ) [ dV | 
Hy pe density of liquid d (burette reading) 


[2] 


Both the density and the viscosity must be cor- 
rected to the observed room temperature. 
The average surface areas are included in Table I. 
Tensile Strength—Well-mixed samples of the 
powders were pressed to the desired density in a 


VOLUME ADSORBED, cm ,stP) 


i 4 1 4 


fC) \ 2 3 4 5 6 7 8 
TIME, HRS. 


Fig. 2—Rate of adsorption of krypton on Powder G, pressed 
and sintered. 1) Equilibrium pressure = 0.085 mm. 2) Equi- 
librium pressure = 0.801 mm. 
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Fig. 3—Isotherm 
and BET plot, 
krypton on powder 
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special die, ejected, and sintered as described pre- 
viously. Tensile tests followed ASTM Specification 
No. E8-52T. In order to avoid, as far as possible, the 
large variability inherent in tensile tests, results 
from at least five supposedly identical samples were 
averaged. These average values are given in 
Table I. In spite of this precaution, it is believed 
that the tensile strength is less accurately known 
than any of the other variables. 

Size Distribution—The larger iron-powder par- 
ticles were separated on a set of Tyler screens con- 
forming to Bureau of Standards specifications. The 
amount retained in each screen was weighed. The 
fraction by weight of the powder having a radius 
less than 7; (7; = ¥% the effective opening of the ith 
screen) is plotted against 7,. The derivative of this 
curve, p(7), has the property that the weight frac- 
tion of particles whose radii lie between r and 
(r + dr) is equal to p(r) dr. 

Particles too small for screen analysis (radius less 
than 22,4) can be included in this treatment by 
utilizing photosedimentometer data on the —325- 
mesh fraction. This instrument records automati- 
cally the changing intensity of a light beam passed 
through a suspension of the particles in a liquid as 
settling takes place under the influence of gravity. 
The size distribution is calculated on the assumption 
that the same value of the effective radius deter- 
mines both the rate of settling according to Stokes’ 
law, and the projected area which interrupts the 
light beam. Typical p(r) versus r curves are shown 
in Fig. 6. 

Surface Oxides—Reduction was carried out at 
1200°F in dry hydrogen to prevent loss of carbon 
by diffusion to the surface and formation of CO,” 
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which is observed at higher temperatures. A given 
percentage of surface oxide could correspond, in the 
case of a low-area powder, to a thick layer which 
would make welding difficult, or, on a high-area 
powder, to a thin layer which would have little 
effect. For this reason, the weight percentage of 
surface oxide reported in Table II is not a direct 
measure of the adverse effect of surface oxide on 
welding. A better measure is the average thickness 
of the oxide layer calculated from the formula 


Thickness, A, = 
(g Fe.O, per g sample) x 10° 


(density of Fe.O,) (area of powder, sq cm per g) 


It is not exact, for oxide particles which are likely 
to be present will increase the apparent thickness 
without much effect on welding. Also, part of the 
oxide will be, not Fe.O;, but FeO and Fe,Q,. 

Other Analyses—Standard methods were used for 
all analyses. Since it can be shown that, within the 
range of compositions encountered in this group of 
powders, the minor constituents are without effect, it 
is not necessary to discuss the methods in detail. The 
results for several powders are given in Table III. 


Results and Discussion 
Correlation Between Tensile Strength and Pow- 
der Variables—The original purpose of this work 
was to investigate the connection (believed to be 
very close) between tensile strength and the de- 
crease of surface area during pressing and sintering. 
Since it was recognized that this connection might 


Table |. Surface Areas,’ and Tensile Strength at 5.8 g per cc 


Nitrogen Krypton Adsorption 
Adsorption Permeability Tensile 
—325-Mesh Original Briquetted Sintered Original from Size Strength, 
Powder Fraction Powder Samples Samples Powder Distribution R si 

A 0.444 0.2633 0.0410 0.0380 0.0190 2.00 17100 
B 0.133 0.0868 0.0408 0.0426 0.0186 2.29 14200 
¢ 0.0358 0.0325 0.0286 0.0161 1.79 10400 
D 1.342 0.0322 0.0149 2.16 13400 
E 0.505 0.2022 0.1814 0.0398 0.0291 0.0125 2.34 14400 
F 0.159 0.1579 0.1638 0.0267 0.0236 0.0131 1.82 11400 
G 0.366 0.1229 0.1193 0.0520 0.0295 0.0100 2.95 17400 
H 0.0502 0.0229 2.20 14700 
I 0.0226 0.0098 2.31 9700 
A 0.0284 0.0146 1.94 13100 
K 0.0570 0.0240 2.38 15900 


« Surface areas, sq m per g. 
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Fig. 5—Relation 
between flow rate 


V, and burette 
reading for deter- 
mination of K, for 
various powders. 
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be obscured by the joint effects of numerous other 
variables, it was necessary to determine which vari- 
ables influenced the strength, and to what extent. 
The correlation coefficient, y, defined as 


— (nse = [3] 
where n = number of samples, and t, and x; are the 
tensile strength and the variable z, respectively, for 
the ith sample, can be used for this purpose. 

It will vary from zero (if x has no effect on t) 
through intermediate values (if x is one of several 
variables operating) up to +1 (if x determines t 
uniquely). 

The results of this correlation analysis for the 
group of powders may be summarized as follows: 

1) The composition of the powder could not be 
shown to have any effect on the tensile strength. 
This can be true only within limits; the presence of 
constituents which materially change the tensile 
strength of the solid metal must lead to a propor- 
tional change in the strength of compacts. 

2) It is commonly believed, although the evi- 
dence does not appear conclusive,*” that smaller 
particles form stronger compacts. This is not con- 
sistent with the low degree of correlation (y=0.085) 
found between average particle size and tensile 
strength for the group of nine powders studied. 
Since the powders ranged from very fine to very 
coarse, even this relatively small group suffices to 
show that particle size is not of primary importance. 

3) There is some tendency for harder particles 
to show lower tensile strength, presumably because 
of particle splitting during the pressing operation. 
No relation between hardness and composition was 
observed. Variations in hardness must therefore be 
traceable to the method of preparation, i.e., to the 
metallographic structure, which was beyond the 
scope of this study. 

4) Powders which require a high briquetting 
pressure to reach a given density tend to give 
stronger compacts at that density (y = +0.384). 
Within subgroups (electrolytic, hydrogen-reduced 
oxides, and carbon-reduced oxides) of presumably 
similar structure, the correlation is much closer; 
particle irregularity determines both pressure and 
tensile strength in this case. 

5) With one striking exception (Powder A, with 
very little surface oxide and high tensile strength) 
no relation was observed between tensile strength 
and thickness of surface oxide.“ As noted previ- 
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ously, the latter is not known precisely because of 
the possible inclusion of oxide particles. The results 
may therefore mean (a) that all oxide films thicker 
than about 150 A impede welding equally, or (b) 
oxide particles may have been present in such 
amounts as to give the observed results even though 
the continuous oxide film was equally thick in all 
cases; this is rather improbable. 

6) For the powders tested, an increase in the 
density of the compact leads to higher tensile 
strength. 

7) Neither the original area, S., the decrease of 
area during briquetting and sintering, AS, nor the 
ratio AS/S, shows any relation to the tensile 
strength. 

The important conclusions are numbers 5), 6) and 
7). They will be taken up in order. 

Effect of Surface Oxide on Tensile Strength—A 
series of observations on Powder A shows qualita- 
tively the effect of surface oxide when particle 
shape, metallographic structure, and contamination 
by oxide particles (least probable in an electrolytic 
iron) play no part. Originally the oxide layer was 
24 A thick and the sintered tensile strength 17,100 
psi. After extended storage of the powder under 
conditions where slow oxidation could occur the 
sintered strength dropped to 15,700 psi. Unfortu- 
nately, the thickness of oxide after storage is not 
known. A second lot of Powder A identical with the 
first except for a much thicker oxide layer (135 A) 
showed a sintered tensile strength of 14,400 psi. 
These data are in accord with observation by 
others”” that reduction of an iron powder immedi- 
ately before processing increases the strength of the 
resulting sintered compact. 

The further experiments, preferably on a single 
powder with oxide layers of controlled thickness, 
necessary to establish the quantitative relation be- 


Table II. Thickness of Surface-Oxide Layer 


(g FesO3 per g sample) x 108 


Thickness = 

(density of Fe2.O3) (area of powder, sq cm per g) 
Powder Pct Oxide Thickness, A 

A 0.33 24 

B 0.80 176 

E 1.93 182 

F 2.43 293 

G 1.26 196 
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Fig. 7—Contact 
areas for array of 
uniform spheres. 


tween surface oxide and sintered tensile strength 
could not be included in the present study. 

It was noted previously that the low correlation 
between surface oxide and tensile strength could be 
interpreted as due to the equivalence of all thick 
oxide layers. Conclusive evidence for this will be 
given later in the form of an alternative correlation 
between tensile strength and particle irregularity 
which ignores surface oxide (except for Powder A), 
and for which the correlation coefficient is +0.98. 

Effect of Density on Sintered Tensile Strength— 
Conclusion 6 is almost self-evident; the more a 
powder is compressed, the greater must be the con- 
tact area between adjacent particles, and conse- 
quently the greater the strength. It was believed 
that a detailed analysis of the relation between den- 
sity and sintered tensile strength (using contact 
area as a measure of the latter) would be a valuable 
extension of the theory of powder metallurgy, par- 
ticularly if it could be obtained in a form true for 
all powders and over an extended range of densi- 
ties. This has been done, and the results have been 
shown to apply very exactly to all the powders for 
which information is available. 

The powders themselves, composed of particles of 
all sizes and shapes, defy analysis by their com- 
plexity. However, it is often possible in such cases 
to obtain useful information by (a) setting up a 
prototype system simplified to make analysis pos- 
sible, yet retaining the essential properties of the 
original, (b) studying its properties, and (c) show- 
ing that the original system obeys the same laws as 
the prototype. A hypothetical set of smooth, close- 
packed iron spheres of uniform but unspecified size 
was chosen as the prototype and its behavior under 
isotropic compression investigated. 

The area per contact, «, developed on compressio 
can be approximated as in Fig. 7(a). 


o=a(% [4] 


The force necessary to rupture one such area, sup- 
posed to be welded, is 


[5] 


where T is 48,000 psi, the tensile strength of iron 
whose composition approximates that of powders 
studied, and which has been fully annealed at 950- 
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Fig. 8—Variation of tensile strength with density. 


1200°F.” The component of this force in the direc- 
tion of the tension axis, Fig. 7(b), is 
67 


f COs — T(r — 17’) lb [6] 


For the specimen to break, three contacts must be 
broken on each of the n’ spheres in the plane of rup- 
ture. The total force exerted along the tension axis 


is 
F = 3n’f. = 1? \/6 aT (172 — 7°) Ib [7] 
The area of the plane of rupture is 
A= 25/3 0 sqin. [8] 


from which the tensile strength in pounds per 
square inch is determined: 
F 
[9] 
A 2 le 
If d, and d are the original (close-packed, uncom- 
pressed) and final densities, respectively 


2 2/3 
[10] 
ae 
and 
[ 


Neither the orientation of the tension axis nor the 
size of the spheres affects this result. 

In order to demonstrate that Equation [11] rep- 
resents the behavior of real powders as well as of 


Table III. Typical Analyses of Iron Powders, Pct 


A B D E F G 

Total iron 97.7 99.4 98.3 98.4 98.0 98.1 
Total carbon .............. 0.040 0.025 0.143 0.056 0.099 0.010 
Hydrogen loss ............ 0.877 0.416 0.844 0.674 0.885 0.980 
i «=. 0.229 0.004 0.194 0.137 0.043 - 0.054 
0.0 0.312 0.041 0.387 0.349 


the highly artificial system of spheres, plots of ten- 
sile strength versus (density)** were made for the 
six powders on which information was available, 
Table IV. Typical examples shown in Fig. 8. Equa- 
tion [11] requires that such plots be strictly linear. 
This was observed in every case. In fact, the cor- 
relation coefficients between d’** and t all exceeded 
0.98, a result virtually impossible unless the as- 
sumed relationship between the variables is the 
correct one. 
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Table IV. Effect of Density on Tensile Strength* 


Density, G per Cu In. 
Powder 95 100 105 110 


Slope 

A 17250 22000 27000 32000 6 

B 13700 19000 23000 27000 
D 13650 16000 19000 22000 3933 17.41 
E 14000 19000 22300 26000 5516 18.21 
F 11200 15900 19000 23000 5402 18.70 
G 17000 21500 25000 28000 5124 17.43 
Spheres 0 3900 8100 12200 5853 20.88 


« Tensile strength in psi. 


Additional evidence was obtained by an alto- 
gether different approach. The two parameters 
which determine the t versus d’* lines need not be 
the intercept, d,**, and the slope; they can equally 
well be T, the tensile strength of the solid metal, and 
a geometric parameter which determines both d,”” 
and the slope at unit tensile strength. In this form 
the equation predicts that any powder can be 
uniquely characterized by a single geometric pa- 
rameter, a radical simplification of the whole prob- 
lem for which there was no previous evidence. It 
will be shown in the following section that this de- 
duction can be verified experimentally. Reasoning 
from effect to cause, since two necessary conse- 
quences of Equation [11] (the linearity of the t 
versus d’* plots, and the single geometric param- 
eter for every powder) are observed, it is concluded 
that the equation represents an important and gen- 
eral property of powders. 

Relation Between Area and Tensile Strength— 
There can be no reasonable doubt that the strength 
of a compact depends on the amount of welded area. 
Conclusion (7), that the measured area decrease dur- 
ing briquetting and sintering is not related to the 
tensile strength, appears to be directly contrary to 
this. The seeming paradox can be resolved by closer 
examination of the data in Table I. It will be noted 
that permeability measurements gave consistently 
lower results for the area of the original powder 
than krypton adsorption. The reason is that the two 
methods measure different kinds of areas. The first 
(‘‘macroscopic area’ for convenience) is the geo- 
metric area, determined by the size distribution and 
by the number and extent of irregularities in the 
shape of the particles. This is the area given by per- 
meability measurements. The second (‘‘microscopic 
area’) consists of the additional area associated 
with minute cracks, pits, pores, and the like, on the 
surface. Since krypton can be adsorbed equally well 
on this area, the adsorption measurements give the 
combined macroscopic and microscopic areas, with 
the latter preponderant in most powders. Direct 
evidence for the presence of the two kinds of area 
can be obtained from electron micrographs, as in 
Fig. 9. The deep surface cracks obviously are to be 
classed as microscopic area. 

The two kinds of areas must be clearly distin- 
guished because pressing and sintering of the pow- 
ders affects them differently. To bring this out, we 
consider first an element of area (microscopic) in- 
side a pore. When the powder is pressed, it either 
may be forced into contact with a similar area on 
the opposite side of the pore, or it may be unaf- 
fected. However, it cannot under any conceivable 
circumstances be forced into contact with an adja- 
cent particle; ie., it contributes nothing to the 
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Fig. 9—Microscopic irregularities on surface of powder G. 
X15,000. Reduced approximately 40 pct for reproduction. 


strength of the final compact. This is true of micro- 
scopic areas in general. 

A high macroscopic area implies (a) a prepon- 
derance of small particles (this alternative will be 
discussed later) or (b) very irregular particles. 
When pressed, the rough particles can key together 
mechanically and interlock; the contact area and 
the strength of the compact are much increased 
thereby. Fig: 10 illustrates schematically the rela- 
tion between the two kinds of areas and the tensile 
strength. 

The connection between area decrease and tensile 
strength is further obscured by two effects which 
can be observed but not measured: 1) The particles 
are ground together during briquetting, which may 
lead to particle splitting. If the particles are espe- 
cially hard and brittle, the resulting area increase 
may be greater than the decrease owing to forma- 
tion of contact area. This was observed for Powder 
F, with Rockwell C hardness of 122 and 137 for two 
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Fig. 11—Hypothetical area changes during processing. 


lots tested. 2) At the relatively high temperatures 
used for sintering, metal atoms diffuse spontane- 
ously from convex to concave areas. Most of the 
microscopic area is destroyed by this leveling proc- 
ess, even though the amount of metal transferred is 
necessarily small. The enormously larger hills and 
valleys responsible for the macroscopic area are not 
affected by surface diffusion. 

The schematic diagram in Fig. 11 illustrates why 
it is impossible to establish any relation between the 
measured area decrease and the tensile strength. 
The hypothetical state }* in which particle splitting 
is complete, but contact area formation has not be- 
gun obviously cannot be realized experimentally, 
yet it is from exactly this state that the significant 
(macroscopic) area decrease ({*—,) must be reck- 
oned. 

If there is any relationship between tensile 
strength and area (not area decrease), it should be 
most easily demonstrated in cases where only the 
significant macroscopic area is measured. The per- 
meability measurements on the original powders, 
and the adsorption measurements on the sintered 
samples should be suitable. 

The original macroscopic area is shown plotted 
against the tensile strength in Fig. 12. In spite of 
the scattering of points, a certain degree of rela- 
tionship is indicated by a correlation coefficient of 
+0.546. This result is not surprising. It was pointed 
out in the foregoing that high macroscopie area may 
be due either to irregular particles, important for 
high tensile strength, or to smaller particles, which 
should have no effect. The latter point can be estab- 
lished by referring again to the array of uniform 
spheres. A second array composed of spheres with 
one half the former diameter will have four times as 
many spheres in the plane of rupture, but this is 
exactly compensated by the fourfold decrease in the 
area per contact; the tensile strength therefore re- 
mains the same. The fact that every measured area 
contains, in unknown proportions, both “area of 
particle irregularity” (important) and “area of par- 
ticle size” (irrelevant), necessarily results in the 
intermediate degree of correlation observed. 

Fig. 13 shows the tensile strength plotted against 
the areas of the sintered samples. With the excep- 
tion of Powder A (low surface oxide, as just noted), 
the points fall very exactly on a straight line. This 
direct and simple relationship suggests that the 
area measured under these conditions is very close 
to the single geometric parameter predicted by 
Equation [11], although it is not at all obvious why 
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this should be so. It is evident that sintering has 
destroyed the microscopic area or at least reduced it 
to the same value for all powders. Equally impor- 
tant, the loss of identity of the particles has elim- 
inated the size distribution of the original powder 
as a variable. A possible explanation of the latter is 
suggested by considering the sintered compact as a 
solid through which voids of all sizes and shapes are 
distributed. Only the voids which connect with the 
outside contribute to the measured area. Other 
things being equal, the smaller the void, the less 
likely it is to be so connected. Small particles, and 
especially, contiguous groups of small particles will 
be associated with small voids not available for ad- 
sorption. As a result, the size distribution of avail- 
able voids will be substantially the same for all 
powders; i.e., the original size distribution is elimi- 
nated. The area of the voids is then determined 
primarily by the roughness (macroscopic) of the 
particles. This suggested sealing off of small voids 
may be supplemented by other processes; no in- 
formation is available on this point. 


Effect of Particle Roughness on Tensile Strength 
—The experiments discussed so far suggest, with- 
out proof, that the predicted geometric parameter 
exists, and very likely is identical with some un- 
specified measure of particle irregularity. Several 
such measures are possible, and there is no assur- 
ance that the best one was chosen. It does, however, 
have the merit of simplicity, and involves only area 
data and size distributions already available. The 
“roughness factor” is defined as 


R Sjonsenved [12] 

where Sopservea iS the area of the original powder, 
measured by permeability, and Sspneres is the mini- 
mum area possible for a powder of the observed 
size distribution as measured by screen analysis and 
the photosedimentometer; i.e., the area if each par- 
ticle were replaced by a sphere of equal mass. It 
can easily be shown that if p(7) dr is the mass frac- 
tion of particles whose radii lie between r and 
(r + dr), and d, is the density of the solid metal 


3 r 

f 

T 

Closely spaced values of p(r) were taken from 


the size-distribution curves, divided by r, and the 
quotient plotted against r. The curves were inte- 
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Fig. 12—Relation 
between macro- 
scopic area of 
powders and tensile 
strength. 
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grated graphically. The results are included in 
Table I. 

The relation between the tensile strength and the 
roughness factor R is shown in Fig. 14. With two ex- 
ceptions, the points are well grouped about the line. 
The amount of scatter is about what would be pre- 
dicted from the relatively low precision of the 
methods by which tensile strength and size dis- 
tribution are measured. The first exception, Powder 
A, has been discussed before. Its abnormally high 
tensile strength is almost certainly due to the ex- 
ceptionally thin layer of oxide on its surface. The 
second, Powder I, probably suffers either from an 
inherently low tensile strength of the metal itself 
or from an inability to sustain, without crushing, the 
compressive stress necessary to establish bonds be- 
tween adjacent particles. The method of preparation 
leads to brittle, rather friable particles whose re- 
sistance to tensile stress is to be gaged by the low 
resistance to crushing which they display under the 
microscope. Since their exceptional behavior is 
traceable to known causes, Powders A and I can 
hardly be said to cast any doubt on the general con- 
clusions to be drawn from Fig. 14; namely, that the 
tensile strength of compacts of a given density de- 
pends only on a geometric parameter characteristic 
of the original powders, and that R, defined as 
Sovservea/ Sapneres, 1S an acceptable measure of this pa- 
rameter. 

It is important to establish the closeness as well 
as the generality of such a relationship. For this 
purpose a special form of the correlation coefficient 
was used, which takes into account the curvature of 
the line determined by the data. The data can be 
well represented by an equation of the form 


t=aR’+bR+c 


the constants being chosen by the method of least 
squares. R is transformed into a new variable R’ by 
use of the relation 


a 
— 


A plot of t versus R’ is a straight line from which 
the correlation coefficient can be determined in the 
usual way. This coefficient is a valid measure of the 
closeness of the R—t as well as of the R’ —t rela- 
tionship. It was found to be +0.965. So high a co- 
efficient makes it virtually certain that R determines 


t uniquely. 
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Fig. 14—Relation between roughness factor, R, and tensile 
strength. 


This study has ignored completely some impor- 
tant matters; e.g., the kinetics and mechanism of 
sintering. Others, like the influence of surface oxide, 
should be put on a quantitative basis, which was not 
attempted here. Nevertheless, the observed regu- 
larity and predictability of the powders with respect 
to the important variables of density, t-a (d** — 
d.*), and geometry (t at a given density depends 
only on R) are believed to represent an important 
step in the development of the theory of powder 
metallurgy. 
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Rate of the Carbon-Oxygen Reaction in Liquid Iron 


Rates of CO evolution and CO absorption were measured for liquid-iron alloys con- 
taining from 0.15 to 4.4 pct C, using a modified Sieverts apparatus. The alloys were held 
in alumina crucibles, so that both crucible-metal and gas-metal reactions occurred simul- 
taneously. The data are interpreted on the hypothesis that the C-O reaction rate is con- 
trolled by oxygen diffusion across the boundary layers at the gas-metal and crucible-metal 


surfaces. 


by N. A. Parlee, S. R. Seagle, and R. Schuhmann, Jr. 


ARBON-monoxide evolution from liquid Fe-C- 
O alloys is a key reaction in steelmaking proc- 
esses, both in the steelmaking furnace and in the 
ingot mold. Also, this reaction probably is an 
essential step in the desulfurization of iron under 
blast-furnace conditions, for which carbon is the 
principal reducing agent or deoxidizer present in 
the iron. 
The thermodynamic properties of the solutions of 
C and O in Fe and the equilibria of these solutions 
with gaseous CO and CO, have been investigated 
in some detail and are reasonably well understood. 
However, while these equilibrium data have accu- 
mulated in the laboratory, other data have accu- 
mulated to show that equilibrium conditions are 
often not achieved under plant operating conditions. 
Thus, an understanding of the rate and mechanism 
of the carbon-oxygen reaction not only has theo- 
retical interest, but ultimately may assume consid- 
erable practical importance. 


Reaction Mechanisms and Rate Equations 
The over-all reaction under consideration is 


C (in liquid Fe) + O (in liquid Fe) > CO (gas) [1] 


Although this appears to be a straightforward het- 
erogeneous reaction, involving just two phases 
(liquid metal and gas), a wide variety of reaction 
mechanisms has been proposed. Different authors 
have expressed divergent views as to the nature of 
the rate-controlling steps. Accordingly, a brief dis- 
cussion of the possible reaction steps will be given. 

1) Homogeneous Reaction Within Liquid Iron— 
Feild’ and Jette’ have applied chemical reaction- 
rate theory as if the C-O reaction were a homo- 
geneous, second-order reaction occurring within the 
liquid-metal phase. This mechanism necessarily 
produces CO “molecules” dissolved in liquid iron. 
In order to yield CO gas, the dissolved CO must 
nucleate CO gas bubbles, and the dissolved CO also 
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must be transported to the bubble surface where 
it enters the gas phase. However, this mechanism 
is inconsistent with present concepts of the struc- 
ture of liquid-metal solutions. 

2) Reaction at Gas-Metal Interface—At the sur- 
face of contact between gas and metal, a second- 
order reaction between dissolved C and O may occur 
to produce a CO molecule which enters the gas 
phase. This reaction presumably involves an “acti- 
vated complex” structure in the interface. Some 
such surface mechanism appears essential because 
the carbon and oxygen do not occur in the same 
species in the two phases and therefore must react 
in some way at the surface. At liquid-iron tem- 
peratures, calculations based on reaction-rate theory 
indicate that the surface reaction must proceed ex- 
tremely rapidly and thus cannot be a rate-deter- 
mining step in the C-O reaction under ordinary 
conditions.* Accordingly when the over-all reaction 
is measurably slow, the surface reaction may be 
considered at equilibrium; that is 


(Cae Cor Poo [2] 


in which C,* and Co* are the concentrations of car- 
bon and oxygen (weight per unit volume of metal), 
respectively, in the liquid-metal phase at the inter- 
face, Pco* is partial pressure of CO in the gas phase 
at the surface (atmospheres), and m’ is the mass- 
action constant for Reaction [1]. Since activities of 
C and O are not strictly proportional to concentra- 
tions, m’ is not a true thermodynamic equilibrium 
constant but varies with carbon content.* 


3) -Mass Transport—lIf the reaction is to proceed 
at the gas-metal surface, as described above, dis- 
solved carbon and oxygen in the liquid iron 
must come to the surface and gaseous carbon mon- 
oxide must move away from the surface. Details of 
the mass-transport mechanisms depend on the kind 
of system under consideration. For a stirred metal 
bath in contact with a CO gas phase, the transport 
of C and O to the surface can be described by 


Mols CO evolved per see = — —— Agm (Co-Co*) 
12 5. gm ( ) [ ] 


In this equation, Do and Deg are the diffusion con- 
stants for oxygen and carbon in liquid iron, 8) and 
5. are the boundary-layer thicknesses, A, is the 
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area of the gas-metal surface, Co and C. are oxygen 
and carbon concentrations in the bulk of the liquid 
metal, and Co*, C,* are the concentrations of O and 
C in the liquid metal at the surface. Equation [3] 
implies that the bulk of the liquid is well mixed 
by agitation or convection so that the rate of trans- 
port to the surface is determined by the rate of 
diffusion across a relatively stagnant film at the 
surface. The thickness of this dead boundary layer 
depends on the degree of agitation of the liquid, 
becoming less for greater degrees of agitation of 
the liquid. Making the reasonable assumption that 
Do/8o and D-/d- are of the same order of magnitude 
in the liquid-iron bath, then (Co-Co*) = (Co-Co*). 
If, further C, >> Cy then 


* 
=~ land = 
Cc C.* Ce. 


Accordingly, for metal of moderate or high-carbon 
content, Equation [3] may be modified to the fol- 
lowing approximation 

Reaction rate (weight O per sec) = 


Do 


) 
4 
C. [4] 


This equation represents the conditions for which 
the over-all reaction rate is controlled primarily by 
diffusion of oxygen from the interior of the liquid 
metal to the gas-metal interface. 

It should be emphasized that Equation [4] does 
not lead to a reaction rate which could be classified 
as “first order” with respect to oxygen unless 


mM 


Co. 
<< Co 


In fact the growing usage of the terms “first order,” 
“second order,” and so on, in metallurgical litera- 
ture to describe reaction rates resulting from dif- 
fusion-controlled processes is regrettable. Diffusion- 
controlled rates in general are proportional to con- 
centration differences and not to absolute concen- 
trations. 

Additional transport steps must be considered in 
some systems to bring the carbon or oxygen into 
the liquid iron. When the original source of oxygen 
for the C-O reaction is a slag, for example, the path 
to be analyzed includes (1) transport in slag to slag- 
metal interface, (2) surface reaction at slag-metal 
surface, (3) transport from slag-metal surface to 
interior of metal, (4) transport from interior of 
metal to gas-metal surface, (5) reaction at gas- 
metal surface, and (6) transport of CO in gas phase 
away from gas-metal surface. Darken’ treated car- 
bon oxidation in the open hearth on this basis. 

4) Nucleation of Gas Bubbles—Rapid CO evolu- 
tion in the open-hearth furnace and in other sys- 
tems requires nucleation and growth of CO bubbles. 
Sims® has pointed out that nucleation of CO bubbles 
requires a definite chemical driving force. _Larsen 
has discussed the effects of bottom condition on 
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bubble nucleation. Darken* estimated that the total 
surface area of the gas bubbles present at any in- 
stant during the ore boil is about 5 times the area 
of the slag-metal interface. However, no one has 
yet attempted a quantitative treatment of nuclea- 
tion rates in these systems. 

5) Other Proposed Mechanisms—Some addi- 
tional theories of the C-O reaction have evolved 
from research on the kinetics of desulfurization, but 
cannot be taken seriously because they are geo- 
metrically unsound. The most common error is to 
describe a reaction mechanism by an equation in 
which the reactants are in three or more separate 
phases and then to set up rate equations as if the 
reaction occurred at a surface. The following equa- 
tions are representative of this kind of proposal 


FeO (slag) + C (metal) > CO (gas) + Fe (metal) 
[5] 
O (metal) + C (graphite) > CO (gas) [6] 


Such equations are acceptable over-all reactions, 
but are unlikely steps in a reaction mechanism. In 
examining such proposals, one should keep in mind 
that only two phases can be in contact at a surface, 
that three phases can be in contact only along a line 
or curve, and that four phases can be in contact 
only at a point. Hence, any single reaction step be- 
tween three phases can occur only at a line of three- 
phase contact. 
Experimental Methods 

As the previous discussion indicates, the mecha- 

nism of the C-O reaction can be very complex in 
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Table |. Summary of Experimental Data 


Calculated Results 
Final din(y —y) 


Steady CO ee) 
Wt of Absorp (A) CO Press, Evolution , ens 
Heat Temp, Wt, Charge, Agm, Acm, Run or Mm Hg dt 
No. °C Pct C Grams Cm2 Cm2 No. Evolu (E)* P, Py c per ee 
1-2 Trial runs, elimination of leaks, practice in temperature and pressure control. 
3-7 Metal was vacuum melted and vacuum degassed while liquid. Solid crust formed on top of bath. 
8 Solid metal vacuum degassed; melted in CO at atmospheric pre Crust 
A 744 822 0.00 4.5x1033 2.3x10-8 
E 822 677 Erratic 
3D A 677 822 — 0.003 5.4x107 
9E E 822 677 0.051 5.55 
oF A 677 822 — 0.021 5.8x10~ eRe 
9G E 822 658 0.011 6.1x10 6 
10 1630 10A-10D Temperature control difficulties. 
10F A 916 995 0.00 yap ‘ 
11 1630 0.95 ia late) 8 27.5 11A-11D Reaction rates ae and erratic. Crust formed on metal. 
12 1630 0.63 132.2 8 31 12A Difficulties with burette. 
12B 662 782 0.026 5.4x10-° 
12C E 782 662 0.066 5.2x10 pene 
12D A 662 799 0.00 4.2x103 tone 
12E 799 691 0.00 3.2x103 1.5x 
a i 
13 1630 0.15 102.6 8 26 Temperature during run 
13D E 809 702 — 0.084 30.0x10-3 a eas 
13E A 702 739 — 0.056 19.5x10-3 
13F E 9 — 0.046 18.8x10-3 7.9x 
14 1630 0.25 134.2 8 31.5 14A4-14B Difficulties with temperature control. i 
14C A 703 787 — 0.05 4.0x10-8 
14D E 787 703 —0.08, but erratic 
14E A 703 816 — 0.065 7.3x10-3 i 
14F E 816 667 — 0.053 6.6x10-2 1x 
15 1630 4.40 99.0 8 25.4 15A A 744 860 0.01 
15B E 860 726 0.35 
15e 2 761 838 0.035 ate constants not cal- 
R 
15D = 838 761 0.425 culable—oxygen solu- 
bility in alloy too low. 
15G A 781 937 — 0.02 
15H E 937 823 0.062 
16 Power Failure 
17 1540 0.69 130.4 8 30.9 17A A 750 893 oe (t ae 3.6x10 
17B E 893 767 : 00 
17C A 767 893 0.06 7.6x10-3 aceite 
17D E 893 7717 0.015 7.7x10-3 3. 
17E A hte 913 — 0.003 6.6x10-3 3.1x 


* CO pressure suddenly decreased to start evolution run; suddenly increased to start absorption run. 


actual steelmaking processes and even in the rela- 
tively simple laboratory experiments designed for 
study of desulfurization rates. Accordingly, a study 
of the reaction rate was undertaken in as simple a 
system as possible, with an open gas-metal surface 
of known area and with no bubble nucleation. Also, 
the original intention was to study the C-O reaction 
with only gas and liquid-metal phases participating 
in the reaction. However, as discussed later, re- 
action with the alumina crucible had an important 
role in the results. Rates of CO evolution from 
C-O-Fe alloys and rates of the reverse reaction of 
CO absorption were measured in a Sieverts gas- 
solubility apparatus which was modified for the 
purpose. 


Apparatus—The Sieverts apparatus, shown sche- 
matically in Fig. 1, consists mainly of purification 
trains for argon and CO, a jacketed gas burette, a 
mercury manometer, and a gas-tight induction- 
heated furnace to hold the liquid metal. The alumina 
crucible (Morganite, Triangle RRXN50; 32 mm 
diam by 77 mm deep inside) held from 100 to 160 
grams of iron. Temperatures were measured by an 
optical pyrometer, calibrated at the freezing point 
of pure iron. 

Procedure—The experimental procedure involved 
the following preliminary steps: (1) Charging 
weighed portions of pure iron (Ferrovac K, 99.95 
pet Fe) and Fe-C master alloy (4.40 pet C) to the 
crucibles, (2) heating and vacuum degassing of solid 
metal (about 100°F below liquidus of master alloy), 
(3) melting in a CO atmosphere, and (4) equi- 
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libration of liquid alloy with CO gas and with AI.O; 
crucible at the selected experimental temperature 
and selected initial pressure of CO (P,). As is dis- 


cussed later, this procedure of establishing a repro- 


ducible starting point for the rate measurements 
was worked out to minimize the effects of reactions 
with the alumina crucible. 

Each evolution run started with the metal as near 
to equilibrium as possible with CO at the selected 
initial pressure, P,, which was usually about atmos- 
pheric pressure. This condition was checked by re- 
peated readings of the manometer and gas burette 
connected to the furnace chamber. To start the run 
at zero time, the mercury level in the burette was 
quickly lowered to obtain a lower CO pressure in 
the system. Evolution of CO started immediately, 
and the burette was continually adjusted to main- 
tain a constant CO pressure, P., throughout the run. 
Burette readings were recorded as a function of 
time. 

Absorption runs followed essentially the same 
procedure, except that the initial pressure, P,, was 
below atmospheric pressure and the CO pressure 
was raised to a higher final pressure, P., to start the 
run. 

The Alumina Reaction 

The first few runs attempted were unsuccessful 
because a visible crust formed over the top of the 
liquid metal and slowed gas-metal reaction in an 
erratic fashion. In these early runs, the metal charge 
was melted in a vacuum and then vacuum degassed 
while liquid. The formation of the crust was ob- 
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Aiea when CO was admitted after evacuation. 
ae crust aa finally eliminated by changing the 
erlmental procedure to eliminat i 
the liquid metal. Seo 

Presumably, the alumina crucible can dissolve in 
the liquid iron according to the reaction 


1/3 (solid) 2 2/3 Al +O [5] 


Evacuation of the system strongly favors the de- 
oxidation reaction 


C+ 0> CO (gas) [6] 


The over-all reaction for dissolution of alumina is 
the sum of these two reactions 


1/3 Al,O; (solid) + C> 2/3 Al+ CO (gas) [7] 


Calculations based on equilibrium data for these 
reactions indicated that evacuation of liquid Fe-C 
alloys in Al,O, crucibles might introduce very sub- 
stantial percentages of Al into the alloys. Then, 
when CO is admitted at about atmospheric pressure, 
Reaction [7] reverses to form solid Al,O, which 
floats up and covers over the bath. 

The reaction with the crucible was minimized 
and the crust was entirely eliminated by melting in 
nee: atmosphere at about 1 atm and by avoiding 
evacuation and large pressure changes while the 
metal was molten. Using this procedure, the Al 
content of the metal during many of the runs tended 
to remain below the concentration required for equi- 
librium with the alumina crucible. As a result, the 
alumina reaction proceeded very slowly in the 
direction of alumina dissolution through many of 
the experimental heats. However, in the low-carbon 
heats (0.15 pct and 0.25 pet C) the experimental 
results indicated that a slight excess of Al was dis- 
solved in the metal during meltdown; that is, in 
these heats, Reaction [7] tended to reverse. Fortu- 
nately, when the proper melting procedure was 
used, the amount of Al involved was too small to 
crust over the metal with Al,O;. For a few of the 
runs, it appeared that equilibrium was finally at- 
tained between gas, metal, and crucible. At the end 
of these runs, no measurable CO evolution or ab- 
sorption for periods of 20 to 30 min at constant 
temperature and CO pressure was found. 

In view of the varying rate and direction of the 
crucible-metal reaction from one run to another, 
it became necessary to develop a method of inter- 
preting the data which quantitatively would take 
into account the occurrence of the alumina reaction, 
Equation [7]. 

Results 

Table I summarizes the experimental conditions 
and final results for the various runs. Heat 17 was 
carried out at 1540°C, but all other heats were at 
1630°C. Carbon contents of the metal ranged from 
0.15 to 4.4 pct. Both evolution and absorption runs 
were made in all heats. All CO pressure changes 
were made within the range 658 to 995 mm Hg, 
owing to limitations in the design of the apparatus. 

Data for typical successful runs are shown as 
plots of burette readings (V) versus time (t) in 
Fig. 2. Starting at the top of the figure, the curves 
for Runs 9B and 12E are representative of absorp- 
tion and evolution runs in which the alumina cru- 
cible was substantially at equilibrium with the gas 
and the metal at the end of the run. The C-O re- 
action approached equilibrium at the final CO pres- 
sure, P., rather closely within about 15 min after 
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the pressure change, so that the curves are asymp- 
totic to horizontal straight lines. These horizontal 
asymptotes indicate the absence of an appreciable 
rate of reaction with the crucible at the end of the 
run. 

The curves for Runs 12B and 12C show the effects 
of measurable alumina-reaction rates. The asymp- 
totes are straight lines of definite positive slopes. 
The evolution and absorption curves approach their 
asymptotes closely within 20 min and then continue 
on at virtually constant slope for another 30 min 
or more. The slopes of the asymptotes thus measure 
a steady CO evolution rate, presumably due to slow 
dissolution of the alumina crucible according to 
Equation [7]. The constancy of these slopes over 
a period of 30 min or more suggests that the Al 
content of the metal is far below that required for 
equilibrium with the crucible, and that many addi- 
tional hours would be required to attain gas-metal- 
crucible equilibrium. In Run 12C, for example, the 
steady evolution rate of CO during the last 20 min 
of the run was 0.066 cc CO per min (measured at 
662 mm and 18°C). This rate corresponds stoichio- 
metrically, Equation [7], to a rate of increase of 
aluminum in the bath of only about 0.002 pct per hr. 

The third pair of curves in Fig. 2 is for Runs 14E 
and 13F in which the metal presumably contained 
enough dissolved Al to cause the alumina reaction 
to proceed in the reverse direction, with absorption 
of CO and precipitation of Al,O,. For these curves, 
the asymptotes have negative slopes. : 

The runs at high C content (4.4 pct) showed still 
another kind of behavior, Fig. 3. For these runs, the 
CO-evolution curves were straight lines of constant 
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slopes almost from the beginning. In spite of efforts 
to establish equilibrium between crucible, metal, 
and gas at the start of each run, relatively high 
steady CO-evolution rates were obtained in most of 
the runs, indicating relatively rapid dissolution of 
the crucible. Examination of the crucible after the 
heat was finished showed evidence of severe cor- 
rosion. In fact, the crucible was evidently near 
failure at the end of the heat. Consistent with these 
observations, the cumulative number of mols of CO 
evolved in these runs was many times larger than 
the estimated number of mols of O which would be 
present in solution in a 4.4 pct C alloy in equilib- 
rium with CO at about 1 atm. Hence, the measured 
CO-evolution rates in these runs were considered to 
come substantially all from the alumina reaction, 
Equation [7]. 

Comparisons of the reaction rates in the succes- 
sive runs of Heat 15 shows clearly the effect of CO 
pressure. Before Run 15A, the metal was degassed, 
melted, and then held for several hours in contact 
with CO at 744 mm pressure. Then the pressure 
was increased to 860 mm for Run 15A, and a low 
evolution rate of 0.008 ce CO per min was measured, 
Fig. 3. To start Run 15B, the pressure was de- 
creased from 860 to 726 mm, and the CO-evolution 
rate jumped up to about 0.3 ec per min. Through the 
remaining runs, the CO-evolution rate continued to 
increase each time the CO pressure was lowered and 
to decrease each time the pressure was raised, as can 
be seen clearly in Fig. 3. This behavior is qualita- 
tively in accord with what might be expected for 
the alumina reaction, Equation [7]. It is interesting 
to note that toward the end of the heat, the pressure 
increase for Run 15G was sufficient to cause the 
reaction to reverse and to proceed in the direction 
of CO absorption and Al1,O, precipitation. 

Interpretation of Data—On the tentative assump- 
tion that oxygen transport to and from the gas- 
metal interface is one of the principal rate-control- 
ling steps in CO evolution or absorption, Equation 
[3] was taken as the starting point and was modi- 
fied as follows 


dV 1D), 

fi (Co — Co*) [8] 
In this equation, f, is a stoichiometric factor to con- 
vert burette readings, V, to equivalent weight of 
oxygen, so that C, and C,* can be expressed in 
weight units of oxygen per unit volume of metal. 
Assuming equilibrium at the gas-metal interface, 
Co* = m’ Poo/C.*. In view of the large excess of C 
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over O in the liquid metal, C.* is substantially equal 
to the bulk carbon concentration. Hence, since Co* 
and Poo were fixed for each run, it seems reasonable 
to conclude that Co* in Equation [8] is constant in 
each run. 

The reaction step of dissolving alumina in the 
metal, Equation [5], also occurs experimentally at 
rates of the same order of magnitude as the CO- 
evolution rates. This step requires transport of oxy- 
gen across the stagnant film at the crucible-metal 
surface (area is A., in sq cm). Assuming the same 
boundary-layer thickness 8) as at the gas-metal sur- 


face 


Am (Co** — Co) [9] 
(6) 


In Equation [9], —dW/dt is the weight rate of dis- 
solution of Al.Os, f. is a stoichiometric factor to con- 
vert weight of alumina to weight of oxygen, and 
Co** is the equilibrium concentration of oxygen at 
the crucible-metal surface. For a given run, Co** 
may be considered constant if the pct Al in the bath 
does not change materially during the run and if Al 
diffusion away from the crucible is not a rate-con- 
trolling process. 

The rate of change of oxygen concentration in 
the liquid metal must be equivalent to the differ- 
ence between the rate of adding oxygen by dis- 
solution of alumina and the rate of depleting oxygen 
by CO evolution. Letting V, = volume of liquid 
metal, this oxygen balance can be written 


dw dv 
—f: 10 
dt fs dt j dt [10] 


Combining Equations [8], [9] and [10], and sim- 
plifying 
dCo Do 
dt 8o 


(Aca + (Co = Co) 


In Equation [11] the constant C,‘* is a function of 
the constants Co**, Co*, Acm, and A,;m and may be 
considered as the steady-state oxygen concentra- 
tion in the metal. This steady-state concentration 
is reached when the CO-evolution rate becomes just 
equivalent to the alumina dissolution rate and then 
dC./dt = 0. The steady state corresponds to the 
asymptotes in Fig. 2. Now, letting r be the steady- 
state rate of CO evolution, we can apply Equation 
[8] to the steady state 


fir=f ( aad ) [12] 


Subtracting Equation [12] from Equation [8] 


j, = An (Co— 


It is convenient now to define a new variable, y, as 
V— rt. This variable may be regarded as a “cor- 
rected” burette reading. Then Equation [13] can 
be rewritten as 


[14] 


Comparison of Equations [14] and [11] shows that 
y is a relative measure of oxygen concentration in 
the metal 


dy 
[15] 
dt dt 
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Integrating Equation [15] from Co” to Cy at any 
time and from y, toy 


gm 


fi (y = 


[16] 
Eliminating (Co — Co‘**) between Equations [14] 


and [16], we obtain the transport-rate equation in 
terms of “corrected” burette readings y and time t 


dy Do (Ass Aga) 


[17] 


Integration of Equation [17] gives 


Do (Am t 
80 V 


(YoY) 


Equation [18] shows that a plot of In (y, — y) 


versus t should yield a straight line whose slope 
gives the rate constant 


Do (Aga ae Amn) 


Accordingly, the procedure for interpreting the ex- 
perimental data requires primarily the calculations 
of (y, — y) versus t for each set of burette read- 
ings, V, and time, t. 

The method of calculating y, — y from the ex- 
perimental data is indicated graphically in Fig. 4: 
(1) The experimental burette readings, V, are plotted 
against time, t, and the experimental curve is drawn. 
(2) The asymptote to the experimental curve is 
located carefully and drawn in with a straight edge. 
The slope of this asymptote is measured and is 
taken as r, the steady-state reaction rate. (3) Since 
y is defined as V — rt, y can now be calculated for 
each experimental point. The calculated values of 
y are plotted as open circles in Fig. 4. The curve of 
y versus t will of course be asymptotic to a hori- 
zontal line whose intercept on the V,y-axis coincides 
with the intercept of the V-asymptote. (4) Refer- 
ence to Equation [17] shows that when dy/dt = 0, 
y = y,; that is, y, is the ordinate of the y-asymp- 


tote, and y, can be read directly as the V-intercept 


of the asymptote to the original V-t plot of the 
experimental data. (5) In (y-y,) is now calculated 
for each experimental point and the calculated 
values are plotted against t.* (6) The plot of In 


* When the final CO pressure is greater than the initial pressure 
(absorption runs), y — y is calculated instead of y — yu and 


both members of Equation [18] are modified ‘accordingly. 
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(y-y ,) is fitted with a straight line, and the meas- 
ured slope of this line gives 


Do 
80 Vin 


(see Equation [18]. 


The transport rate constant k = Do/8> is then cal- 
culated for the run, using the known values of A 

Semi-logarithmic plots of (y, — y) versus t for a 
typical group of runs (Heat 9) are shown in Fig. 5. 
In general, the data fit straight lines remarkably 
well, considering the experimental difficulties in 
manually maintaining constant temperature and 
CO pressure during a run. Another factor con- 
tributing to some scatter in the results is that the 
parameter (y, — y), in cc of CO, is essentially cal- 


culated by difference from burette readings whose 
accuracy could not have been much better than 
about 0.05 cc. 

The rate constants k calculated from the experi- 
mental data are tabulated in the last column of 
Table I. If the proposed interpretation of the results 
is sound, k should be equal to Do/&> and thus should 
not vary significantly between runs in the same 
heat at given temperature and given carbon content. 
It should be noted that each heat included a variety 
of pressure changes and both CO absorption and CO 
evolution runs, and that a considerable range of 
positive and negative alumina dissolution rates (see 
values of r) was covered. The fact that the k’s for 
each heat are reasonably constant for these varying 
experimental conditions affords some support to the 
proposed method of interpreting the results. 

The rate constants, k, calculated from the experi- 
mental data range from a low value of 1.5x10° 
cm per sec in Run 12E to a high of 12.6x10~ cm per 
sec in Run 13D. If oxygen diffusion at the crucible- 
metal and gas-metal surfaces is the primary rate- 
controlling process, as described previously, k should 
equal Do/&). Estimating 8) to be on the order of 
0.003 cm, the results lead to values of Do at 1630°C 
ranging from 0.45x10° to 3.8x10° sq cm per sec. 
These values seem reasonable in comparison with 
recent but as yet unpublished measurements of D 
for S, Ni, Mn, P and other elements in liquid iron.’ 

It should be emphasized that the rate curves and 
rate constants measured in this study have direct 
quantitative meaning only for the specific experi- 
mental arrangement used. Rate constants of this 
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kind necessarily vary with geometry and system 
size, with degree of agitation, and other factors not 
considered in this paper. 

Fig. 6 shows the relationship between the meas- 
ured rate constants and the carbon content of the 
iron at 1630°C. The rate constants are in the vicinity 
of 2 to 3x10~° cm per sec in the range from 0.25 to 
0.95 pct C. Results from the single heat at 0.15 pct 
indicate a large increase in rate constant at low- 
carbon contents. 

The single heat at 1540°C (Heat 17) unexpectedly 
gave somewhat higher rate constants than the 
1630°C heat at about the same carbon content (Heat 
12). However, the only defensible interpretation of 
this comparison is that more work needs to be done. 


Summary 

An exploratory investigation was made of the 
rates of CO evolution from and CO absorption in 
liquid-iron alloys ranging from 0.15 to 4.4 pct C. 
The apparatus was a modified Sieverts apparatus, 
in which the inductively heated and stirred liquid 
metal was held in an alumina crucible in contact 
with CO gas at controlled pressures. 

Rates of CO evolution and CO absorption were 
affected markedly by reaction of the metal bath 


with the alumina crucible, so that both crucible- 
metal and gas-metal reactions had to be considered 
in analyzing the results. 

The experimental data are consistent with the 
interpretation that the rate of the C-O reaction in 
the system studied is controlled by oxygen diffusion 
across the relatively stagnant boundary layers at 
the gas-metal and crucible-metal surfaces. How- 
ever, much more experimental work with more re- 
fined apparatus remains to be done to establish a 
detailed and complete understanding of the rate- 
controlling processes. 
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Precipitation and Magnetic Annealing 
in a Cu-Co Alloy 


Changes in magnetic properties with particle size are used to study the precipita- 
tion process in a Cu-Co alloy. In particular, the effect of a field during aging in pro- 
ducing anisotropy is shown to occur entirely during the growth of the particles, after 


precipitation is complete. 


by J. J. Becker 


H EAT-treatment in a magnetic field is done com- 

mercially to improve the magnetic properties of 
a number of materials. These can be divided into 
solid-solution alloys and precipitation alloys. The 
Permalloys are representative of the first type, and 
magnetic annealing greatly increases their maximum 
permeability. On the other hand, in precipitation 
alloys such Alnico 5 the important result is an in- 
crease in maximum energy product. The effect of the 
field in all cases is to bring about an additional mag- 
netic anisotropy, uniaxial in nature, which makes 
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the hysteresis loop more upright when measured in 
the direction in which the field was applied. 

The structural origin of the anisotropy brought 
about by magnetic annealing is not well under- 
stood. In the solid solution alloys, one possible ex- 
planation is based on ordering. Another possibility 
is the orientation of like-atom pairs.2 The precipi- 
tation systems known to respond to magnetic heat 
treatment are Alnico 2, in which the effect was first 
discovered,’ Alnico 5, cobalt ferrite (oxide) ,* and 
Cu-Co alloys.’ In these materials, the field affects 
the precipitation process itself in some way. 

Although there has been much work on Alnico Ds 
its nature is still incompletely understood. Accord- 
ing to Geisler,® the precipitation reaction is of the 
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a—>a,+a, type, with both matrix and precipitate 
body-centered-cubic and with very low disregistry. 
Heidenreich and Nesbitt believe that the precipitate 
is face-centered-cubic.” The recent work of Koch, 
van der Steeg, and de Vos* indicates that more 
than one precipitate is involved. In any case, the 
applied field appears to favor precipitation in cer- 
tain habits of a crystallographically equivalent set. 
The precipitate particles have their own characteris- 
tic anisotropy, generally considered due to their 
shape; the source of the anisotropy produced by the 
field is the alignment of the particles. In Alnico, 
unfortunately, the compositions, magnetic satura- 
tions, and Curie temperatures of the phases involved 
are not yet definitely established, nor is there even 
agreement on the number and nature of the precipi- 
tation reactions occurring. It does not appear to be 
the ideal system in which to study magnetic anneal- 
ing. 

Recently Miyahara and Mitui have discovered 
a magnetic annealing effect in a Cu-Co alloy.’ This 
system, because of its relative simplicity, appeared 
to be attractive for further studies. The phase dia- 
gram is given in Fig. 1. With 2 pct Co, it is possible 
to quench nonmagnetic a and then form the mag- 
netic precipitate by aging, comparing its properties 
as produced with and without a field during aging. 
The precipitate is a cobalt-rich phase containing 
approximately 10 pct Cu and having a magnetic 
saturation about 90 pct that of pure cobalt.’ The 
matrix is nearly pure copper and is nonmagnetic. 

Precipitation and Magnetic Behavior—In a sys- 
tem consisting of a magnetic precipitate in a non- 
magnetic matrix, the magnetic properties will 
change in drastic ways with precipitate particle 
size. For simplicity, consider the total volume of 
precipitate constant and the particles all of the same 
size and shape. The particles will go through three 
stages with increasing particle size (aging time).” 
When they are very small, each particle is spontan- 
eously magnetized to saturation, but the direction 
of its total magnetic moment fluctuates thermally. 
This is the behavior termed ‘‘super-paramagnetism.”’ 


In this range, there is no hysteresis, and the suscepti- 


bility can be used to measure particle size." The 
susceptibility increases with increasing particle size 
until the particles are too large for thermal fluctua- 
tion, when the susceptibility suddenly drops and 
coercive force and remanence appear. The particles 
have now entered the stable single-domain perma- 
nent-magnet size range. With increasing particle 
size the coercive force gradually decreases. It finally 
reaches the low value needed to move the domain 
boundaries the particles contain when they are 
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large. These particles will be referred to as types I, 
II, and II and their properties are summarized 
schematically in Fig. 2. The positions of the bound- 
aries separating these regions depend on the tem- 
perature. The boundary between I and II, involving 
kT directly, moves toward smaller sizes with de- 
creasing temperature. 

In the following sections, some experiments on 
the magnetic annealing of a Cu-Co alloy will be 
described. The results will then be discussed in 
terms of this general picture. 

Material and Heat-Treatment—The specimen was 
a l-in. diam disk, 0.1 in. thick, containing 2 pct co- 
balt, balance copper. Solution-treatment was 10 
min in nitrogen at 1000 C, followed by a quench in 
iced brine. In this condition, the magnetization in 
an applied field of 10,000 oersteds at room tempera- 
ture was undetectable. A reference mark had been 
made along a diameter before solution-treatment. 
For the aging treatment, the specimen was wrapped 
in MgO-coated copper foil and hung in a noninduc- 
tively wound furnace with the reference mark 
vertical. The furnace fitted inside a dc magnetizing 
coil which produced a vertical field in the center of 
the furnace of about 1000 oersteds. 

Each aging time reported represents a separate 
solution-treatment, quench, and aging treatment. 

Saturation, I,—The saturation magnetization of a 
material is its magnetization when all its atomic 
magnetic moments are parallel to and in the direc- 
tion of the applied field. With finite applied fields, 
this condition can only be approached and an accu- 
rate determination of saturation required an extra- 
polation to H = o. The correct function of H against 
which to extrapolate is in general unknown. I/H is 
convenient and frequently used, and for superpara- 
magnetic particles is strictly correct.” Saturations 
determined in this way will be reasonably accurate 
and in particular will avoid the frequent error of 
comparing measured magnetizations at a single field 
which is assumed to produce saturation. 


SUSCEPTIBILITY —» 


9 
ro) 
Oo 
SINGLE DOMAIN MULTI- DOMAIN — 
STABLE 
SUPERPARA- PERMANENT MAGNET—— — 
MAGNE TIC 
I 


Fig. 2—Postulated variation of magnetic properties with 
precipitate-particle size. 


“FEBRUARY 1958—139 


1500 
1400 
1300 
Lt+a L+B 
/ 
= 


& 

700°C 

== 

a 800°C 

a 

= 

20 30 40 50 60 70 80 90 100 10 120 

AGING TIME ,t, MINUTES 


10*x 14 

oS 

23 

= 

a 

W 

ak 

wr 650°C 

i020 3040.50 60 70 80 90 100 110 120 


AGING TIME, t, MINUTES 


Fig. 3—Variation of magnetic properties with aging time. 


The significance of the saturation in these experi- 
ments is that it measures the total amount of ferro- 
magnetic phase present, independent of its struc- 
ture, particle size, anisotropy, preferred orientation, 
or any other variables. 

Magnetizations at various applied fields up to 
8000 oersteds were measured by using a long-period 
galvanometer. Flux change in a coil into which 
the specimen fitted edgewise was observed when 
the specimen was inserted or removed. The error 
from the demagnetizing factor associated with the 
shape of the specimen is negligibly small because the 
magnetization is quite small. The high-field points 
were extrapolated againt I/H to H = o. 

Fig. 3 shows the result of these measurements. 
For all the aging times and temperatures used, the 
saturation is practically constant. Precipitation is 
therefore complete before the shortest aging times. 
Thus all of the property changes observed are as- 
sociated with the change in average particle size 
of a constant total amount of precipitated cobalt- 
rich phase. The concepts presented above are thus 
directly applicable. 

The presence or absence of a magnetic field during 
aging had no effect on the value of saturation at- 
tained during a given heat-treatment. 

Torque, L—A disk of material having magnetic 
anisotropy will, if placed in a field, try to align itself 
with its easiest direction of magnetization parallel 
to the field. The torque it exerts in doing so can be 
measured for varying angular positions and plotted 
against angle. The shape of the resulting curve is 
related to the symmetry of the anisotropy; the am- 
plitude, to its amount. 

In a precipitation alloy, the torque results from 
the anisotropy of the individual precipitate particles 
and the degree to which they are aligned. Whatever 
the anisotropy of the particles themselves, if they 
are oriented at random, the torque is zero. The 
torque per unit amount of precipitate will give a 
lower limit for the particle anisotropy. If the par- 
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ticle anisotropy is known from some other source, 
such as the coercive force, the torque will tell the 
degree of alignment of the particles. The torque 
contributed by an array of particles of a given 
particle anisotropy and a given degree of alignment 
is independent of their size, if the measuring field is 
high enough. 

In these experiments, the torque curves were 
measured in 10,000 oersteds, which was in all cases 
greater than the field at which rotational hysteresis 
disappeared (see below). The measuring instru- 
ment was a modified analytical balance. 

Fig. 4 shows a curve of torque brought about by 
aging in a field. This is the torque curve of a sample 
quenched and aged in a field minus the small, irreg- 
ular torque curve resulting from giving the same 
specimen the same treatment without the field. The 
curve thus shows the net effect produced by the 
field. These curves all had sin 20 symmetry. 
Easy directions, shown by the torque curve crossing 
the axis downward, occur at 0 and 180. The contri- 
bution of the field during aging is therefore a uni- 
axial anisotropy with the easy direction the same 
as the direction in which the field was applied dur- 
ing aging. 

Fig. 3 shows the maximum torque (Lmax in Fig. 4) 
as a function of aging time for three temperatures. 
Here the torque is expressed per unit volume of 
precipitate. The amount of precipitate is calculated 
from the saturation of the sample relative to the 
saturation of the cobalt-rich precipitate phase. In 
every case, the torque resulting from field anneal- 
ing rises slowly with aging time, long after the 
saturation has become constant. At 800 C, the torque 
rises to a maximum and falls again with increasing 
aging time in a field, a curious behavior that 
Miyahara and Mitui first found for longer times at 
a lower temperature.’ Presumably the same be- 
havior would have been observed after longer times 
at 700 and 650 C. Furthermore, the torque maximum 
occurs before the coercive force Ha shows it maxi- 
mum. 

The maximum torque measured was about 10° 
dyne-cm per cu cm of precipitate, corresponding to 
an anisotropy energy of at least 10° erg per cu cm of 
precipitate. 

Rotational Hysteresis, W,—If a torque curve is 
measured in a moderate field, the rotation of the 
magnetization in the specimen will be accompanied 
by losses. This will result in the torque curves for 
opposite rotations of the specimen becoming dis- 
placed. Fig. 5 demonstrates this point, and also 
shows the small amplitudes resulting from annealing 
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Fig. 4—Torque brought about by aging in a field. 
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Fig. 5—Torque and rotational hysteresis in specimens aged 
without field. 


without a field. The area between the clockwise 
and counterclockwise curves for 360° rotation is 
twice the rotational hysteresis. 

The rotational hysteresis loss is caused by the 
same sorts of mechanisms that are responsible for 
the ordinary alternating hysteresis loss. It thus var- 
ies with particle size in a precipitation alloy in the 
same sort of way as the coercive force. In region II, 
the losses are associated with the magnetization 
of each particle rotating irreversibly. In an array 
of such particles of a single size, the rotational hys- 
teresis will behave as shown in Fig. 6. This curve is 
from Bean and Meiklejohn,” who show that the 
maximum W, occurs at a field K/I, which is half 
the coercive force, K being the particle anisotropy 
and I, the particle magnetization. W, falls to zero 
again at 2K/I,, the coercive force. A distribution of 
particle sizes will lead to a Wz versus H curve which 
is a summation of curves like Fig. 6. The shape of 
the W; versus H curve is related to the distribution 
of particle anisotropies present. It has the useful 
property of being roughly independent of the degree 
of alignment. In particular, if there is rotational 
hysteresis at some field H, there must be some par- 
ticles with anisotropy fields that large. Rotational 
hysteresis is much the best way to measure the 
highest anisotropy field present in a collection of 
particles. 

Two points of interest appeared in these experi- 
ments: (1) As illustrated by a typical example in 
Fig. 7, the distribution of particle anisotropies for 
a given aging treatment, that is, the way in which 
the rotational hysteresis varies with measuring 
field, is about the same whether or not a field was 
applied during aging. This means that the field 
does not produce the particle anisotropies but only 
eauses them to line up. (2) There were always a 
few particles present of remarkably high anisot- 
ropy. Fig. 7 shows, for instance, that a tiny but 
definite fraction of the particles present after 30 
min at 650 C had anisotropy fields in excess of 8000 
oersteds. 

Remanence, I,—The magnetization remaining in 
a material in a given direction after a large field 
has been applied in that direction and removed is 
the remanence. 

Superparamagnetic particles have no remanence. 
In an array of Type II particles, the remanence 
ratio I,/I, measures the degree of alignment of the 
particles. For perfectly aligned particles, it would 
be 1 in the direction of alignment and 0 perpendic- 
ular to it. For random uniaxial particles, it would 
be 1/2 in any direction. For Type III particles, 
containing domain boundaries, the remanence is 
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much smaller than the saturation. I, is very struc- 
ture-sensitive and is thus difficult to relate directly 
to the amount of precipitate, although there have 
been attempts to use it in this way.” 

As can be seen from Fig. 8, the remanence and 
remanence ratio are greatest early in the 800°C 
run. The change in remanence on cooling to 77°K 
is most marked at the early aging times. 

Coercive Force, H,;~—The reverse field required 
to reduce the magnetization to zero is the so-called 
intrinsic coercive force, Ho. 

Superparamagnetic particles have no coercive 
force. Type II particles have a maximum theoretical 
coercive force of 2K/I,, but this is reduced by two 
factors. This theoretical estimate represents the 
field necessary to cause the entire magnetization of 
the particle to rotate over the barrier represented 
by the anisotropy energy. This barrier is always 
lowered by thermal energy. The actual field re- 
quired, H,;, should be related to the maximum field 
in the absence of thermal fluctuations, Hor, by the 
expression 


kT 


where V is the volume of the particle. This will de- 
crease the coercive force of the smallest Type II 
particles. On the other hand, it is known experi- 
mentally, although not understood theoretically, 
that as Type II particles become larger their coer- 
cive force gradually decreases until they are defi- 
nitely Type III particles with ordinary domain bound- 
aries. The over-all dependence of coercive force on 
size should look schematically like Fig. 2. The 
presence of a size distribution causes the greatest 
modification when there are some Type I and some 
Type II partices present. Large superparamagnetic 
particles have very high susceptibility. A low re- 
verse field will turn enough of them around to 
make the magnetization zero even though some 
Type II particles of high coercive force are present. 
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Fig. 7—Rotational hysteresis as a function of measuring field 
for Cu-Co alloy aged with and without field. 
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Fig. 8—Variation of remanence with aging time. Aged with 
field 11 and 1. 


In other words, superparamagnetic particles quite 
effectively mask the permanent-magnet properties 
of Type II particles. 

Perfectly aligned Type II particles should have a 
maximum coercive force in the anisotropy direc- 
tion, falling to zero at 90° to it. Thus any effect of 
magnetic annealing of Type II particles should be 
reflected in an anisotropy of coercive force. Fig. 9 
shows the coercive force parallel and crosswise to 
the annealing field for various aging times at 800 C. 
Herz, the field that reduces the remanence to zero. In 
torque has passed through its maximum. 

Coercive Force for Zero Remanence, Ho;—The 
masking effect of superparamagnetic particles on He, 
made it seem desirable to measure another quantity, 
Hor, the field that reduces the remanence to zero. In 
measuring the intrinsic coercive force, Ho, a large 
forward field is first applied. Then enough reverse 
field is applied so that moving the specimen in and 
out of the coil while the reverse field is on gives no 
deflection. This means that the net magnetization 
of the specimen is zero, but this might be because 
the reverse field is causing large reverse magnetiza- 
tions of the superparamagnetic particles, cancelling 
out the forward magnetizations of the Type II 
particles, whose coercive force might still be greater 
than the applied field. In measuring H,,z, a large 
forward field is first applied, then a reverse field. 
The reverse field is then reduced to zero and the 
remanence measured. Ho, is that particular reverse 
field that leaves I, equal to zero. In zero field the 
superparamagnetic particles make no contribution. 
Her is the reverse field that leaves half the total 
volume of Types II and III particles permanently 
reversed. 

These measurements on the 800C aging series 
gave a totally unexpected result. Her was greater 
in the transverse direction than in the annealing- 
field direction, the difference disappearing with 
long aging time. The measurements at 300K are 
shown in Fig. 10. 
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Fig. 9—Variation of intrinsic coercive force, Hox, with 
aging time. 


Summary of Experimental Results 

1) In an alloy of 2 pct Co in copper, solution- 
treated and quenched to a nonmagnetic solid solu- 
tion, then aged to precipitate the cobalt-rich phase, 
a magnetic field applied during aging produces a 
uniaxial magnetic anisotropy in the material, as 
shown by torque measurements. 

2) The magnetic saturation reaches a constant 
value very early during aging, and is independent 
of whether a field was applied. 

3) The effect of the field occurs only after the 
precipitation is complete, during resolution and 
growth of the particles. 

4) The torque produced by the field reaches a 
maximum and decreases again with increasing aging 
times in the field. 

5) The maximum effect produced by aging 
in a field corresponds to an anisotropy energy of 
at least 10° ergs per cu cm of precipitate. 

6) The torque maximum occurs before the 
maximum in intrinsic coercive force, Ho;. 

7 The remanence and intrinsic coercive force 
are greater in the annealing field direction. 

8) The coercive force to reduce the remanence 
to zero, Hox, is greater transverse to the annealing- 
field direction than parallel to it. 

9) The distribution of particle anisotropies 
present is not a function of whether a field was on 
during aging. 

10) A very small amount of precipitate has 
been observed having rotational hysteresis corres- 


ponding to an anisotropy field of more than 8000 
oersteds. 


Postulated Description of the Precipitation Process 


All of the experimental observations listed in 
the foregoing are consistent with the following gen- 
eral description of the precipitation process. 

During aging, nucleation of the coherent face- 
centered cubic cobalt-rich precipitate proceeds ex- 
tremely rapidly. Precipitation is practically com- 
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Fig. 10—Variation of coercive force for zero remanence, 
Hor, with aging time. 


plete within a minute or so at the temperatures 
studied. From then on, as aging proceeds, re-solution 
and growth cause the average particle size to in- 
crease and the number of particles to decrease, the 
total amount of precipitate remaining constant. In 
regions I and II, the particles are small enough to 
be spontaneously magnetized to saturation. This will 
cause each particle to grow relatively longer in the 
direction in which it is magnetized, since elongation 
of a particle of given volume will reduce its mag- 
netostatic energy. This tendency is counteracted by 
surface tension, which will tend to keep the particle 
spherical. There is thus an equilibrium shape for 
each particle size, which has nothing to do with 
any applied field. Assuming the particle ellipsoidal, 
the shape can be calculated in a straightforward 
way.” The result is that the eccentricity increases 
with V’’ I,*/o, where V is the volume of the par- 
ticle, I, its magnetization, and o the specific sur- 
face energy. This mechanism is especially impor- 
tant when o is small, as in a coherent precipitate. 
For V=10™* cu cm, which is in the superpara- 
magnetic range for this alloy,” I, = 1300, and o 
= 10 ergs/ecm’, which is on the order of a twin- 
boundary energy, the axial ratio is about 1.2 to l. 
This shape will give the particles a magnetic anisot- 
ropy which is responsible for their coercive force 
when they are in region II. With a field on during 
aging, the equilibrium shape is not affected, but 
particles growing with their magnetization (and 
thus their long axes) parallel to the field are ener- 
getically favored. The distribution of particle 
shapes (and thus anisotropies) is not affected by 
the field but the degree of alignment is. The rota- 
tional hysteresis measurement, as pointed out above, 
shows this directly. 

The rise of the torque to a maximum and its 
subsequent fall as annealing in a field is continued 
can be explained as follows: The position of the 
boundary between regions I and II moves to larger 
size with increasing temperature. At the annealing 
temperature, size distributions for successive times 
would look something like 1, 2, and 3 in Fig. 11. 
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Fig. 11—Postulated size distributions and magnetic properties 
during aging. 


The higher the susceptibility of the particles at the 
annealing temperature, the greater the effect of the 
1000-oersted annealing field. It will be a maximum 
at a time corresponding to distribution 2 in Fig 10. 
In these experiments, distribution 2 at 800C puts 
many of the particles in the beginning of region II 
at room temperature, as is shown by the large and 
anisotropic remanence early in the 800C run, 
Fig. 8. However, H,; is decreased by the presence of 
some high-permeability superparamagnetic particles 
and does not reach its maximum until somewhat 
later, when most of them are gone, as Fig. 9 shows. 

The fact that the increase in remanence upon 
cooling from room temperature to 77K is greatest 
early in the aging also shows that in the early 
stages the precipitate consists of a mixture of 
superparamagnetic and permanent-magnet par- 
ticles. The boundary between I and II moves to 
smaller sizes as the temperature is lowered, so 
many particles which were in region I at room 
temperature become permanent-magnet particles 
at 77K and increase I, accordingly. At 80 min, on 
the other hand, the precipitate consists mostly of 
II and III particles at room temperature, and cool- 
ing makes little difference. 

On this basis it is also possible to explain the re- 
markable fact that Hc, perpendicular to the anneal- 
ing-field direction is greater than Hee parallel to it. 
The coercive force decreases gradually with in- 
creasing particle size. The particles which are most 
strongly aligned, size a in Fig. 11, are larger and have 


Fig. 12—Randomly 
oriented small 
particles plus 
aligned larger 
particles. 
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Fig. 13—Field direction during magnetic annealing lower 
left to upper right. X25,000. Reduced approximately 37 pct 
for reproduction. 


lower room-temperature coercive force than those at 
size b, which are less strongly aligned. For simplicity, 
consider a group of randomly oriented particles with 
a range of coercive forces, plus some larger aligned 
particles with smaller coercive forces, asin Fig 12. 
Some field He,’ is necessary to leave half the group 
of random particles reversed, independent of direc- 
tion. Her will equal He,’ if measured perpendicular 
to the long axis of the aligned particles, since they 
cannot contribute any magnetization in this direc- 
tion. Measured along their axis, the field required 
to leave half the material reversed is less, since now 
the large particles will be left reversed by a field less 
than Hor’. The remanence is still greatest in the 
parallel direction, as observed. So also is the intrin- 
sic coercive force, H¢:, since it is determined largely 
by the superparamagnetic particles present; and 
they will reduce the perpendicular magnetization 
to zero in a smaller field, since the remanence in this 
direction is less to begin with. 


Origin of Particle Anisotropy—Although the 
shape-anisotropy hypothesis seems attractive, there 
remains the possibility that the anisotropy is due to 
strain-magnetostriction interactions or to magneto- 
crystalline anisotropy. The first can be ruled out 
immediately as too small. The anisotropy energy per 


unit volume of cobalt-rich phase deduced from the 
torque curves is 10° ergs per cu cm, and this is a 
lower limit. The anisotropy energy due to magneto- 
strictive strain frozen in on cooling from the aging 
temperature is on the order % °E. Taking 10~ for 
» and 10” for E gives only 500 ergs per cm. 

Crystal anisotropy has the wrong symmetry. The 
magnetic annealing anisotropy is uniaxial, while 
the magnetocrystalline anisotropy of face-centered- 
cubic cobalt is cubic.” The only conceivable way to 
get a uniaxial anisotropy out of cubic particles is to 
favor those having an easy direction along the field, 
regardless of their orientation with respect to rota- 
tion around it. However, this would mean favoring 
precipitation only in certain grains, since for this 
completely coherent precipitate there is only one 
precipitate orientation per grain. This would make 
the saturation (amount of precipitate) strongly de- 
pendent on the presence of an annealing field, which 
it is not. 

The electron microstructure of the precipitate 
after 10 min at 800°C (maximum torque) is shown 
in Fig. 13. Unfortunately it neither proves nor dis- 
proves the shape-anisotropy hypothesis, because the 
requisite particle elongation is not great. An axial 
ratio of 1.2 to 1 could give a coercive force of 2100 
oersteds, and an anisotropy energy of 2.7X10° ergs 
per cu cm, more than enough to account for all the 
observations. In view of the other arguments pre- 
sented, the shape-anisotropy hypothesis appears the 
most reasonable at the moment. It is also generally 
believed to be correct for Alnico, in which the elong- 
ation of the particles is more obvious.’ 


Summary 

A number of magnetic properities have been 
observed during the course of aging in a Cu-Co alloy. 
In particular, the effect of a field during aging in 
producing magnetic anisotropy is shown to occur 
entirely during the growth of the particles, after the 
precipitation is complete. 

The picture of the precipitation process as one in 
which the particles pass through regions of charac- 
teristically different magnetic properties as they 
grow in size supplies a point of view that is con- 
sistent with all of the varied phenomena observed. 
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